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Summary 


In  all  cases  of  discontinuous  SiC/Al  metal  matrix  it  was  pre 
viously  shown  that  classical  composite  strengthening  mechanisms 
could  not  be  used  to  explain  the  data.  A  high  dislocation 
density  model  was  proposed  to  account  for  the  strengthening, 
but  other  factors  such  as  residual  stress  and  texture  could 
contribute.  These  were  investigated  and  it  was  shown  that 
texture  had  no  effect  and  residual  stress  reduced  the  tensile 
yield  stress.  The  fracture  process  is  matrix  controlled  up  to 
SiC  particle  sizes  of  20  pm  and  above  where  fracture  of  SiC 
begins  to  dominate.  The  matrix  is  influenced  by  residual  hydro 
static  tension  and  high  density  of  dislocations  generated  at 
SiC/Al  interfaces.  Crack  initiation  fracture  toughness  does 
not  depend  on  SiC  particle  size.  Crack  growth  fracture  tough¬ 
ness  increases  as  the  size  of  the  SiC  particles  increases. 
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ANOMALOUS  DIFFUSION  AT  INTERFACES  IN 
METAL-MATRIX  COMPOSITES 

R.  J.  Arsenault 

University  of  Maryland 
College  Park.  MD  20740,  USA 

C.  S.  Pande 

Naval  Research  Laboratory 
Washington.  DC  20375-5000,  USA 


ABSTRACT 

A  basic  premise  of  most  theories  of  composite 
strengthening  is  that  a  bond  of  some  type  exists 
between  the  matrix  and  the  reinforcement.  Such 
bonding,  in  two  composites,  Al-SiC,  and  Cu-W  was 
investigated  by  high  resolution  electron  micros¬ 
copy  and  scanning  Auger  microprobe  analysis.  The 
chemistry  and  microstructure  of  the  interfaces 
were  investigated  in  detail.  Surprisingly  high 
penetration  of  the  matrix  into  the  reinforcement 
was  detected  by  the  Auger  analysis.  Independent 
x-ray  analysis  in  thin  films  of  the  composites  in 
STEM  confirmed  the  Auger  results  in  Al-SiC. 
Observed  penetration  depths  were  several  order  of 
magnitudes  higher  than  that  predicted  by  a  bulk 
diffusion  mechanism. 


IN  ORDER  TO  HAVE  OBSERVABLE  PENETRATION  of  one 
element  (A)  into  a  solid  block  of  a  second  ele¬ 
ment  (B)  at  least  two  requirements  have  to  be 
satisfied:  first,  there  has  to  be  some  solu¬ 
bility  of  A  in  B,  and  second,  the  rate,  i.e.,  the 
diffusivity,  has  to  be  rapid  enough  so  that  the 
investigation  can  be  completed  in  a  reasonable 
amount  of  time.  Because  of  the  considerable 
interest  in  composites  consisting  of  Si C  in  A1 
alloys  matrices  (1,2),  the  nature  of  the  inter¬ 
face  between  SiC  and  A1  is  important. 

There  have  been  several  investigations  of 
the  diffusion  of  A1  into  SiC  (3,4),  where  A1  is 
used  as  an  agent  in  the  sintering  of  SiC.  A1  has 
also  been  used  in  the  joining  of  SiC  pieces  (5). 
Chang  et  al  (3)  and  Tajima  et  al  (4)  obtained  the 
activation  energy  of  diffusion  and  D0.  However, 
these  investigations  were  conducted  at  high  tem¬ 
peratures  (-2000  K) .  A  solubility  limit  of  I  wt% 
Al  in  SiC  at  2073  K  was  determined  by  an  ion 
implantation  investigation  (6).  There  have  been 
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several  investigations  of  the  reaction  of  Al  and 
SiC  to  determine  the  conditions  under  which  AI4C3 
will  form  (7-9).  All  of  these  investigations 
were  conducted  at  temperatures  above  the  melting 
point  of  Al ,  and  in  most  cases  reactions  were 
reported.  Iseki  et  al  conducted  a  systematic 
investigation  of  the  reaction  molten  Al  with  two 
different  types  of  sintered  SiC  (5).  In  one 
case,  they  observed  a  reaction  with  the  formation 
of  particles  of  AI4C3  of  about  0.1  to  I  urn  in 
diameter.  In  the  other  case  (which  had  excess  Si 
in  the  SiC)  AI4C3  did  not  form,  but  they  did 
find,  by  means  of  transmission  electron  micros¬ 
copy  (TEM) ,  that  cracks  had  formed  in  the  SiC  due 
to  the  difference  in  thermal  coeficient  of  expan¬ 
sion. 

The  purpose  of  this  investigation  was  to 
determine  whether  a  reaction  between  Al  and  SiC 
had  occurred  during  the  fabrication  of  commercial 
SiC/Al  composites  produced  by  ARCO-Silag  and  DMA. 
We  also  wanted  to  determine  if  any  Si  or  C  had 
diffused  into  the  Al  matrices  or  if  the  highly 
unlikely  case  of  Al  diffusion  into  SiC  had 
occurred. 

RESULTS 

A  scanning  Auger  microprobe  analysis*  was 
undertaken  of  fractured  Si C/ Al  samples  from  com¬ 
posites  purchased  from  ARCO-Silag.  These  samples 
were  produced  by  hot  pressing  Al  powder  and  SiC 
whiskers,  followed  by  hot  extrusion.  Although 
the  exact  maximum  temperature  to  which  the  com¬ 
posite  was  exposed  is  not  known,  it  was  less  than 
933  K.  These  samples  were  fractured  in  the  scan¬ 
ning  Auger  microprobe  and  examined  shortly  there¬ 
after.  There  were  no  differences  in  signal  as  a 
function  of  position;  in  other  words,  a  100%  Al 
signal  was  obtained  from  the  matrix  as  well  as 
from  all  possible  areas  on  the  SiC  whiskers,  as 


*The  Auger  microprobe  analysis  was  performed  at 
the  Center  for  Research  in  Surface  Science  and 
Submicron  Analysis,  Montana  State  University. 
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shown  in  Figure  1.  A  possible  explanation  of  the 
essentially  1U0%  A1  content  on  the  whisker  is 
that  the  A1  could  just  be  mechanically  adhering. 
This  is  analogous  to  having  a  coating  of  butter 
on  a  knife  when  it  is  pulled  out  of  a  tub  of 
butter.  Therefore,  a  series  of  etching  experi¬ 
ments  were  conducted  in  the  microprobe,  but  it 
was  only  after  considerable  sputtering  (which  is 
basical ly  an  Ar  ion  milling  operation)  that  a  Si 
and  C  signal  could  be  obtained.  The  sputtered 
etching  was  interrupted  at  intervals  and  surfaces 
of  the  whiskers  were  examined,  there  were  no 
indications  of  Si02,  AI2O3,  AI4C3.  The  fracture 
surface  had  to  be  sputter  etched  to  a  consider¬ 
able  depth  before  Si  or  C  was  detectable.  Figure 
2  is  a  scanning  electron  micrograph  (SEM)  taken 
in  the  microprobe  after  sufficient  sputter 
etching  had  taken  place  so  that  SiC  could  be 
detected.  This  result  led  us  to  the  belief  that 
the  A1  had  diffused  into  the  SiC. 


Fig.  1  -  A  SEM  micrograph  taken  in  the  Auger 
microprobe  of  the  fracture  surface  of  a  whisker 
SiC-Al  composite. 


Fig.  2  -  A  SEM  micrograph  taken  in  the  Auger 
microprobe  of  the  surface  of  SiC-Al  composite 
after  sputter  etching  (Ar  ion  milling). 


In  order  to  determine  whether  this  is  a  real 
effect  and  not  a  sputtering  artifact,  several 
samples,  which  were  metal lographical ly  polished, 
were  examined  in  the  Auger  microprobe.  The  data 
from  a  platelet  0/  SiC  sample  from  DWA,  are  shown 
in  Figure  3.  The  samples  were  produced  by  hot 
pressing  A1  alloy  powder  with  platelet  SiC,  and 
again,  the  exact  temperature  at  which  the  hot 
pressing  occurred  is  not  known.  In  the  SEM  the 
scanning  Auger  probe  traces  are  superimposed: 
one  for  A1  and  the  other  for  Si.  This  shows  that 
A1  has  penetrated  or  diffused  into  the  SiC,  but 
there  is  no  Si  or  C  in  the  matrix.  When  the 
sample  was  sputter  etched  and  the  process 
repeated,  the  result  was  basically  the  same.  In 
order  to  determine  the  effect  of  sputtering 
(i.e.,  could  the  sample  surface  become  cross- 
contaminated  by  the  sputtering  operation),  the 
sample  was  removed,  etched  slightly  with  Keller's 
etch,  and  then  put  back  into  the  microprobe.  The 
process  was  then  repeated  and  again  the  same 
results  were  obtained.  Figure  4  is  the  detailed 
Auger  probe  analysis  of  the  Si  and  A1  traces;  the 
C  trace  superimposes  right  on  the  Si  trace.  The 
interface  is  then  defined  as  having  finite  width 
which  is  the  maximum  probe  size  that  is  associ¬ 
ated  with  the  scanning  microprobe  apparatus. 


Fig.  3  -  A  SEM  micrograph  taken  in  the  Auger 
microprobe,  on  which  the  A1  and  Si  Auger  probe 
traces  have  been  superimposed. 


A  scanning  transmission  electron  microscope 
(STEM)  analysis  was  conducted  on  SiC/Al  samples 
in  order  to  further  validate  these  results,  and 
Figure  5  is  a  result  of  an  energy  dispersive  X- 
ray  analysis  from  the  STEM  using  a  thin  foil  of 
the  composite.  It  is  obvious  that  again  there  is 
evidence  of  A1  diffusion  into  the  SiC.  In  this 
particular  case  the  probe  size  is  much  smaller 
(-5.0  nm)  than  that  in  the  scanning  Auger  analy¬ 
sis.  The  thickness  of  the  specimen  was  100-150 
nm  (accelerating  voltage,  of  the  electrons  200 
kV);  thus,  the  spatial  resolution  of  the  tech¬ 
nique  was  about  30  nm,  several  times  times  smal¬ 
ler  than  the  range  of  penetration  observed. 
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microns 

Fig.  4  -  An  Auger  mi croprobe  analysis  of  SiC-Al  . 
Tne  relative  intensities  of  Si  and  A1  are  plotted 
across  the  matrix,  a  particle  of  SiC  and  again 
t he  matri x. 


DISTANCE  FROM  CENTER  OF  PARTICLE  (nm) 


Fig.  b  -  A  STEM  EUAX  analysis  of  A1  concentration 
as  a  function  of  location  ( Iai / 1  Si  plotted  in 
a  roi trary  units) . 

DISCUSSION 

In  the  Introduction,  it  was  mentioned  that  a 
solubility  limit  of  1  wt%  A1  in  SiC  had  been 
i  measured  at  2073  K.  However,  the  maximum  temper¬ 
ature  to  which  these  samples  were  exposed  was 
I  ess  than  933  K.  Warren  and  Anderson  have 

theoretically  produced  two  constant  temperature 
terniary  diagrams  at  773  K  and  1073  K  for  SiC- 
Al-C.  In  both  of  these  diagrams  there  is  zero 
solubility  of  A1  in  SiC.  However,  from  the 

second  law  of  thermodynamics  the  presence  of  A1 

in  SiC  can  be  explained,  for  is  a  reduction  in 

the  free  energy  due  to  entropy  of  mixing,  but  if 
the  solubility  limit  is  1  wt%  at  2073  K  it  is 
very  difficult  to  understand  how  the  solubility 
j  could  be  greater  at  less  than  933  K.  If  an 
approximation  is  made  for  the  relative  intensi¬ 
ties  of  SiC  and  Al ,  it  appears  that  there  is  a 


significant  concentration  of  Al  in  the  Si C.  The 
nature  of  the  Al  in  SiC,  i.e.,  whether  it  is 
i  ntersti t ial ly ,  substitutional ly  ,  or  nonuni- 
formally  distributed,  is  not  known.  It  may  be 
possible  that  very  small  microcracks  occur  along 
the  microtwin  boundaries  in  the  SiC.  Figures  6 
and  7  are  TEM  of  a  SiC  whisker  and  a  SiC  plate¬ 
let,  respectively.  The  stirations  in  the  SiC 
have  been  identified  as  microtwins  (10).  It 
should  be  kept  in  mind  that  Iseki  and  co-workers 
(5)  has  reported  the  existence  of  microcracks  in 
SiC  due  to  difference  in  coefficient  of  thermal 
expansion  between  Al  and  SiC. 


Fig.  6  -  A  TEM  micrograph  of  SiC  whisker  produced 
by  ARCO-Si 1 ag. 


Fig.  7  -  A  TEM  micrograph  of  a  SiC  platelet  which 
was  produced  by  DWA. 

As  stated  above,  the  observations  of  Al 
penetration  into  SiC  to  the  extent  observed  are 
unexpected.  There  have  been  at  least  two 
investigations  of  Al  diffusion  into  SiC  (3,4), 
and  from  those  investigations  it  is  possible  to 
calculate  the  mean  diffusion  distance  X  at  773  K, 
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X  =  /Dt  (1) 

where  0  =  U0e  -y/RT,  t  is  the  time  of  diffusion, 
Q  for  Al-SiC  system  is  471  kJ/mol,  and  0^  equals 
1 .8  cm^/  sec.  The  value  of  X  is  less  than  0.1  nm 
per  year.  (The  values  of  D0  and  y  given  in 
literature  vary  substantially  from  each  other. 
However,  all  of  these  values  give  a  value  of  X 
orders  of  magnitude  lower  than  the  observed  pene¬ 
tration.)  Obviously,  this  does  not  agree  with 
the  present  data. 

CONCLUSIONS 

From  a  consideration  of  the  experimental 
results,  the  following  conclusions  can  be  made: 

1.  It  is  highly  unlikely  that  the  presence 
of  AI  in  SiC  can  be  explained  by  a  conventional 
diffusion  analysis. 

2.  It  is  possible  that  the  penetration 

ODserved  is  due  to  the  presence  of  Al  along 

microcracks  which  may  occur  at  the  microtwin 
interfaces.  The  microtwin  interfaces  themselves 
should  not  act  as  short  circuit  diffusion  packs. 

3.  It  is  possible  that  the  observed  pene¬ 
trations  of  Al  into  SiC  are  experimental  arti- 

f  acts . 
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An  In  Situ  HVEM  Study  of  Dislocation  Generation 
at  Al/SiC  Interfaces  in  Metal  Matrix  Composites 

MARY  VOGELSANG.  R.J.  ARSENAULT,  and  R.M.  FISHER 

Annealed  aluminum/silicon  carbide  (Al/SiC)  composites  exhibit  a  relatively  high  density  of  dis¬ 
locations,  which  are  frequently  decorated  with  fine  precipitates,  in  the  A1  matrix.  This  high  dislocation 
density  is  the  major  reason  for  the  unexpected  strength  of  these  composite  materials.  The  large 
difference  (10:1)  between  the  coefficients  of  thermal  expansion  (CTE)  of  A1  and  SiC  results  in 
sufficient  stress  to  generate  dislocations  at  the  Al/SiC  interface  during  cooling.  In  this  in  situ 
investigation,  we  observed  this  dislocation  generation  process  during  cooling  from  annealing  tem¬ 
peratures  using  a  High  Voltage  Electron  Microscope  (HVEM)  equipped  with  a  double  tilt  heating 
stage.  Two  types  of  bulk  annealed  composites  were  examined:  one  with  SiC  of  discontinuous  whisker 
morphology  and  one  of  platelet  morphology.  In  addition,  control  samples  with  zero  volume  percent 
were  examined.  Both  types  of  composites  showed  the  generation  of  dislocations  at  the  Al/SiC 
interface  resulting  in  densities  of  at  least  lO'  ljn’2.  One  sample  viewed  end-on  to  the  whiskers  showed 
only  a  rearrangement  of  dislocations,  whereK,  the  same  material  when  sectioned  so  that  the  lengths 
of  whiskers  were  in  the  plane  of  the  foil,  showed  the  generation  of  dislocations  at  the  ends  of  the 
whiskers  on  cooling.  The  control  samples  did  not  show  the  generation  of  dislocations  on  cooling 
except  at  a  few  large  precipitate  particles.  The  results  support  the  hypothesis  that  the  high  dislocation 
density  observed  in  annealed  composite  materials  is  a  result  of  differential  thermal  contraction  of  A1 
and  SiC.  The  SiC  particles  act  as  dislocation  sources  during  cooling  from  annealing  temperatures 
resulting  in  high  dislocation  densities  which  strengthen  the  material. 


I.  INTRODUCTION 

The  incorporation  of  20  vol  pet  discontinuous  SiC  whisk¬ 
ers  into  a  6061  A1  matrix  increases  the  yield  strength  of 
annealed  powder  compacted  6061  A1  alloy  by  more  than  a 
factor  of  two.  This  increase  in  strength  cannot  be  explained 
directly  by  continuum  mechanics  theories.  Continuum  me¬ 
chanics  formulations  developed  by  Piggott1  and  applied  to 
the  case  of  discontinuous  Al/SiC  composites  by  Arsenault3 
predict  an  ultimate  strength  of  only  186  MPa  for  20  vol  pet 
SiC  composite,  whereas  the  measured  value  of  ultimate 
strength  for  this  material  is  448  MPa.  Arsenault  and  Fisher  ' 
proposed  that  the  increased  strength  could  be  accounted  for 
by  a  high  dislocation  density  in  the  A1  matrix  which  is 
observed  in  bulk  composite  material  annealed  for  as  long  as 
12  hours  at  810  K. 

The  dislocation  generation  mechanism  proposed  by 
Arsenault  and  Fisher  to  account  for  this  high  dislocation 
density  is  based  on  the  large  difference  (10: 1)  in  coefficients 
of  thermal  expansion  (CTE)  of  A1  and  SiC.4  When  the 
composite  is  cooled  from  elevated  temperatures  of  an¬ 
nealing  or  processing,  misfit  strains  occur  due  to  differential 
thermal  contraction  at  the  Al/SiC  interface  which  are  suf¬ 
ficient  to  generate  dislocations. 

Chawla  and  Metzger,  in  an  elegant  investigation  of  Cu/W 
composites  using  etch-pitting  techniques,  observed  a  high 
dislocation  density  at  the  Cu/W  interface  which  decreased 
with  increasing  distance  from  the  interface.5  They  observed 
that  if  the  volume  fraction  of  W  was  15  pet,  the  minimum 
dislocation  density  in  the  matrix  was  7  x  10"  m~3  in- 
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creasing  to  4  x  1013  m“3  at  the  interface  of  W  and  Cu,  and 
concluded  that  the  dislocations  were  caused  by  the  differ¬ 
ences  (4:1)  in  CTE  of  Cu  and  W.  Recalling  that  the  CTE 
difference  between  A1  and  Si  is  10:1,  i.e.,  more  than  twice 
as  great  as  the  Cu/W  system,  one  would  expect  thermal 
stresses  in  Al/SiC  to  be  sufficient  to  generate  dislocations  in 
this  composite. 

Other  causes  may  also  contribute  to  the  high  dislocation 
density  observed  in  annealed  Al/SiC  material.  Dislocations 
are  introduced  into  this  material  during  the  plastic  defor¬ 
mation  processes  of  manufacturing,  such  as  extrusion.  Dur¬ 
ing  annealing,  the  dislocations  introduced  during  processing 
may  not  be  annihilated;  they  could  be  trapped  by  the  SiC, 
resulting  in  a  high  dislocation  density  after  annealing. 

It  is  important  to  determine  the  origins  of  the  high  d  - 
location  density  in  the  composite  since  the  strength  of  the 
composite  depends  on  the  high  density.  If  the  differen¬ 
tial  thermal  contraction  is  the  cause  of  the  dislocations,  as 
Arsenault  and  Fisher’  suggest,  then  dislocations  should  be 
observed  being  generated  in  a  composite  thin  foil  sample 
on  cooling  from  annealing  temperatures  in  an  in  situ, 
HVEM  experiment. 

In  situ  dynamic  HVEM  experiments  have  certain  advan¬ 
tages  over  other  experimental  techniques.  The  major  advan¬ 
tage  is  that  direct  observation  of  a  dynamic  process  altering 
a  microstructure  is  possible  while  the  deforming  force,  in 
this  case  a  thermal  stress,  is  operating.  Operating  at  higher 
voltages  allows  penetration  of  thicker  samples  so  that  sur¬ 
face  effects  are  minimized  and  bulk  behavior  is  more  closely 
approximated.  Also,  a  high  voltage  microscope  can  better 
accommodate  special  stages  required  for  in  situ  work  be¬ 
cause  of  the  large  pole  piece  region. 

Numerous  in  situ  HVEM  heating  stage  investigations  of 
A!  have  been  performed.  Hale  et  al 6  and  Caillard  and 
Martin7  investigated  dislocation  motion  during  creep  at 
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elevated  temperatures  using  HVEM.  Kivilahti  et  al*  ob¬ 
served  an  Al-2  pet  Mg  alloy  in  situ  during  recovery 
processes  at  elevated  temperatures  recording  dislocation 
interactions  on  videotape.  Shimotomori  and  Hasiguti9  ob¬ 
served  in  situ  prismatic  punching  of  dislocation  loops  at 
second  phase  precipitates  in  an  Al-1 .3  pet  Li  alloy.  Electron 
irradiation  of  A1  at  elevated  temperatures  has  been  exten¬ 
sively  studied  using  HVEM.10  " 

There  have  been  several  non-dynamic,  non- in  situ  TEM 
investigations  of  dislocations  about  particles  in  a  metal  ma¬ 
trix.  Weatherly12  observed  multiple  slip  mode  dislocation 
tangles  around  silica  in  Cu,  and  concluded  they  were  caused 
by  differential  thermal  contraction  of  the  two  materials  on 
quenching.  Ashby  et  al.'3  observed  dislocations  about  pres¬ 
surized  silica-Cu,  noting  a  critical  size  dependence  for  dis¬ 
location  generation.  Williams  and  Garmong14  reported  a 
high  incidence  of  dislocations  at  the  Ni/W  interface  in  this 
directionally  solidified  eutectic  composite. 

Calculations  of  the  dislocation  density  in  Al/SiC  due  to 
thermal  stresses  predict  high  dislocation  densities.  The  mis¬ 
fit  strain  which  develops  at  the  circumference  of  a  1  /xm 
diameter  SiC  particle  due  to  differential  thermal  contraction 
during  cooling  is  approximately  1  pet.  The  plastic  strain  at 
one-half  the  interparticle  spacing,  obtained  from  Lee 
et  al.,'s  ranges  from  1  to  2  pet.  The  dislocation  density  can 
be  simply  calculated  from  the  following  equation: 

£P  =  pLb  .  [11 

where  ep  is  the  plastic  strain  (1  pet),  p  is  the  dislocation 
density  (m2)  generated,  L  is  the  average  distance  moved  by 
the  generated  dislocations,  which  was  taken  to  be  1/2  the 
inter-whisker  spacing,  i.e.,  2  jam,  and  b  is  the  Burgers 
vector  of  Al.  The  p  obtained  is  1.8  x  1015  m~2. 

Consideration  of  another  type  of  dislocation  described  by 
Ashby16  predicts  additional  dislocations  in  the  matrix.  These 
dislocations  are  called  “geometrically  necessary"  disloca¬ 
tions  by  Ashby,  and  occur  in  order  to  allow  compatible  de¬ 
formation  of  a  system  with  geometrical  constraints  such  as 
hard  particles  which  do  not  deform  as  the  surrounding  duc¬ 
tile  matrix.  These  geometrically  necessary  dislocations  are 
required  if  the  deformation  takes  place  without  the  for¬ 
mation  of  voids  about  the  hard  particles.  Slip  dislocations 
are  a  function  of  the  material  properties  of  the  system,  and 
are  not  dependent  on  the  microstructural  constraints.  Ac¬ 
cording  to  Ashby,  the  density  of  geometrically  necessary 
dislocations,  pc\  is  given  by: 


where  Ac  is  the  “geometrical  slip  distance"  analogous  to  toe 
slip  distance  in  pure  crystals.  For  platelet  particles,  AG  is 
equal  to  the  length  of  the  plate  and  y  is  the  shear  strain.  For 
a  1  pet  shear  strain  and  A17  =  4  gm,  p&  equals  approxi¬ 
mately  3  x  10”  trf:.  Taking  these  dislocations  into  account 
results  in  a  further  addition  to  the  predicted  dislocation  den¬ 
sity  in  the  Al  matrix 

The  purpose  of  this  investigation  was  to  determine  if 
dislocation  generation  occurs  at  the  Al/SiC  interface  on 
cooling  a  composite  from  annealing  temperatures,  and  to 
determine  if  the  observed  densities  of  dislocations  generated 
during  cooling  are  in  agreement  with  densities  predicted  by 
theoretical  calculations. 


II.  MATERIAL  9 

Three  types  of  material  were  examined.  The  first  was  a 
SiC  whisker  composite  purchased  from  ARCO-Silag.  It  is  a 
powder  metallurgy  product:  6061  Al  alloy  powder  is  com¬ 
pressed  with  SiC  whiskers  to  form  a  billet;  then  the  billet  is 
extruded  to  align  the  whiskers  and  form  a  12.5  mm  diameter 
rod.  Three  different  volume  fractions  of  SiC  were  consid¬ 
ered:  0  pet,  5  pet,  and  20  pet.  The  zero  vol  pet  material 
served  as  a  control. 

The  second  type  of  composite  was  purchased  from  DW'A, 
and  contains  SiC  of  platelet  morphology.  The  platelets  are 
5  to  7  jum  long  and  have  an  aspect  ratio  of  two  to  three.  This 
composite  is  also  a  powder  metallurgy  product  supplied  in 
the  form  of  a  plate,  and  the  third  type  of  material  was 
wrought  1100  grade  Al  in  the  form  of  a  12.5  mm  diameter 
rod,  and  it  was  in  the  as-received  condition.  This  material 
also  served  as  a  control. 


III.  SAMPLE  PREPARATION  AND 
EXAMINATION  PROCEDURE 

An  ion  milling  technique  was  required  for  the  production 
of  TEM  samples  due  to  the  SiC  in  the  Al  matrix. 

These  two  types  of  composite  and  the  0  vol  pet  control 
were  machined  into  rods  (12  mm  in  diameter,  4  cm  long), 
annealed  for  12  hours  at  a  solutionizing  temperature  of 
810  K,  and  furnace  cooled.  After  annealing,  slices  of 
0.76  mm  thickness  were  cut  by  electric  discharge  machin¬ 
ing  (EDM)  at  80  to  100  V.  Deformation  damage  from  EDM 
is  estimated  to  extend  0.20  mm  beneath  the  surface. 1718  The 
slices  were  fixed  to  a  brass  block  with  double-sided  tape  and 
surrounded  by  brass  shims,  then  mechanically  thinned  on  a 
rotating  water  flooded  wheel  covered  with  400  then  600  grit 
paper  to  remove  the  EDM  damage  and  reduce  the  thickness 
to  approximately  0. 127  mm.  Final  thinning  was  carried  out 
using  argon  ion  plasma  bombardment,  operating  at  6  kV, 
and  ion  current  of  50  micro  amperes  and  a  sample  inclina¬ 
tion  of  15  deg  to  the  ion  beam.  For  these  operating  parame¬ 
ters  the  projected  range,  or  average  distance  the  argon  ion 
travels  into  the  foil,  is  only  20  nm.19-20  Dupuoy21  conducted 
an  in  situ  ion  thinning  experiment  on  Fe  and  Al-Ag  speci¬ 
mens  using  a  3  MV  microscope.  Dislocation  arrangements 
and  microstructures  in  Al-Ag  and  Fe  were  not  altered  by  ion 
thinning  even  though  some  point  defects  are  introduced  into 
the  near  surface  region  of  the  sample  by  ion  bombardment. 
Therefore,  it  can  be  concluded  that  ion-milling  does  not 
introduce  or  remove  dislocations  in  the  TEM  foils. 

The  1100  grade  Al  control  samples  were  prepared  from 
the  as-received  wrought  rod  in  the  same  manner  as  the 
composite  samples,  except  electro-polishing  was  employed 
instead  of  ion-thinning. 

The  thinned  samples  were  then  observed  in  the  HVEM 
operating  at  800  kV  with  a  beam  current  of  2.3  pA.  A 
double  tilt,  side-entry,  furnace  type  heating  stage  was  used 
to  heat  the  specimen.  While  being  observed  in  the  micro¬ 
scope,  the  samples  were  heated  to  800  K  and  held  for  15 
minutes,  then  cooled  to  ambient  temperature.  Subgrains 
exhibiting  dislocations  in  contrast  were  chosen  for  obser¬ 
vation.  During  heating  and  cooling,  thermal  drift  of  the 
stage  and  thermal  expansion  and  contraction  of  the  sample 
caused  the  chosen  subgrain  to  move .  In  order  to  maintain  the 
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same  subgrain  in  the  field  of  view  at  the  same  crystal¬ 
lography  orientation,  it  was  necessary'  to  slightly  translate 
and  tilt  the  specimen  almost  continuously.  Since  changing  to 
SAD  conditions  during  cycling  to  monitor  orientation  would 
have  resulted  in  loss  of  the  chosen  area  from  the  field  of 
v  iew,  the  orientation  was  maintained  constant  bv  monitoring 
the  contrast  of  microstructures  such  as  a  subgrain  boundary 
or  SiC/Al  interface  in  the  bright-field  mode.  One  thermal 
cycle  required  about  one  hour,  and  most  of  the  samples  were 
observed  throughout  several  thermal  cycles.  The  thickest 
regions  of  the  sample  penetrated  by  the  beam  were  chosen 
for  observation,  and  at  operating  voltage  of  800  KV  the 
beam  will  penetrate  0.8  /am  thick  Al."  The  dislocation  den¬ 
sity,  p.  was  determined  by  a  line  intercept  method  adapted 
from  Hale.2'  A  grid  of  lines  is  placed  over  the  TEM  micro¬ 
graph,  then  the  intersections  of  dislocation  lines  with  the 
grid  lines  are  counted.  The  dislocation  density,  p,  is  given 
by 

2,V 


where  ,V  is  the  number  of  dislocation  intersections  with  the 
grid  lines.  L  is  the  length  of  the  grid  lines  divided  by  the 
magnification,  t  is  the  thickness  of  the  sample  (0.8  /am), 
and  the  I'-ngth  of  the  lines  on  the  grids  was  0.58  m.  Each 
reported  dislocation  density  is  an  average  value  obtained 
from  3  to  10  micrographs. 

IV.  RESULTS 

The  discussion  of  the  experimental  results  w  ill  be  divided 
into  three  pans:  0  vol  pet,  5  vol  pet,  and  20  vol  pet  of  SiC. 
In  al!  cases,  typical  results  will  be  described.  A  total  of  800 
micrographs  were  taken. 

A  Controls,  0  Vol  Pet  SiC,  6061  Al,  and  1 100  Al 

The  0  vol  pet  6061  Al  control  sample  had  a  large  sub¬ 
grain  size  (approximately  5  /am)  and  a  low  dislocation  den¬ 
sity  (8  x  10i:  nT:)  (Figure  1(a)).  A  few  of  the  larger 
second  phase  precipitate  particles  (Mg2Si)  were  surrounded 
by  dislocation  tangles  bowing  out  from  the  precipitate  inter¬ 
face  (Figure  1(b)).  On  heating,  the  dislocations  began  to 
move  in  the  sample,  migrating  away  from  the  particles. 
Other  dislocations  were  also  generated  in  other  areas  of  the 
subgrain  and  moved  through  the  matrix,  occasionally  being 
pinned  by  precipitate  panicles.  Eventually,  at  elevated  tem¬ 
peratures  (670  K),  all  of  the  dislocations  disappeared.  Slip 
traces  left  behind  when  the  dislocations  moved  also  disap¬ 
peared  at  temperatures  close  to  700  K,  possibly  due  to  sur¬ 
face  diffusion.  The  sample  was  held  at  800  K  for  about 
15  minutes. 

The  image  tended  to  be  out  of  focus  at  high  temperatures 
due  to  thermal  drift  of  the  stage  (Figures  1(b)  and  1(c)).  On 
cooling,  dislocations  reappeared  at  the  large  particle  inter¬ 
face  at  about  500  K,  sometimes  moving  faster  than  could  be 
seen.  The  dislocations  formed  tangles  in  the  vicinity  of  the 
precipitate;  however,  most  of  the  matrix  did  not  accumulate 
any  dislocations  (Figure  1(d)).  There  were  a  few  disloca¬ 
tions  generated  at  subgrain  or  grain  boundaries. 

The  1 100  Al  sample  had  a  dislocation  density  initially  of 
4  x  10,:  m  '2,  and  a  large  subgrain  size,  5  /cm  (Figures  2(a) 


and  2(b)).  Thicker  regions  containing  few  precipitates  were 
chosen  for  observation.  On  heating,  most  of  the  dislocations 
had  disappeared  upon  reaching  673  K.  At  this  temperature, 
the  heating  stage  mechanism  failed;  therefore,  the  sample 
never  reached  800  K,  but  heating  was  sufficient  to  remove 
the  dislocations  from  the  area  under  observation.  The  dis¬ 
locations  in  this  area  did  not  return  on  cooling,  except  a  few 
which  were  connected  to  precipitate  particles  (Figures  3(a) 
and  3(b)). 

B.  5  Vol  Pet  —  Transverse  and  Longitudinal  Whisker  SiC 

The  5  vol  pet  whisker  sample,  sectioned  transverse  to  the 
whiskers  so  that  the  hexagonal  whiskers  are  viewed  end-on 
in  the  microscope,  had  a  small  subgrain  size,  2.0  p.m,  and 
a  high  dislocation  density,  4  x  10"  nrf  \  in  the  subgrains 
(Figure  4(a)).  In  this  case,  on  heating  the  dislocations  did 
not  disappear  but  straightened  from  an  initially  bowed  con¬ 
figuration  and  became  more  regularly  spaced:  a  polygonized 
configuration.  These  dislocations  did  not  disappear  at  high 
temperatures  (Figures  4(b)  and  4(c)).  On  cooling,  the  dis¬ 
locations  again  bowed  away  from  the  Al/SiC  interface  but 
the  density  of  dislocations  did  not  increase;  if  anything,  the 
number  slightly  decreased  (Figures  4(d)  and  4(e)).  Several 
of  the  subgrains  appeared  to  change  shape  during  the  ther¬ 
mal  cycle;  however,  their  boundaries  did  not  move  past  the 
surrounding  SiC  whiskers. 

The  longitudinal  5  vol  pet  sample,  sectioned  parallel  to 
the  SiC  whisker  axis  so  that  the  whiskers  could  be  viewed 
lengthwise,  did  show  the  characteristic  disappearance  of  dis¬ 
locations  at  high  temperatures,  and  then  the  return  of  dislo¬ 
cations  on  cooling,  especially  at  the  ends  of  the  whiskers 
(Figures  5(a)  through  (f)).  The  parallel  lines  in  the  whiskers 
have  been  previously  identified  as  microtwins.24 

C.  20  Vol  Pet  Whisker  and  Platelet 

The  microstructure  of  the  20  vol  pet  whisker  sample  be¬ 
fore  heating  is  characterized  by  a  small  subgrain  size  of  the 
order  of  2  to  3  gm  and  also  by  a  dislocation  density  of  about 
!013  m'2  (Figure  6(a)).  The  sample  was  heated  while  focus¬ 
ing  on  a  single  subgrain  surrounded  by  several  SiC  whisk¬ 
ers.  The  dislocations  began  to  move  and  rearrange,  some 
moving  very  quickly,  and  eventually  disappearing.  Upon 
reaching  470  K  most  of  the  dislocations  had  disappeared. 
The  sample  was  heated  further  to  800  K  (Figure  6(b)),  held 
for  a  few  minutes,  and  then  cooled.  On  cooling,  dislocations 
reappeared  and  emanated  from  the  whisker  interface  form¬ 
ing  a  tangle  of  dislocations  in  the  small  subgrain.  Although 
some  dislocations  began  appearing  on  cooling  at  about 
473  K,  a  great  number  of  them  formed  at  temperatures  less 
than  373  K.  The  dislocation  density  after  cooling  was  com¬ 
parable  to  the  dislocation  density  before  the  thermal  cycle 
(Figures  6(c),  6(d),  and  6(e)).  When  black  spots  began  ob¬ 
scuring  the  picture,  another  area  free  of  the  black  spots  was 
moved  into  the  field  of  view. 

The  20  vol  pet  platelet  sample  (Figure  7(a))  exhibited  be¬ 
havior  similar  to  the  whisker  sample,  in  that  most  of  the 
dislocations  disappeared  upon  reaching  650  K  (Figure  7(b)), 
and  then  on  cooling,  dislocations  reappeared  (Figures  7(c) 
and  7(d)).  However,  certain  aspects  of  the  microstructural 
alterations  on  cooling  were  peculiar  to  the  platelet  sample. 
In  the  first  cycle,  the  dislocations  disappeared  and  then 
reappeared  on  cooling.  An  unusual  subgrain  was  observed 


Mt.TU  .11  KGIf.M  1 R  \  NS  ACTIONS  a 

'4 


VOl.lMH  17V  MARCH  IVX(>  .1X1 


Mr 


,'W. 


■*-  % 


jji  ui 


I  Mil 


hg  1  (ui  Micrograph  ot  j  control  sample  illustrating!  the  low  dislocation  density  and  the  large  grain  M/e  ol  annealed  powder  compacted  b06l  A!  with 
no  SiC  The  few  disUwations  present  tn  this  control  sample  jre  associated  with  the  second  phase  precipitates  of  the  Al  alloy  Compare  the  dislocation 
densities  and  subgrain  si/es  with  those  ot  composites  shown  in  f  igs  4iai.  h(a».  and  7ia)  (/>»  A  large  second  phase  precipitate  (top  center)  surrounded  by 
dislocations  al  the  beginning  of  the  thermal  cycle  t  .'40  K )  o  >  As  temperature  increased  to  annealing  temperatures  in  the  microscope  (7K0  K).  the  dishKations 
gradually  disappeared  until  only  a  tew  remained  i miuo  area  as  I  ig  1 1 b » i  o/i  During  in  situ  c«H»lmg  of  the  control  sample,  dislocations  reformed  in  the  area 
ol  the  precipitates,  shown  hctc  However,  most  ol  th.e  nutriv  remained  tree  of  disKvatnuts  isame  area  as  l  igs  lui  and  l(bn 


'a hich  was  tilled  with  slip  traces.  This  area  was  chosen  as 
the  area  of  focus  in  the  next  cycle  The  parallel  lines  disap¬ 
peared  on  heating;  then  on  subsequent  cooling,  packets  of 
slip  traces  appeared  emanating  front  the  SiC  platelet  The 
slip  traces  formed  in  three  directions  at  angles  of  about 
K2  deg  and  45  deg  to  each  other  and  were  associated  with 
dislocations  which  hart  appeared.  The  dislocations  causing 
the  slip  traces  moved  too  rapidly  to  he  seen  Alter  the  third 
thermal  cycle,  many  subgrains  were  tilled  with  slip  traces 
originating  at  the  SiC  platelet  interlace 

I)  Di^lni  aiiiiri  Densities 

I  he  dislocation  densities  ot  all  samples  hetore  and  alter 
iri  situ  annealing  are  shown  in  [able  I  The  densities  arc 
higher  m  the  composite  samples  than  in  the  control  samples 


both  before  and  alter  in  situ  thermal  cycling,  i.e..  an¬ 
nealing.  However,  the  dislocation  densities  reported  are 
lower  limit  densities.  There  was  difficulty  in  taking  selected 
area  diffraction  patterns  of  a  given  subgrain  and  then  tilting 
to  a  specific  reflection,  t.e..  420  j  and  assuring  that  the 
same  orientation  was  maintained  throughout.  Therefore,  the 
reported  densities  could  he  to  '/>  of  the  actual  density  ' 
The  distribution  of  the  dislocations  within  the  samples 
was  not  uniform;  there  was  a  higher  density,  as  to  be  ex¬ 
pected.  near  the  SiC  Also  greater  dislocation  generation 
was  observed  at  larger  SiC  platelets  and  whiskers  than  at 
the  smaller  ones,  and  more  dislocations  were  generated 
at  the  ends  of  the  SiC  whiskers  where  plastic  strain  dur¬ 
ing  cooling  is  greatest,  than  at  the  middle  of  the  whisker 
length  The  dislocation  generation  in  the  platelet  sample 
was  much  greater  than  the  dislocation  generation  in  the 
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f  ig  2 —  to)  Wrought  1100  Al  control  sample,  as  received  condition  Be¬ 
fore  in  situ  thermal  cycling,  this  control  sample  with  no  SiC  had  a  high 
dislocation  density  Like  the  6061  Al  control,  this  sample  has  a  large  grain 
size,  and  the  dislocations  present  are  often  associated  with  precipitates  The 
white  structure  is  a  corrosion  tunnel  from  electropolishing  (b)  Low  mag¬ 
nification  view  of  1100  control  sample  including  area  of  Fig  2f  a  * 


Fig.  3  —  (a)  The  same  areas  in  Fig.  2(a)  after  in  situ  thermal  cycling  In 
the  absence  of  SiC,  few  dislocations  reappear  in  a  thermally  cycled  sample; 
the  few  dislocations  present  are  associated  with  second  phase  precipi¬ 
tate  particles. (b)  Low  magnification  view  of  area  in  Fig.  3(a)  after  ther¬ 
mal  cycling 


Mf  T Al  I  IROICAl  TRANSACTIONS  A 


VOLUME  PA.  MARCH  im  IS' 


hi:  4  <<;'  A  foil  cut  transverse  to  the  whisker  a\is  1  4  vol  jxl  S:(  1  V 

the  beeinmne  *>!  the  thermal  iulc.  ;~l>  K.  the  dishvjiions  tended  to  how 
awav  trom  the  (wo  hexaeonal  SiC  whiskers  (hi  l'he  dislocations  siuiehteu 
on  turther  heatme  to  ^7U  K  isjmc  area  as  he  4iao  ■.  1  l  unher  re 
arraneemcnf  ol  the  chsloeatMwjs  incurred  on  heatme  to  the  annealing  teir 
perature  »>t  xt H >  K  in  the  microscope  !  he  dislocation*  straightened  and 
moved  1-  ■  more  equjIK  spaced  potions  «  same  area  as  hes  -  a '  aiul  4i  h  1 
<</  *  Dunne  coohne  to  47n  K  the  JisUk  alums  aeam  heean  to  h,«w  aw  a-, 
trom  the  Si(  whiskers  (same  area  as  |  ies  4ia--.ii  ■  •  1  t  >n  c'»mh'.‘  t* 
K  the  curvature  ol  the  dislocations  became  proiiour.vcd  mdi*  .it  me  tin 
operation  of  a  thermal  stress,  however,  tire  generation  .«?  new  do  sat 
did  not  iKeur  1  same  area  as  l  ies  4i  a-dn 


whisker  samples,  lor  SiC  platelets  are  about  5  times  latect 
than  SiC  whiskers 

As  a  consequence .  ol  all  the  dislocation  peneiation.  there 
is  a  possihililN  ol  void  lormation  .il  the  SiC-AI  intertaee 
Voids  were  not  observed  in  am  ol  the  samples 

V.  DISCI  SSIOV 

The  presence  ol  SiC  particles  ol  either  whisket  ol  platelet 
morpholoev  in  an  A1  metal  matiiv  -.nmposiK-  lesiilted  m  the 
generation  ot  dislocations  at  the  A I  Si(  mtiila.c  when  llu 
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I  ig  <«/ f  The  iniltal  high  Jivl<H..m«>n  densif\  und  '.mail  subgrum  m/c  of 
the  20  \nl  pu  whisker  compoxtes  t'*  vhovvn  here  <M  The  dislocaiumN 
disappeared  from  the  sample  during  in  stiu  heating  to  K(K)  K  Thermal  dntt 
o|  the  Mage  prevented  sharp  bousing  ot  the  intake  U  t  On  coaling  to 
'7S  K.  dishKjtions  had  reappeared  in  the  sample,  emanating  trom  the 
A I  /  S  i(  *  interface  and  moving  into  the  matrix  until  a  dislocation  tangle 
formed  <</i  The  clear  area  at  375  k  the  (><c)>  as  temperature  decreased 
i<»  Uli  K  Hlack  spots  j|s»)  began  to  form  on  the  sample  at  this  tempera¬ 
ture  in  At  lower  center,  the  appearance  ot  a  hook  shaped  dislocation  is 
observed  1  he  hlack  spots  have  become  more  prominent.  3'0  K 


.omposile  was  cooled  from  the  annealing  temperature  In 
general,  the  high  density  ot  dislocations  originally  present  in 
the  composite  samples  disappeared  at  5(H)  to  h5()  K.  then 
reappeared  on  cooling  at  densities  close  to  the  high  densities 
originally  observed  in  the  annealed  specimen-  In  contrast. 


dislocations  score  not  generated  to  the  same  extent  m  either 
■  it  the  control  samples  during  cooling. 

The  small  suhgruin  si/e  and  high  dislocation  densities 
previously  observed  he  Arsenault  and  l-isher  can  he  associ¬ 
ated  with  the  presence  ol  the  StC  m  the  composite,  specifi¬ 
cally  the  C  I  i.  dtlTerential.  The  ditterence  in  CTK  resulted  tti 
stresses  large  enough  to  cause  plastic  deformation.  i.c  .  the 
generation  ol  dislocations  these  dislocations  can  he  de¬ 
fined  as  slip  dislocations  Dislocation  generation  is  also 
required  to  accommodate  the  heterogeneous  plastic  fiovc 
in  the  vicinity  ol  the  deforming  matrix  since  voids  are 
not  observed  We  can  conclude,  therefore,  that  both  ol 
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1 «/ 1  I  he  ditlrjctmn  contrast  ol  the  Inch  dislocation  detisits  in  the  eentr.tl  Mtherjin  darkens  the  subprain  in  this  'it  sol  ;m  Sit'  platelet  composite* 
is  'iiheiain  is  stimmnslesl  hs  at  least  three  irreeularls  shaped  StC  platelet'  sstikh  ate  appiosintatels  the  same  st/e  as  the  suheraitt  ‘c  Dianne  heatine  to 
’  K  most  Ol  the  dislocations  disappeared  Ironi  the  sample  lire  pehh.’e  like  sss.mJ  phase  precipitates  san  he  sleatls  Ji.rine’i.i'hcd  here  Ills'  same  area  i' 
ossi!  m  i d i  tilled  ssith  slip  traces  n  t  On  eindine  to  s4tt  K.  slislocatiotts  ieap|vared.  resultine  in  the  lotnution  sd  dense  shp  trass’s  strossme  the  paths  ot 
.  J  i  sloe  at  ions  as  tiles  inos  ed  across  or  out  o|  the  sample  <J  i  Hus  is  the  same  area  as  slum  n  in  ihi  alter  s’ooline  to  '-III  k  I  lie  area  ss  as  tree  ot  almost 
dislocations  at  Inch  temperature  Ihe  suherain  is  now  tilled  ss  till  slip  traces  and  slash  scat  ions  The  slip  trace's  are  clear's  a"s  Mated  ss  ith  the  Si(  platelets 
dis.iime  th.it  the  orieiri  ol  the  dislocations  seen  in  the  sample  at  loss  letups  unite  is  the  M  SiC  interlace 

Table  I.  Dislocation  Densitv  before  and  after  Thermal  (‘\clinR  of  Samples;  Dislocation  Densits  tni  ;l 
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'he so  mcchantstiis  .ire-  operating.  which  results  in  a  melt 
Jislne.itii  'l  density  due  In  Ihe  SiC  in  the  matrix  In  the 
sisinits  ol  precipitates,  transformation  strains  can  also  pro 
ilusc  dislocations 

Ihe  exception  to  the  generally  observed  disappearance 
ol  dislocations  on  licanne  was  the  >  vol  pel  tiansverse 
■  ample  lot  sslttch  no  s.itislaetorv  explanation  lias  been 

.  i  '  vo  ,|,  ’.  |  ’U  ’.  .  M  I  |.  v’.s  s 


lound  A  stable  polypont/ed  suhstnictute  appeared  to  pre- 
xent  the  disappearance  ol  the  dislocations  at  Inch  tem¬ 
peratures.  Uackstresscs  Irom  these  dislocations  on  eoolinp 
could  have  prevented  lurther  generation  ot  dislocations  in 
the  small  suburatns  on  cooling 

I  he  intensitv  ot  dislocation  generation  at  the  StC  Al  inter  - 
I. k  e  is  related  to  M/e  and  shape  o|  StC  partis  le  I  he  intensity 
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of  generation  is  lowest  for  small,  nearly  spherical  particle. 
As  the  particle  size  increases,  i.e.,  from  I  /am  to  5  /am,  the 
intensity  of  generation  increases  significantly.  Also  the  in¬ 
tensity  is  much  greater  at  the  comer  of  a  particle  than  along 
the  sides  as  is  evidenced  in  the  longitudinal  whisker  and 
platelet  composite  samples.  The  relationship  between  the 
size  of  the  particle  and  the  plastic  zone  has  been  qual¬ 
itatively  described  by  Lee  el  a/.,15  and  they  predicted  that  as 
the  particle  size  increases  the  plastic  zone  size  increases. 
Also,  L  6 1  as  shown  that  the  plastic  strain  about  the  comer 
of  a  pan  le  is  greater  than  along  the  side  (which  should  be 
intuitively  obvious). 

Experimental  conditions  which  may  influence  the  results 
must  be  recognized  and  considered  in  an  HVEM  experi¬ 
ment,  because  the  sample  is  exposed  to  high  energy  elec¬ 
trons,  and  thin  foil  samples  are  used  to  approximate  bulk 
behavior.  Surface  effects  are  among  the  most  important 
effects  to  be  considered,  since  it  is  easy  for  dislocations 
generated  at  the  Al/SiC  interface  to  move  out  of  the  sample 
through  the  surfaces  of  a  TEM  foil.  Thick  sections  of  the  foil 
were  examined  in  the  HVEM  in  order  to  reduce  surface 
effects',  nevertheless,  dislocation  relaxation  out  the  surface 
occurred,  and  resulted  in  a  reduction  of  the  observed  dis¬ 
location  density.  This  effect  is  most  apparent  in  the 
20  vol  pet  platelet  sample  where  the  slip  traces,  indicating 
that  dislocations  have  moved  out  of  the  sample,  nearly  cover 
the  entire  surface  of  the  sample.  In  bulk  specimens,  dis¬ 
locations  would  accumulate  in  the  subgrains  until  the  en¬ 
suing  backstresses  due  to  the  pile-up  exceeded  the  local 
yield  stress  surrounding  the  particle.  Also,  the  geometry  of 
a  thin  foil  specimen  allows  elastic  relaxation  of  stresses  on 
cooling  by  buckling,  also  giving  an  artificially  low  value  of 
the  dislocation  density. 

The  effects  of  irradiation  of  the  samples  by  the  high 
energy  electrons  of  the  beam  must  also  be  considered.  Elec¬ 
tron  irradiation  of  the  sample  can  result  in  the  formation  of 
vacancy  clusters  and  small  dislocation  loops  which  appear 
as  black  spots  and  then  grow  to  form  dislocation  tangles." 
The  observation  of  black  spots  on  some  of  the  samples 
(Figures  1(d)  and  6(d))  indicated  that  electron  irradiation 
damage  most  probably  occurred. 

The  control  samples  were  invaluable  in  determining  that 
the  dislocations  generated  on  cooling  were  not  artifacts  due 
to  the  effects  of  electron  irradiation.  In  the  6061  0  vol  pet 
SiC  control  sample  a  few  dislocations  were  generated  at  a 
few  large  precipitates. 

The  1 100  control  samples  were  also  exposed  to  the  high 
energy  electron  beam  and  substantial  formation  of  dis¬ 
locations  did  not  occur  (Figures  3(a)  and  3(b)).  Also  the 
intensity  of  dislocation  generation  can  be  correlated  with  the 
size,  volume  fraction,  and  shape  of  the  SiC  or  second  phase 
precipitate  particles  present,  indicating  that  the  particles  and 
not  the  electrons  of  the  beam  were  the  cause  of  the  dis¬ 
locations  being  generated.  A  more  likely  explanation  of  the 
appearance  of  the  black  spots  is  beam  contamination.  The 
decontaminator  was  not  always  operating,  and  beam  con¬ 
tamination  usually  condenses  on  samples  at  temperatures 
less  than  473  K  which  coincides  with  our  observations. :7  :s 
Some  of  the  black  spots  could  also  be  due  to  second  phase 
precipitation  in  the  samples  on  cooling,  since  the  spots  were 


17 

sometimes  preferentially  associated  with  interfaces  and 
grain  boundaries  (Figures  ltd)  and  7(d)). 

Beam  heating  is  another  factor  to  be  considered.  For  our 
operating  conditions,  beam  heating  of  the  sample  is  approxi¬ 
mately  10  to  15  K,  and  this  could  have  had  an  effect  on 
dislocation  generation  in  the  sample  due  to  the  thermal  gra¬ 
dient  which  is  induced.212*'  But  examination  of  the  same 
composite  samples  without  thermal  cycling  did  not  result  in 
dislocation  generation  at  the  Al/SiC  interface,  and  these 
samples  were  exposed  to  the  same  beam  conditions. 

Due  to  the  difficulty  associated  with  tilting  a  very  fine 
subgrained  material  to  the  various  diffracting  conditions 
required  to  image  all  of  the  dislocations  in  the  subgrain,  the 
reported  densities  could  be  Vs  to  '/:  below  the  actual  number. 
Although  more  rigorous  tilting  would  give  more  precise 
values,  a  good  idea  of  the  relative  densities  in  the  samples 
can  be  obtained  by  imaging  dislocations  in  many  subgrains 
for  each  material  and  assuming  that  the  value  will  be  sys¬ 
tematically  low  for  all  the  samples. 

The  net  result  of  considering  all  of  the  experimental  fac¬ 
tors  which  may  influence  the  experimentally  determined 
dislocation  densities  after  a  thermal  cycle,  is:  (1)  the  dis¬ 
location  generation  observed  during  cooling  can  be  readily 
attributed  to  differential  thermal  contraction  of  the  A1  and 
SiC,  (2)  the  observed  densities  are  lower  than  the  densities 
which  would  be  observed  if  bulk  samples  could  be  exam¬ 
ined  and  if  diffracting  conditions  were  controlled  to  image 
all  dislocations. 

It  should  also  be  pointed  out  that  slip  line  generation 
about  a  SiC  cylinder  in  an  AI  disk  due  to  thermal  cycling  has 
been  demonstrated  by  Flom  and  Arsenault.'0 

VI.  CONCLUSIONS 

From  a  consideration  of  the  experimental  results,  the 
following  conclusions  can  be  drawn: 

1.  The  high  dislocation  density  (1014  m  2)  previously  ob¬ 
served  in  bulk  annealed  composites  is  due  to  differential 
thermal  contraction  of  Al  and  SiC  on  cooling  from  the 
elevated  temperatures  of  annealing. 

2.  The  density  of  dislocations  observed  in  this  experiment 
as  a  result  of  thermal  cycling  is  lower  than  the  actual 
density  generated  during  thermal  cycling  because  dis¬ 
locations  are  lost  through  the  surfaces  of  the  thin  foil 
samples  during  cooling. 

3.  The  densities  of  dislocations  observed  (10"  m"2)  would 
be  equal  to  the  high  densities  previously  observed  in 
bulk  annealed  composites  if  it  were  not  for  dislocation 
loss  through  the  surfaces,  and  the  observed  densities 
would  be  closer  to  densities  predicted  by  calculations 
4  x  10"  m  \  if  it  were  not  for  dislocation  loss  through 
the  surfaces. 

4.  Thermal  cycling  causes  the  disappearance  of  dislocations 
at  high  temperatures  and  the  generation  of  dislocations  at 
Al/SiC  interfaces  and  precipitates  on  cooling.  Subgrain 
growth  is  hindered  by  the  presence  of  SiC  particles. 
Transformation  strains  also  cause  dislocation  generation 
at  precipitates,  and  polygonized  configurations  prevent 
the  disappearance  of  dislocations  at  high  temperatures. 

5.  Precipitation  occurs  on  the  thermally-generated  dis¬ 
locations  during  cooling. 
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ABSTRACT 

Plastic  strains  and  the  extent  of  the  plastic 
zone  due  to  differential  thermal  expansion 
were  experimentally  determined  in  an  Al-SiC 
composite.  The  combined  plastic  shear 
strains  yCPts  at  the  Al-SiC  interface  for 
furnace-cooled,  air-cooled  and  quenched 
samples  were  found  to  be  1.32%,  1.23%  and 
0.99%  respectively.  Profiles  of  ycptt  were 
plotted  versus  distance  from  the  interface  and 
compared  with  the  theoretical  distribution  of 
effective  strain  e.  The  theoretical  extent  of 
the  plastic  zone  measured  from  the  interface 
was  found  to  be  1.3  multiplied  by  the  particle 
radius.  This  value  was  slightly  less  than  the 
observed  value.  The  plastic  deformation  on 
the  heating  half  of  the  thermocycle  was  found 
to  be  at  least  equal  to  the  deformation  on  the 
cooling  half.  A  theoretical  treatment  of  the 
local  plastic  deformation  in  a  short  composite 
cylinder  was  suggested,  from  which  the  effec¬ 
tive  plastic  strain  e  and  the  extent  of  the 
plastic  zone  were  determined. 

1.  INTRODUCTION 

When  a  composite  material  is  subjected  to  a 
temperature  change,  local  plastic  deformation 
can  occur.  The  plastic  deformation  is  due  to  a 
stress  created  by  the  difference  between  the 
coefficients  of  thermal  expansion  of  the  com¬ 
ponent  phases,  and  this  stress  is  at  the  matrix  - 
reinforcement  interfaces.  The  magnitude  of 
the  stress  is  equal  to  Aa  AT  where  Aa  is  the 
difference  between  the  coefficients  of  thermal 
expansion  of  the  phases  under  consideration 
and  AT  is  the  temperature  change.  The  rela¬ 
tively  large  (10  to  1)  difference  between  the 
coefficient  of  thermal  expansion  of  SiC  and 
that  of  aluminum  should  result  in  the  creation 
of  a  substantial  misfit  strain  at  the  Al-SiC 
interface  during  cooling  from  the  fabricating  or 
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annealing  temperature.  The  mechanical 
properties  of  the  composite  should  be 
affected  by  the  magnitude  and  extent  of  the 
plastic  deformation  that  takes  place  in  the  soft 
matrix  around  a  hard  particle  as  a  result  of 
the  misfit  relaxation  in  the  interface  region. 
Recent  investigations  [1-4]  have  indeed 
shown  the  important  role  of  the  interfacial 
regions  in  the  composite  strengthening.  Thus, 
knowledge  of  the  magnitude  of  plastic  strains 
and  the  size  of  the  plastic  zone  as  well  as 
other  characteristics  of  the  interfacial  region 
(the  bond  strength,  the  microstructure  etc.) 
should  contribute  to  the  understanding  of  the 
mechanism  of  composite  strengthening. 

The  experimental  determinations  of  plastic 
strains  and  plastic  zone  radii  about  a  particle 
in  the  matrix  due  to  the  difference  between 
the  coefficients  of  thermal  expansion  of  the 
phases,  to  our  knowledge,  have  not  been 
reported  in  the  literature. 

Several  theoretical  investigations  have  been 
undertaken  to  predict  the  magnitude  of  the 
plastic  strain  in  the  plastic  zone  around  a 
particle.  The  relaxation  of  the  misfit  caused 
by  the  introduction  of  an  oversized  spherical 
particle  into  a  spherical  hole  in  the  matrix 
has  been  analytically  described  by  Lee  et  al. 
[5] .  Using  the  misfitting  sphere  model,  they 
calculated  strains  in  the  plastic  zone  that 
surrounds  a  hard  sphere  and  also  the  plastic 
zone  radius.  Hoffman  [6]  calculated  the 
overall  total  strains  in  the  tungsten -fiber- 
reinforced  80Ni-20Cr  matrix,  using  a  thick- 
wall  long-cylinder  approach  and  assuming 
that  a  hydrostatic  stress  state  exists  within 
each  constituent. 

Garmong  [7],  assuming  uniformity  of  the 
stresses  and  strains  in  the  matrix,  calculated 
deformation  parameters  for  a  hypothetical 
eutectic  composite  and  reported  values  of 
matrix  plastic  strains  that  were  of  the  order 
of  0.4%. 
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Dvorak  et  al.  [8]  developed  a  new  axi- 
symmetric  plasticity  theory  of  fiberous  com¬ 
posites  involving  large  thermal  changes.  The 
long-composite-cylinder  model  was  adopted 
as  a  composite  unit  cell,  and  the  microstress 
distribution  as  well  as  the  yielding  surfaces 
were  obtained  for  Al-W  composites. 

Mehan  [9]  calculated  the  residual  strains  in 
an  Al-a-Al203  composite  due  to  cooling  from 
the  fabricating  temperature.  He  considered  an 
idealized  composite  consisting  of  a  long 
sapphire  cylinder  surrounded  by  an  aluminum 
matrix.  This  is  equivalent  to  the  long-compo¬ 
site-cylinder  model  used  by  Dvorak  et  al.  This 
model  implies  that  the  thermal  strain  along 
the  cylinder  axis  is  a  constant,  i.e.  that 


dl 


where  /  is  the  length  of  the  cylinder.  This  sim¬ 
plifies  the  procedure  of  obtaining  the  radial  er 
and  the  tangential  eg  strains  which  was  done 
using  incompressibility  and  boundary  condi¬ 
tions.  The  effective  strain  e  at  the  Al-a-Al203 
interface  was  found  to  be  1.6%. 

However,  the  above-mentioned  composite 
models  do  not  give  an  accurate  description 
of  the  plastic  strain  state  in  the  short -compo¬ 
site -cylinder  model.  A  short-cylinder  model 
nearly  duplicates  the  situation  in  the  whisker 
and  platelet  Al-SiC  composites  at  present 
produced. 

The  purpose  of  this  work  was  to  determine 
experimentally  the  magnitude  of  the  local 
plastic  strain  produced  in  the  aluminum 
matrix  around  a  short  SiC  cylinder  during  a 
thermocycle  and  also  to  estimate  the  extent 
of  the  plastic  zone  around  the  cylinder.  Also 
an  effort  was  made  to  develop  a  theoretical 


model  of  the  plastic  zone  around  the  short 
cylinder. 


2.  EXPERIMENTAL  PROCEDURE 

The  small  particle  interspacing  (several 
micrometers)  in  a  commercially  available 
Al-SiC  composite  makes  it  impossible  to 
measure  the  local  plastic  strain  at  the  Al-SiC 
interface  directly.  Thus  a  composite  model 
consisting  of  an  SiC  cylinder  embedded  in  an 
aluminum  matrix  was  fabricated  so  that  direct 
strain  measurements  could  be  attempted. 

Aluminum  of  99.99%  purity  (to  eliminate 
the  influence  of  the  alloying  elements)  and 
commercial  carborundum  were  used  to  pro¬ 
duce  the  composite  model.  Selected  properties 
of  these  materials  are  given  in  Table  1. 

Platelets  of  SiC  were  separated  from 
carborundum  conglomerates  that  are  used  in 
the  production  of  abrasives.  These  platelets 
were  spark  planed  on  an  electric  discharge 
machine  to  plates  approximately  1  mm  thick. 
These  flat  plates  were  cut  into  rectangular 
rods  approximately  1  mm  X 1  mm.  After  this, 
each  rod  was  spark  machined  to  cylinders  of 
about  1  mm  diameter. 

Pure  aluminum  rods,  12.5  mm  in  diameter 
in  the  as-received  condition,  were  cut  into 
studs  37  mm  long.  Two  aluminum  studs  and 
one  SiC  rod  were  assembled  together  and  put 
in  a  specially  built  compaction  die,  where 
they  were  hot  pressed  to  produce  one  com¬ 
pact.  Compaction  was  done  on  the  Instron 
testing  machine.  During  the  entire  compaction 
cycle  (Table  2),  a  vacuum  of  about  10'3  Torr 
was  maintained  using  a  mechanical  vacuum 
pump. 


TABLE  1 

Selected  properties  of  the  aluminum  and  SiC  used  in  this  paper 


Material 

Yield 

strength 

(MPa) 

Elastic 

modulus 

(MPa) 

Bulk 

modulus 

(MPa) 

Poisson's  Thermal  expansion 
ratio  coefficient 

(m  m'1  K'1) 
in  the  temperature 
range  293-  773  K 

Melting 

point 

(K) 

Reference 

t 

Al 

11.73 

62xl03 

57.5  X  103 

0.31  28  X  10'6 

933 

[10,  111 

* 

SiC 

34.5  +  (tension) 

483 xlO3 

96.6  X  103 

0.19  3X10"6 

3373 

[12,  13] 

1380  + 


(compression) 


TABLE  2 


duced  where  7CP1S  is  equivalent  to  the  product 
Flow  chart  of  the  compaction  of  an  Al-SiC  composite  of  slip  band  density  N  and  the  amount  of  slip 

cylinder  S,  i.e. 


Heating 

Heating  time 

«  1  h 

Temperature 

=  843  K 

Compression 

Cross-head  speed 

0.1  cm  min 

Total  travel 

10  mm 

Holding  at  constant  load 

Time 

2  h 

Pressure 

2.28  MPa 

Incremental  cooling  under  pressure 

Time 

12  h 

Pressure 

2.28  MPa 

i 


Fig.  1.  A  schematic  diagram  of  the  fabrication 
sequence  of  the  Al-SiC  composite  model. 


The  central  portion  of  the  compacted 
sample  was  sliced  in  the  transverse  direction 
into  disks  1mm  thick  using  the  electric 
discharge  machine,  set  at  a  low  power,  and 
each  disk  contained  an  SiC  cylinder  very  close 
to  the  perfect  center  (Fig.  1).  All  Al-SiC 
disks  were  metallographically  and  then 
electrolytically  polished  to  remove  the  thin 
cold -worked  surface  layer  of  aluminum. 

The  method  adopted  for  the  evaluation  of 
plastic  deformation  was  based  on  the  direct 
observation  of  slip  bands  on  the  polished 
surface  of  the  sample  around  the  SiC  particles. 
The  amount  of  slip  is  a  characteristic  of  the 
amount  of  plastic  deformation  (when  defor¬ 
mation  occurs  by  slip)  in  a  crystalline  solid. 
The  plastic  strain  can  be  evaluated  if  the 
number  of  slip  bands  and  the  displacement  on 
each  band  are  known  The  concept  of  com¬ 
bined  plastic  shear  strain  7epu  has  been  intro - 


7cp«  ~  KNS  (1) 

where  K  is  a  coefficient  which  takes  into 
consideration  different  crystallographic  situa¬ 
tions.  A  detailed  treatment  of  7cpss  is  given  in 
Appendix  A.  Thus,  the  method  reduces  the 
data  collection  to  the  measurements  of  slip 
band  densities  and  their  heights  in  the  area  of 
interest. 

The  electropolished  Al-SiC  disks  were 
separated  into  three  groups:  A,  B  and  C.  Each 
group  was  heated  to  about  823  K  and  then 
cooled  as  follows:  group  A,  furnace  cooled; 
group  B,  air  cooled;  group  C,  quenched  in 
alcohol. 

Since  the  surface  of  each  disk  had  a  high 
quality  polish,  slip  bands  could  be  observed 
around  the  SiC  in  an  optical  microscope. 

Slip  band  density  and  height  measurements 
were  obtained  using  a  Zeiss  interference 
microscope.  Areas  containing  slip  bands  were 
photographed  in  white  light  and  in  green 
monochromatic  light.  Pictures  taken  in  white 
light  gave  the  actual  image  of  the  slip  bands. 
Pictures  of  the  same  areas  taken  in  mono¬ 
chromatic  light  gave  interference  fringe 
patterns  (Figs.  2-4).  Thus,  the  correlation 
between  slip  bands  and  interference  fringes 
was  established. 

When  a  furrow  is  present  in  the  plane 
surface  of  the  object,  the  straight  interference 
bands  are  deflected  by  the  furrow  and  the 
funrow  depth  t  can  be  determined  from  the 
deflection: 


where  d  is  the  deflection  of  the  interference 
band,  b  is  the  band  interval,  taken  as  the 
distance  from  the  middle  of  one  band  to  the 
middle  of  the  next  band  and  X/2  =  0.27  pm 
for  the  thallium  light.  Band  deflection  can  be 
estimated  to  be  one-tenth  of  the  band  interval. 
Thus  the  height  measurements  can  be  as 
accurate  as  ±0.1  X  0.27  =  ±0.027  pm. 

The  slip  band  density  was  determined  by 
using  the  “mesh”  method  which  consisted  of 
the  following.  Pictures  of  slip  band  images 
and  interference  patterns  were  enlarged  to 
10  cm  X  12.5  cm  on  high  contrast  photo¬ 
graphic  paper.  After  that,  a  transparent  plastic 


(b) 

Fig.  4.  (a)  Slip  bands  and  (b)  interference  fringe  patterns  of  different  areas  around  the  SiC.  (Magnification,  32 X.) 


film  with  a  square  mesh  of  a  specific  size 
(1.0  cm  X  1.0  cm  square  for  pictures  with  a 
magnification  of  80X  and  2.5  cm  X  2.5  cm 
square  for  pictures  with  a  magnification  of 
200X)  was  overlaid  on  the  photograph  and  the 
total  length  of  the  slip  bands  within  each 
square  along  the  radial  direction  was  measured . 
If  M  is  the  magnification  of  the  picture,  L  (m) 
the  total  length  of  slip  bands  in  one  square  and 
A  (mm2)  the  area  of  the  square,  then  the  slip 
band  density  N  is 

N  —  M—X  10'3pm_1  (3) 

A 

The  accuracy  of  slip  band  density  measure¬ 
ments  is  much  higher  than  that  of  height 
measurements.  Therefore,  the  main  source  of 
error  in  combined  plastic  shear  strain  7cpiJ 
evaluation  is  the  height  of  the  slip  band  (pro¬ 
vided  that,  of  course,  the  assumptions  and 
results  of  discussion  given  in  Appendix  A  are 
reasonably  correct). 

2.1.  Hot-stage  experiment 

Two  Al-SiC  disks  were  reduced  in  diameter 
to  7  mm  and  thermocycled  in  the  hot  stage  of 


a  Leitz  optical  microscope.  A  reduction  in 
size  was  necessary  in  order  to  fit  the  holder 
into  the  hot  stage.  The  entire  thermocycle 
was  recorded  on  videotape  using  an  RCA 
industrial  television  camera.  The  time  was 
recorded  by  means  of  a  digital  generator 
interfaced  to  the  recording  unit,  and  the 
temperature  was  recorded  on  the  sound  track 
of  the  tape  at  20  K  intervals.  The  total 
length  of  the  thermocycle  was  approximately 
8  min.  The  maximum  temperatures  were 
around  873  K.  The  heating  and  cooling  rates 
were  around  100  K  min"1. 


3.  EXPERIMENTAL  RESULTS 

3.1.  Combined  plastic  shear  strain 

The  experimentally  determined  values  of 
combined  plastic  shear  strain  7cpis  are  presen¬ 
ted  in  Tables  3-5.  These  combined  plastic 
shear  strains  7cp„  are  plotted  versus  distance 
in  the  form  of  a  histogram  in  Fig.  5.  In  the 
same  figure  we  have  a  plot  of  effective  strain 
e  which  was  determined  theoretically  (see 
Appendix  B).  The  histogram  represents  the 


Combined  plastic  shear  strain  7^^  for  group  A  samples  (furnace  cooled) 


Sample 

Path' 

1  Combined  plastic  shear  strain**  7^,5 

(%)  for  the  following  distances  from  the  Al-SiC  interfacec 

6.25  X  I0~2i 

mm  18.75  x  10  2 mm 

3 1 .25  x  I0~2  mm  43.75x  10  2mm 

56.25  x  1  O  '  mm 

1 

1 

0.86 

0.35 

0.18 

0.09 

0.026 

1 

2 

0.61 

0.40 

0.22 

0.06 

0.07 

1 

3 

0.41 

0.140 

0.24 

0.08 

1 

4 

0.26 

0.21 

0.19 

0.16 

1 

5 

0.42 

0.32 

0.32 

0.13 

0.03 

1 

6 

0.51 

0.41 

0.30 

0.08 

2 

1 

0.30 

0.21 

0.06 

2 

2 

0.45 

0.28 

3 

1 

0.43 

0.24 

0.22 

0.22 

0.22 

3 

2 

0.26 

0.27 

0.22 

0.11 

3 

3 

0.39 

0.22 

0.26 

0.16 

3 

4 

0.46 

0.18 

0.23 

3 

5 

0.45 

0.26 

4 

1 

0.43 

0.24 

0.04 

Average 

0.44 

0.24 

0.21 

0.16 

0.05 

aThe  path  is  the  route  in  the  radial  direction  from  the  Al-SiC  interface  into  the  matrix,  which  was  selected  for 
slip  band  density  and  height  measurements.  Selection  was  based  on  the  amount  of  slip  that  occurred,  and  those 
routes  were  selected  in  which  the  amount  of  slip  bands  appeared  to  be  the  greatest. 

bThe  given  strain  is  actually  the  result  of  the  product  NS.  It  does  not  include  the  coefficient  K  which  was  found 
to  be  equal  to  3  (see  Appendix  A).  Values  of  7^,  that  incorporate  K  are  given  in  Table  6. 

cThe  distance  given  here  is  the  distance  from  the  Al-SiC  interface  to  the  centers  of  the  first,  second  etc.  squares. 
Therefore,  values  of  7^,  represent  the  strain  over  the  entire  square. 

TABLE  4 


Combined  plastic  shear  strain  Tcp,,  in  group  B  samples  (air  cooled) 


Sample 

Path * 

Combined  plastic  shear  strain** 

7cp m  (%)  for  the  following  distances  from  the  Al-SiC  interface c 

6.25  X 

1 0~2  mm 

18.75  X 

1 0~2  mm 

31.25  X 

10~2  mm 

43. 75  X 

1 0~2  mm 

56.25  X 

10~2  mm 

68. 75  x 

1 0~2  mm 

1 

1 

0.34 

0.32 

0.35 

0.13 

1 

2 

0.25 

0.25 

0.17 

0.19 

0.13 

0.11 

1 

3 

0.56 

0.31 

0.19 

0.11 

1 

4 

0.47 

0.55 

1 

5 

0.25 

0.07 

0.014 

0.08 

2 

1 

0.23 

0.17 

4 

1 

0.65 

0.41 

4 

2 

0.47 

0.22 

4 

3 

0.54 

0.29 

0.1 

4 

4 

0.31 

0.21 

0.25 

4 

5 

0.48 

0.25 

Average 

0.41 

0.27 

0.18 

0.12 

0.13 

0.11 

*The  path  is  the  route  in  the  radial  direction  from  the  Al-SiC  interface  into  the  matrix,  which  was  selected  for 
slip  band  density  and  height  measurements.  Selection  was  based  on  the  amount  of  slip  that  occurred,  and  those 
routes  were  selected  in  which  the  amount  of  slip  bands  appeared  to  be  the  greatest. 

bThe  given  strain  is  actually  the  result  of  the  product  NS.  It  does  not  include  the  coefficient  K  which  was  found 
to  be  equal  to  3  (see  Appendix  A).  Values  of  7cp«t  that  incorporate  K  are  given  in  Table  6. 

cThe  distance  given  here  is  the  distance  from  the  Al-SiC  interface  to  the  centers  of  the  first,  second  etc.  squares. 
Therefore,  values  of  7cpjf  represent  the  strain  over  the  entire  square. 


TABLE  5 

Combined  plastic  shear  strain  7cpfs  in  group  C  samples  (quenched) 


Sample 

Path * 

Combined  plastic  shear  strainb  7cp,s  (%)  for  the  following  distances  from 
the  Al-SiC  interface c 

6.25  x  JO"2 mm 

18.75  x  JO"2  mm 

31.25  x  JO"2  mm 

1 

1 

0.40 

0.16 

1 

2 

0.19 

0.27 

1 

3 

0.v9 

2 

1 

0.37 

0.29 

0.16 

2 

2 

0.31 

0.11 

0.05 

2 

3 

0.22 

0.24 

0.12 

2 

4 

0.55 

0.23 

0.14 

3 

1 

0.31 

0.18 

3 

O 

0.44 

0.24 

0.23 

4 

1 

0.25 

0.21 

0.08 

4 

2 

0.25 

0.10 

0.04 

4 

3 

0.18 

0.13 

0.05 

Average 

0.33 

0.20 

0.1 

•The  path  is  the  route  in  the  radial  direction  from  the  Al-SiC  interface  into  the  matrix,  which  was  selected  for 
slip  band  density  and  height  measurements.  Selection  was  based  on  the  amount  of  slip  that  occurred,  and  those 
routes  were  selected  in  which  the  amount  of  slip  bands  appeared  to  be  the  greatest. 

bThe  given  strain  is  actually  the  result  of  the  product  NS.  It  does  not  include  the  coefficient  K  which  was  found 
to  be  equal  to  3  (see  Appendix  A).  Values  of  Tcpss  incorporate  K  are  given  in  Table  6. 

cThe  distance  given  here  is  the  distance  from  the  Al-SiC  interface  to  the  centers  of  the  first,  second  etc.  squares. 
Therefore,  values  of  7cp*s  represent  the  strain  over  the  entire  square. 


Fig.  5.  Theoretical  t  vs.  r  and  experimental  7cmt  **•  r 
profiles  around  the  SiC  in  Al-SiC  composite  disks 
thermocycled  between  298  and  823  K  (p  is  the 

plastic  zone  radius): - ,  group  A; - ,  group  B; 

- ,  group  C. 

actual  discrete  character  of  the  measurements 
of  Tcph-  Each  horizontal  portion  of  the 
histogram  corresponds  to  the  average  value  of 


Tops*  obtained  from  the  increment  of  the  area 
of  the  specimen. 

The  largest  combined  plastic  shear  strain 
7cp„  of  1.3%  was  observed  at  the  Al-SiC 
interface  in  group  A  samples;  group  C  showed 
the  smallest  amount  of  strain,  0.99%  (Table 
6).  In  addition,  the  extent  of  the  plastic  zone 
(i.e.  the  largest  distance  from  the  interface  at 
which  slip  bands  can  still  be  measured)  was 
smaller  in  samples  from  group  C  than  in 
samples  from  groups  A  and  B.  This  result 
corresponds  to  the  effect  of  strain  rate 
(which  is  proportional  to  the  cooling  rate)  on 
the  relative  amount  of  plastic  and  elastic 
strains  during  deformation.  Generally,  higher 
heating  and  cooling  rates  will  cause  the  elastic 
stresses  to  be  larger,  and  lower  heating  and 
cooling  rates  will  allow  greater  plastic  relaxa¬ 
tion  [7). 

The  height  of  the  slip  bands  was  measured 
to  ±  0.1  of  a  band  interval.  This  gives  an  error 
of  ±  0.1  X  0.27  pm  =  ±  0.027  pm  in  the 
height  values.  As  was  mentioned  before,  the 
slip  band  density  measurements  introduce 
much  less  error.  Therefore,  the  error  range  for 
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TABLE  6 

Values  of  7cpt,  incorporating  K  for  group  A,  B  and  C  samples 


Group 

Combined  plastic  shear  strain  y c[fta 

(%)  for  the  following  distances  from  the  Al-SiC  interface 

6.25  X 

10~2  mm 

18.75  x 

10~2  mm 

31.25  x 

1 0~2  mm 

43.75  x 

1 0~2  mm 

56.25  x 

10~2  mm 

68.  75  x 

I O'2  mm 

A 

1.32 

0.72 

0.63 

0.48 

0.15 

B 

1.23 

0.81 

0.54 

0.36 

0.39 

0.33 

C 

0.99 

0.60 

0.3 

7CPi5  determination  can  be  evaluated  as 
i  (0.027/0.135)  X  100  =»  20%  where  0.135  pm 
is  taken  as  the  average  slip  band  height.  This  is 
obviously  a  large  error  range. 

3.2.  Hot-stage  observations 

3.2.1.  Heating 

Slip  bands  began  to  appear  even  before  the 
temperature  reached  373  K  and  were  forming 
as  widely  spaced  deep  lines.  As  the  tempera¬ 
ture  increased,  the  density  of  the  slip  bands 
increased  also,  reaching  an  apparent  maxi¬ 
mum  at  around  573  K.  At  around  533  K  a 
new  group  of  broken  lines  began  to  form  with 
no  relation  to  the  previously  formed  slip 
bands.  The  development  of  these  lines  became 
more  intensive  at  higher  temperatures.  When 
the  temperature  approached  about  the  653  K 
mark,  the  separation  between  the  matrix  and 
the  SiC  became  fairly  visible.  At  approxi¬ 
mately  693  K,  slip  bands  began  to  fade  and 
disappeared  almost  totally  by  the  time  the 
temperature  reached  853-873  K.  At  the 
maximum  temperatures,  the  surface  did  not 
appear  as  flat  as  it  did  at  the  beginning. 

3.2.2.  Cooling 

On  cooling,  previously  formed  slip  band 
patterns  began  to  show  up  again  but  they  did 
not  reach  the  size  and  extent  of  the  former 
slip  band  patterns.  The  development  of  the 
slip  bands  in  new  areas  was  not  observed. 

The  broken  line  which  encircled  the  entire 
SiC  particle  began  to  develop  radial  spokes 
that  connected  this  line  to  the  interface. 

When  the  sample  cooled  to  room  temperature, 
the  surface  of  the  sample  remained  rippled. 

Subsequent  thermocycles  did  not  show  any 
changes  in  slip  band  morphology.  A  broken 
line  around  the  SiC  cylinder  became  much 
more  clearly  defined  with  repeated  thermo¬ 
cycles.  The  matrix  appeared  to  be  separated 
from  the  particle  all  the  time. 


4.  DISCUSSION 

Composite  models  discussed  in  the  litera¬ 
ture  for  the  theoretical  determination  of 
stresses  and  strains  in  the  matrix  (spherical 
particle  in  a  matrix,  long  composite  cylinder 
etc.)  cannot  be  applied  to  a  short  composite 
disk.  Therefore,  an  attempt  was  made  to 
evaluate  the  radius  of  the  plastic  zone  and  the 
plastic  strains  around  the  SiC  particle  using 
the  approach  described  in  Appendix  B. 

The  resultant  profile  of  the  effective  plastic 
strain  e  around  the  SiC  particle  and  the  extent 
of  the  plastic  zone  are  shown  in  Fig.  5.  As 
can  be  seen,  p  55  1.15  mm,  and  e  =  2.5%  at 
the  interface.  The  theoretical  plastic  strain  is 
higher  than  the  observed  plastic  strain,  and 
the  theoretical  plastic  zone  radius  is  smaller 
than  the  observed  plastic  zone  radius.  The 
theoretical  plastic  zone  size  is  estimated  on 
the  assumption  that  deformation  is  homogen¬ 
eous,  i.e.  uniform  around  the  SiC  particle.  In 
the  real  case  we  have  “bursts”  of  plastic  flow 
in  accordance  with  a  particular  crystallographic 
situation.  Thus,  the  extent  of  the  burst  of 
plastic  deformation  can  be  larger  than  that  of 
homogeneous  deformation  since  the  same 
amount  of  metal  flow  must  be  accommoda¬ 
ted.  The  explanation  of  the  difference  between 
observed  and  calculated  strains  can  be  given  as 
follows.  On  heating,  because  of  the  differen¬ 
tial  expansion  between  the  aluminum  and  the 
SiC,  the  aluminum  matrix  tends  to  pull  away 
from  the  SiC.  If  the  bonding  between  the 
aluminum  and  the  SiC  is  sufficient  to  resist 
the  pulling  action,  the  matrix  undergoes  de¬ 
formation  proportional  to  AT  of  the  cycle.  If, 
however,  the  bonding  is  weak,  the  matrix 
breaks  away  from  the  SiC  at  a  certain  temper¬ 
ature  Tb,  and  subsequent  temperature  in¬ 
crease  has  no  effect  on  matrix  deformation 
since  it  is  now  free  to  expand. 


Jit. 
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Hot-stage  observations  showed  that  slip 
band  formation  started  at  a  temperature  of 
less  than  373  K.  Accurate  evaluation  of  the 
temperature  at  which  slip  became  visible  was 
not  possible  because  the  thermocouple  in  the 
hot  stage  was  not  sensitive  enough  in  the 
temperature  range  between  298  and  373  K. 

It  was  noticed  that  more  slip  bands  were 
formed  on  the  heating  half  of  the  thermocycle 
than  on  the  cooling  half.  The  slip  band 
arrangement  on  the  cooling  half  repeated  the 
arrangement  developed  during  the  heating 
half.  When  the  temperature  approached  about 
773  K,  slip  bands  began  to  disappear.  This  can 
be  explained  from  the  surface  tension  point 
of  view'. 

Another  possible  explanation  of  the 
stoppage  of  slip  band  development  is  that  the 
aluminum  matrix  breaks  away  from  the  SiC 
and  continues  to  expand  freely  without  any 
restraint  from  the  SiC.  It  is  also  possible  that 
very  fine  slip  bands  still  continued  to  form 
(high  temperature  creep,  for  example),  but 
we  did  not  see  this  because  of  the  limitation 
in  resolution  of  our  optical  system.  It  should 
be  mentioned,  however,  that  the  disappearance 
of  the  slip  bands  corresponds  to  a  similar 
observation  made  by  Lammers  et  al.  [14]  in 
their  in  situ  transmission  electron  microscopy 
investigation  of  Al-SiC  composites.  They 
observed  “slip  lines”  in  thermally  cycled 
transmission  electron  microscopy  foils,  and 
these  slip  lines  disappeared  at  high  tempera¬ 
tures. 

The  fact  that  slip  band  patterns  formed  on 
cooling  repeat  themselves  shows  that  the  same 
slip  systems  are  engaged  in  the  “reversed” 
deformation,  proving  at  least  partially  that 
there  is  a  certain  reversibility  of  the  plastic 
deformation  that  occurs  when  the  load  is 
reversed. 

The  broken  lines  that  form  around  SiC 
appeared  to  be  the  boundaries  of  recrystal¬ 
lized  grains.  If  this  is  indeed  the  case,  re- 
crystallization  took  place  at  the  interface  and 
occurred  very  rapidly  (2-3  min). 


5.  CONCLUSION 

From  the  experimental  data  and  the  theo¬ 
retical  model  the  following  conclusions  were 
obtained. 


(1)  A  new  experimental  technique  for 
measuring  local  plastic  strains  was  developed 
and  utilized  in  the  Al-SiC  system. 

(2)  The  theoretical  treatment  of  the  short 
composite  cylinder  gave  the  distribution  and 
extent  of  the  plastic  strains,  which  are  in  fair 
agreement  with  the  experimental  results. 
There  is  a  disagreement,  however,  between 
the  experimental  and  theoretical  values  of 
plastic  strains  immediately  at  the  Al-SiC 
interface. 

(3)  An  Al-SiC  bond  is  a  very  important 
factor  influencing  the  plastic  deformation 
around  SiC  particles. 
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APPENDIX  A 

A.l .  Combined  plastic  shear  strain  7cpjs 
The  relation  between  the  slip  band  density 
N,  the  amount  S  of  slip  or  displacement  on 
the  band  and  the  plastic  strain  7  has  been 
discussed  in  a  number  of  publications  ( Al  - 
A3],  In  their  classical  works,  Yamaguchi  et 
al.  [Al]  and  Brown  [A2]  found  direct  pro¬ 
portionality  between  the  strain  and  amount 
of  slip  during  plastic  deformation.  Cottrell 


(  a3  I  summarized  their  results  and  arrived  at 
the  expression  y  =  NS  for  the  case  when  there 
is  only  one  slip  system  in  operation. 

For  a  multiple-slip-system  case,  however, 
this  expression  must  be  modified  to  take  into 
account  the  different  crystallographic  orienta¬ 
tions  of  the  slip  systems. 

The  attempt  to  carry  out  this  modification 
is  offered  in  the  present  work  and  consists  of 
the  following:  the  highlights  of  the  one-slip- 
system  case;  a  description  of  the  rigorous 
approach  for  multislip  cases;  a  simplified 
approximation  with  the  introduction  of  the 
combined  plastic  shear  strain  ycpa  concept. 

Let  us  assume  first  that  slip  occurs  in  one 
slip  system  only.  Let  us  consider  an  imaginary 
block  (Fig.  Al)  that  is  cut  out  of  material  in 
such  a  way  that  slip  planes  are  perpendicular 
to  the  facets  of  the  block.  This  block  is 
oriented  in  such  a  way  that  its  height  is 
measured  along  the  z  axis. 

Let  us  suppose  that  a  shear  stress  ryl  is 
applied  to  the  block  which  causes  the  block 
to  slip  as  shown  in  Fig.  Al. 

By  definition,  the  shear  strain  in  this  case 
is  expressed  as 


where  ASy  is  the  total  displacement  in  the 
y  direction  and  Z  is  the  height  of  the  block. 

The  total  displacement  ASy  is  equal  to  the 
sum  of  the  displacements  on  each  slip  plane, 
i.e. 

ASy  =  l  Si 

i«i 


X 


Fig.  Al.  Hypothetical  block  with  one  dip  syatem. 
Sj  it  the  displacement  on  the  dip  plane;  ASy  it  the 
total  displacement  along  the  y  axis. 


where  S’,  is  the  slip  or  the  displacement  in  the 
ith  band*.  (Here  S,  is  analogous  to  the  furrow 
depth  t  in  eqn.  (2).)  If  n  is  the  total  number 
of  slip  bands  involved  in  the  slip  and  Sy  is 
the  average  value  of  slip  per  one  band,  then 

A Sy  =  t  S , 

t  *  1 

=  nSy 

As  can  be  seen  from  Fig.  Al,  n  is  the  number 
of  intersects  that  the  z  axis  makes  with  the 
slip  bands  and  is  equal  to  the  total  number  of 
slip  bands  along  the  z  direction.  If  the  number 
N  of  slip  bands  per  unit  length  along  z  is 
known  (i.e.  the  slip  band  density),  then 

n  =  Nz 

where  N  (cm’1)  is  the  slip  band  density  along 
the  z  direction.  Now  the  total  strain  yyz  can 
be  expressed  [A3]  as 


_  nSy 

(Al) 

_NzSy 

z 

=  NSy 

N  can  be  evaluated  as  the  total  slip  band 
length  divided  by  the  total  area.  To  do  this 
we  can  take  eqn.  (Al)  and  multiply  the 
numerator  and  the  denominator  by  the  width 
L  of  the  block: 


nSy 

z 


_  nSy  L 
z  L 
_  (nL)Sy 
zL 
=  NASy 

'Generally,  the  slip  direction  does  not  have  to  be 
perpendicular  to  the  y  plane  a a  ihown  in  Fig.  Al . 
However,  despite  this  and  other  rather  crude  assump- 
tiom  that  are  made  later,  the  purpose  ia  to  show  the 
complexity  of  the  rigorous  treatment. 


*2 


Fig  A2.  Hypothetical  block  with  two  operational  slip 
sys'ems  1  and  2. 


Here,  nL  is  the  total  length  of  the  slip  bands 
on  the  side  of  the  block,  zL  is  the  total  area 
of  this  side  and  JVA  (cm-1)  =  nL/zL  is  the  slip 
band  density.  Thus, 

7>j  =NSy 

In  the  case  when  more  than  one  slip  system  is 
involved  in  plastic  deformation,  slip  bands 
are  not  parallel  but  instead  each  slip  system 
has  its  own  orientation*  (Fi£.  A2).  In  this 
situation  the  equation  for  shear  strain  has  to 
be  modified  to  take  into  account  the  different 
orientations  of  the  slip  bands.  The  rigorous 
way  to  do  this  would  be  as  follows. 

(1)  Determine  the  plastic  strain  yyti  using 
the  same  approach  described  previously  for 
slip  system  1. 

( 2 )  Rotate  the  coordinate  sy ste  m  x  x ,  y i ,  z  i 
to  align  it  with  system  x2,  y2,  zz  where  z2  is 
the  direction  perpendicular  to  slip  bands  in 
slip  system  2.  In  the  coordinate  system  x2,  y2, 
z2,  determine  7yjJj  using  the  relation 

^*1  *i  fly,i  *ti,/7i>  (A2) 

where  ayiia2iJ  is  the  rotation  matrix  and 
yit  is  the  strain  tensor  in  the  x1,y1,z1  coordi¬ 
nate  system  and  is  given  by 


[0  0  0  l 


•Here,  the  hypothetical  assumption  is  made  that 
flip  planes  from  the  second  slip  system  are  also 
perpendicular  to  the  facets  of  the  block. 


(3)  Combine  the  terms  determined  in  step 

(3)  with  the  terms  from  step  (1 )  having  the 
same  indices.  Now  we  have  obtained  the  total 
strain  tensor  ei;  in  the  Xj ,  ,  zx  coordinate 

system  due  to  all  slip  systems: 

0  0  0  " 

e,j=  0  0  7y* 

-0  7,>  0  . 

(4)  Determine  the  principal  components  of 
the  strain  tensor  eu  solving  the  following 
equation : 

-x  o  o  ■ 

0  -X  yyt  =  0  (A3) 

.0  7iy  —X. 

for  X.  The  three  roots  Xj ,  X2  and  X3  are  the 
three  principal  strains  Cj ,  e2  and  e3  respec¬ 
tively. 

(5)  Determine  the  effective  strain 

nV2 

e  = -—{(6! -e2)2  +  (e2-e3)2  +  (ea-Cj)2}172 

O 

As  a  result  of  all  these  steps  we  finally  get 
one  data  point  on  the  plot  e  =  f(r).  This 
procedure  is  simple  in  principle  but  compli¬ 
cated  to  implement,  since  the  crystallographic 
orientation  has  to  be  determined  for  each 
grain.  As  an  alternative  way  of  estimating  the 
amount  of  plastic  deformation  that  occurred 
around  the  SiC  particle,  the  following  approxi¬ 
mation  is  offered . 

First,  the  concept  of  combined  plastic 
shear  strain  ycpu  is  introduced.  We  shall  define 
7c pm  as 

7cp„  =  KNS 

where  §  is  the  average  step  height.  In  general, 
the  slip  plane  is  not  perpendicular  to  the 
surface  and  therefore  the  coefficient  K  is 
incorporated,  if  is  a  coefficient  which  will  be 
evaluated  later.  N  is  the  slip  band  density, 
which  is  obtained  from  the  total  slip  band 
length  of  all  slip  systems  divided  by  the  area 
where  the  total  slip  band  length  is  the  length 
of  all  the  slip  bands  enclosed  in  a  selected 
area  (e  g.  a  square  mesh  of  some  net).  The 
selection  of  the  size  of  the  area  is  based  on 
considerations  of  the  scale .  It  is  realized  that 
the  combined  plastic  shear  strain  ycpu  has  no 
direct  correlation  with  the  effective  strain  ( , 
the  octahedral  shear  strain  7oct  or  any  other 


specific  strain.  However,  the  relative  simplicity 
in  the  determination  of  and  the  fact  that 
7cpM  takes  into  account  direct  proportionality 
between  the  amount  of  plastic  deformation 
and  the  slip  band  density  makes  it  very  attrac¬ 
tive  for  use  as  a  criterion  for  plastic  deforma¬ 
tion  in  our  case  and  in  other  similar  cases  in 
general. 


Now  we  shall  assume  that  the  amounts  of 
strain  N,SM1 ,  N2SM2  andN3SM3  are  approxi¬ 
mately  equal  because  of  the  symmetry  of  the 
specimen  and  provided  that  no  voids  or  cracks 
are  created.  Furthermore, 

7cP„  =  HSj  ——  +  — —  +  —r  ) 

Vsin  0,  sm  02  sin  03/ 


.4.2.  Determination  of  the  coefficient  K 
The  coefficient  K  takes  into  account  the 
different  crystallographic  orientations  of  slip 
systems.  Let  us  consider  the  case  when  we 
have  three  slip  systems  operating,  i.e.  we  see 
three  slip  band  groups.  The  individual  slip 
systems  contribute  the  strain  A/jSj,  N2S2  and 
N3S3  to  the  total  7ct)„,  i.e. 

7cpm  =  ^lSl  +  S2S2  +  N3S3 

where  Nlt  N2  and/V3  are  the  slip  band  densities 
and  Slf  S2  and  S3  are  the  average  displace¬ 
ments  on  the  band  within  each  slip  system, 
given  by 

<?  =  S*11 

1  sin  0t 

o  _ 

2  sin  d2 


7cptl  —  KNSyjf 
where 

111 

K  = - + -  + - 

sin  6 j  sin  d2  sin  d3 

Let  us  evaluate  the  range  within  which  K  can 
change  by  considering  a  unit  triangle  (Fig. 
A3).  Let  the  directions  shown  on  the  triangle 
correspond  to  the  poles  of  the  surface  of  the 
sample.  Then  the  values  of  K  would  be  as 
shown  in  Table  A1 .  The  average  value  of  K 
is  about  4.5  when  three  slip  systems  are 
operating.  Thus,  the  average  correction  factor 
per  one  slip  system  is  4.5/3  =  1.5.  In  general, 
slip  band  densities  were  measured  along 
directions  going  through  areas  where  two  slip 
systems,  i.e.  two  sets  of  slip  bands,  were 
present.  Thus  for,  two  slip  systems,  K  -  2  X 
1.5  =  3. 


where  SM1 ,  SM2  and  SM3  are  the  average 
heights  of  the  slip  bands  in  the  tliree  slip 
systems,  measured  perpendicularly  to  the 
surface,  and  0lt  02  and  03  are  the  angles 
between  the  slip  planes  and  the  surface 
plane.  Thus, 

1  .  1 

7cpm  -  ^l^Ml  .  a  +  ^2^M2  .  a  + 
sm  0j  sm  02 


+  n3sM3  , 

sm  03 


Fig.  A3.  Some  orientation*  of  the  sample  for  which 
value*  of  K  were  determined. 


TABLE  A1 


Value*  of  K  corresponding  to  the  orientation*  shown  in  Fig.  A3 


Surface  plane  pole 
K  for  (III)  flip  plane 


:->>  as,  w* 


31 


I 


t 


S 

V 


« 


References  for  Appendix  A 

A1  K  Yamaguchi,  Set  Paper  Inst.  Phys  Chem.  Res. 

Tokyo,  8  (1928)  289,  11  (1929)  151. 

A2  A.  F.  Brown,  J  Inst.  Met.,  80  (1951 )  1 15. 

A3  A  H.  Cottrell,  Dislocations  and  Plastic  Flow  in 
Crystals,  Clarendon,  Oxford,  1965,  p.  157. 


SiC  and  aluminum.  If  we  did  not  have  SiC  in 
the  center  of  the  aluminum  disk,  the  alumi¬ 
num  ring  would  shrink  without  any  restraint 
and  the  size  of  the  bore  would  be  reduced  by 

Ua  =  Aa  =  a  Aa  AT 


APPENDIX  B 

Among  the  several  composite  models  des¬ 
cribed  in  the  literature,  there  is  one  that 
appears  to  be  close  to  our  case;  this  is  known 
as  the  long -composite-cylinder  model.  It 
consists  of  long  continuous  fiber  surrounded 
by  the  metal  matrix.  This  model  implies  that 
plastic  strain  in  the  direction  of  the  fiber  (the 
z  direction)  resulted  from  unequal  expansion 
or  contraction  of  fiber  and  that  the  matrix 
is  a  constant,  i.e.  e2  —  dl/l  =  constant  where  / 
is  the  length  of  the  fiber. 

Therefore,  the  total  plastic  strain  state 
becomes  a  plane  strain  case  which  enables  two 
other  plastic  strains  er  and  ee  to  be  found 
without  difficulty.  Although  short  composite 
cylinders  have  the  same  symmetry  as  long 
composite  cylinders,  the  strain  in  the  z 
direction  is  not  a  constant  but  is  in  general  a 
function  of  two  variables:  (1)  the  distance 
from  the  interface  and  (2)  the  position  along 
the  z  axis.  Since  e,  constant,  the  long- 
cylinder  approach  cannot  be  used  in  our  case. 

We  shall  discuss  the  case  shown  in  Fig.  Bl. 
Let  us  consider  an  Al-SiC  disk  that  cools 
from  a  temperature  T.  As  a  result  of  cooling, 
a  certain  amount  of  aluminum  will  be  pushed 
back  because  of  the  differential  shrinkage  of 


where  a  is  the  radius  of  the  SiC,  Aa  (=  25  X 
10"6  K'1)  is  the  difference  between  the  co¬ 
efficient  of  thermal  expansion  of  aluminum 
and  that  of  SiC,  AT  (~  500  K)  is  the  tempera¬ 
ture  interval  and  Ua  is  the  displacement  at  the 
interface.  The  reduction  in  the  radius  of  the 
bore  does  not  occur  when  SiC  is  present  in 
the  center  of  the  aluminum  disk.  The  amount 
of  aluminum  that  is  not  allowed  to  go  towards 
the  center  of  the  bore  would  cause  plastic 
flow  of  the  adjacent  matrix  in  all  directions 
away  from  the  SiC.  Thus,  some  of  the  matrix 
will  spill  out  (as  shown  in  Fig.  Bl).  As  we  go 
further  away  from  the  interface,  the  plastic 
flow  is  restricted  by  the  matrix  that  surrounds 
the  central  portion .  Two  regions  can  be 
considered:  the  plastic  region  that  we  assume 
is  adjacent  to  the  SiC  and  the  elastic  region 
that  encloses  the  plastic  region.  Let  us  make 
the  following  assumptions. 

(1)  In  the  plastic  zone  the  matrix  is  a  per¬ 
fectly  plastic  material,  i.e.  no  work  hardening 
occurs. 

(2)  At  the  starting  temperature  T  of  773  K, 
SiC  and  aluminum  are  just  in  contact  with 
one  another. 

(3)  The  profile  of  the  aluminum  which  has 
spilt  out  is  a  straight  line. 


i 


Fig.  Bl  Schematic  representation  of  the  plastic-elastic  shell  around  the  SiC. 
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(4)  The  plastic -elastic  front  is  also  a 
straight  line. 

Now  let  us  consider  the  radius  p  of  the 
plastic  zone.  It  is  a  function  of  the  vertical 
position  of  the  transverse  plane  in  which  p 
is  considered.  According  to  our  assumption, 

P  =  p0  -  qz 

(the  equation  of  the  straight  lme)  where  p0  is 
the  plastic  zone  radius  in  the  “0”  plane, 
which  is  the  plane  of  symmetry  between  the 
upper  and  lower  halves  of  the  composite 
disk.  To  determine  q  we  let  z  =  |  H,  i.e.  the 
top  of  the  “H"  plane  is  considered.  When 
z  =  \  H,  p  =  pH.  Therefore 

Ph  =  Po  “ 

From  this 

1 

q  =  2(p0  -pH)  — 

H 

and  now 

P  =  Po  ~  2(Po  ~  Ph)~  (Bl) 

H 

Let  us  consider  now  the  portion  of  the  matrix 
that  spills  out.  From  the  triangle  shown  in 
Fig.  B2  we  can  wnte 

Ph  ~ '  r 

Ut  =  Ah  — -  (B2) 

Ph  —  a 

where  U,  is  the  vertical  displacement.  Gener¬ 
ally  speaking,  the  vertical  displacement  Ut  is 
a  function  of  z  and  r,  i.e. 

U,  =  $if(z),g(r)} 

Equation  (B2)  gives  only  an  expression  for 
Ut  when  the  “//”  plane  is  considered.  The 
problem  thus  is  to  find  a  general  expression 
for  Ut.  To  do  this,  let  us  replace  pH  in  eqn. 


i 

4 


PLANE 


■  1/2  H 


(B2)  with  a  general  expression  for  p  (eqn. 
i  Bl ))  when  z  =\H 


b\  =  Ah 


Po  ~  2(p0  -  p„)‘  — r 
Po  —  2(p0  pH )  ;  —  a 


Ah 


_  i 


H  Aa  A T 


and 


Ut  =  \H  A  a  A  T 


Po  2 (p0  P// )  2  r 

Po  — 2(p0  ~ pH)\  —  a 


(B3) 


If  we  simplify  eqn.  (B3)  it  reduces  to  eqn. 
(B2),  but  let  us  leave  eqn.  (B3)  in  its  form  and 
examine  it  in  more  detail.  First  let  us  substi- 
tude  H  =  1  mm  in  eqn.  (B3),  since  this  is  a 
convenient  way  of  simplifying  this  expression 
and  H  =  1  mm  happens  to  be  the  actual 
height  of  our  composite  disks.  Now  we  can 
rewrite  eqn.  (B3)  as 


U,  =|  Aa  AT 


Po  ~  2(p0  —  Ph)  \  ~  r 
Po  2(p0  —  Ph)  I  a 


(B4) 


for  z  =  \H  or  if  we  normalize  z  =  z/H  =  | . 
Let  us  check  the  values  of  Uz  at  different  z 
values.  First,  let  z  -  \  (“ H "  plane),  and  so 

AT  2(Po  ~  Ph)\  ~  r 

Po  2(p0  pH)  j  a 

Then,  when  r  =  a, 

UM  =  |  Aa  AT  =  Ah 


and,  when  r  =  pH, 


U,  =  0 


Let  z  -  0  (“0”  plane),  and  so  Ut  =  0,  since 
the  "0”  plane  is  the  plane  of  vertical  sym¬ 
metry.  At  this  point  we  can  see  a  certain 
logic  in  eqn.  (B4),  which  enables  us  to  suggest 
the  general  expression  for  Ut  in  the  following 
form: 


Ut=z'  Aa  AT 


Po  ~  2(p0  —  pH)z'  ~r 
Po  ~  2(p0  —  Ph)z  o 


(B5) 


(since  H  =  1).  It  is  realized  that  eqn.  (B5) 
lacks  rigorous  proof.  However,  since  it  in¬ 
corporates  our  boundary  conditions  and 
since  we  do  not  have  any  additional  informa¬ 
tion,  it  is  reasonable  to  adopt  eqn.  (B5)  and 
to  see  what  results  we  can  obtain  and  then  to 
judge  the  validity  of  this  expression.  Let  us 
consider  the  cylindrical  coordinate  system  in 
which  the  z  axis  coincides  with  the  z  axis  of 
our  sample,  By  definition 


Fig  B2  "Spill-out"  portion  of  the  aluminum  matrix 


To  find  the  constant  C  we  use  the  boundary 
condition  l/r_0  =  £/,  =  a  Aa  AT: 
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_dUr 
€r  dr 

Ur 

€e  =  ~ 


A  Po  —  2(p0  —  Ph)z  —r 

=  Aa  AT - - f- 

p0-2(p0-pH)z-a 


A  A„  2(p0  —  pH)(a  —  r) 

+  z  A a  AT  - 

[Po  —  2(p0  ~ Ph)z  ~a] 

Incompressibility  requires  that 

er  +  e0  +  e,  =  0 

or 

dUr  Ur 

-~r  +  -  +  = 0  (B 

dr  r 

Let  us  consider  the  “0”  plane,  where  2=0; 
then 


€,  =  Aa  AT 


Po  ~r 


Po  -  a 

Equation  (B6)  then  becomes 

d  U.  U.  Po  ~  r 

— -  +  -  +  Aa  AT  — - =  0 

dr  r  p0— a 

d  Ur  Ur 

— -  +  —  +  M  -Nr  =  0 

dr  r 


where 

M  =  Aa  AT 
and 

N  =  Aa  AT 


Po 

Po~“ 


1 

N  =  Aa  AT - 

Po 

The  solution  of  eqn.  (B9)  is 


M  C  N 

Ur  -  — -  r  +  -  +  —  r2 
2  r  3 


(BIO) 


•From  here  on  we  omit  the  superscript  prime  in  z 
and  use  z  instead  to  prevent  confusion,  but  it  should 
be  borne  in  mind  that  the  value  z  is  normalized  with 
respect  to  H 


U=aAaAT 


M  C  N  , 

—  a  +  — I —  a2 
2  a  3 


M  ,  N  , 

C  =  aUa  H —  a2 - a3 

2  3 

Now  eqn.  (BIO)  becomes 

M  Uaa  Ma2  Na 3  N  , 

Ur  - r  +  —  + - H —  r2 

2  r  2r  3r  3 


(Bll) 


Now  we  can  find  the  strains  er,  ee  and  ez  for 
the  “0”  plane: 


_d  Ur_ 

M 

Uaa 

Ma2 

No2 

2 

6r  “  dr  _ 

2 

'  r2  " 

2  r2 

+  3  r2 

*  —  ivr 

3 

UT 

M 

_ 4_ 

Uaa  Ma 2 

No3 

N 

ee  —  — 

r 

-  T 

2 

r2  " 

2r2 

3r2  ^ 

■  —  r 

3 

e,  =M  -Nr 


(B12) 


Let  us  consider  the  tip  of  the  plastic -elastic 
interface,  i.e.  r  =  p0.  Then  (e,  =  0  from  eqn. 
(B7 )) 


fr  =  “  Cfl 


(B13) 


where  t/Po  is  the  displacement  of  the  tip  of  the 
plastic -elastic  front: 

Ur.Po  =  t/p. 

Each  point  of  the  plastic-elastic  front  is  in 
the  state  of  incipient  yielding,  i.e. 


where  €  is  the  effective  strain  at  the  interface 
and  e0  is  the  yielding  strain  taken  from  the 
yielding  condition  of  the  tensile  sample  in 
uniaxial  loading: 

o y  -  Ee0 

Therefore 

e°  E 

11.73 
”  62X103 
*  2X10‘4 
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where  ay  —  11.73  MPa  and  E  —  62  X  103  MPa 
for  pure  aluminum.  Thus  we  have  a  system 
of  equations: 


*r(,r*p  ) 


G<r-P0)  0 


(B14) 


Applying  the  von  Mises  yielding  condition, 

21V2 

*  =  —  ((fi  -e2)2  +  (ei~e3)2  +  (e2  -ea)2}^2 

where  ,  e2  and  e3  are  the  principal  strains. 
Generally  speaking,  the  strains  er,  eg  and  e2  do 
not  coincide  with  the  principal  strains  ,  e2 
and  e3,  because  of  the  existence  of  the  shear 
component  in  the  total  strain  tensor,  which  is 
given  by 

_dU2  dUr 

fir  ,  , 

dr  dz 

The  components  y6r  and  ya  are  equal  to  zero 
because  of  the  symmetry  around  SiC. 

dU,  AaATz 

dr  p0-2(p0-pH)z~a 

for  the  “0”  plane;  when  z  =  0,  dUz/dr  =  0.  To 
evaluate  dUr/dz,  let  us  consider  the  region  of 
the  matrix  adjacent  to  the  “0”  plane  as  shown 
in  Fig.  B3.  Point  A  is  displaced  to  point  A', 
and  point  B  to  point  B'.  (B  is  a  mirror  image 
of  A.)  The  displacements  C/AA  and  C^b'  sure 
equal  because  of  the  symmetry  and  from  the 
assumption  that  no  voids  are  created.  The 
displacement  Ur  varies  as  we  go  along  the  z 
axis  and  presents  a  continuous  function  of  z. 
Since  the  function  is  continuous  and  sym- 


“0‘  PLANE 


I  — n 


Fig  B3.  Displacements  AA*  and  BB*  of  the  matrix 
symmetrical  about  the  **0”  plane. 


metrical  about  the  “0”  plane,  it  goes  through 
its  local  maximum  or  minimum  point  when  it 
crosses  the  “0”  plane  and  therefore  dU2/dz  =  0 
when  z  =  0.  Thus  we  found  that,  within  the 
“0”  plane,  all  the  shear  components  of  the 
strain  tensor  are  equal  to  zero,  which  means 
that  er  -  elyee  =  e2  and  e2  =  e3  for  the 
“0”  plane.  Thus,  if  we  go  back  to  the  von 
Mises  condition  of  yield,  the  effective  strain 
e  can  now  be  expressed  as 
oV2 

e  =— -  {(er-e9)2  +  (ee-e2)2  +  (er-e,)2  }v2 

u 


and,  from  eqn.  (B14), 

2 1/2  {/f/0  \2  Cl UQ\2 


=  1.155 


However, 

e  -  e0 

=  2  X  10”4 
Up 

=  1.155 

P  o 

Therefore 


=  1.7  X  10~4 
Po 


(B15) 


From  eqn.  (Bll)  we  get 


M  Uaa  Ma 2  Na3  N  , 

n  = - p.  +  -A-  + - +  —  p  2 

Po  2  Po  Po  2p0  3p0  3  ° 

and,  substituting  for  M  and  N,  we  obtain 
Aa  ATiPo2  +ap0  +a2  (a  +  p0)p0 


(B16) 

Equations  (B15)  and  (B16)  can  be  solved  as  a 
system  of  two  equations  with  two  unknowns, 
UPo  and  p0.  Solving  them,  we  obtain  p0  =  1.15 
mm.  In  order  to  find  pH  we  can  follow  the 
same  procedure.  However,  for  the  “//”  plane 
case  the  strains  er,  and  e,  are  not  equal  to 
elt  e2  and  e3.  Therefore  the  procedure  has  to 
be  modified.  The  new  procedure  would  be  to 
find  an  expression  for 

d  Ut  dUr 

hr  =  —  +  T" 
dr  dz 
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for  z  —  |  and  then  to  solve  the  equation 


A  * 

<< 

1 

0 

1 

0 

€0  -  x 

0 

-Izr 

0 

1 

N 

This  is  a  cubic  equation.  Three  roots  give  the 
values  for  the  principal  strains: 

Xj  = 

X2  =  e2 


This  is  simple  in  principle  but  very  complex 
to  implement  for  the  following  reason.  The 
individual  components  of  this  tensor  are  of 
the  type  expressed  by  eqns.  (Bll)  and  (B15). 
If  the  coefficients  of  the  cubic  equation  were 
numerical,  then  we  could  solve  it  using  the 
trial -and-error  method.  In  our  case,  all  the 
coefficients  have  a  general  expression.  The 
general  solution  of  the  cubic  equation  has  the 
form 

r  n  l/«\2  /  n\3  1 V2-1I/3 


♦l-HSMSTT 


Each  q  and  p  would  be  a  combination  of  the 
expressions  for  er,  e0,  and  y2r.  Because  of 
the  difficulty  of  determining  pH  in  a  rigorous 
way  we  can  use  an  approximate  solution  by 
treating  strains  er,  €fl  and  e,  as  the  principal 
strains  el,  e2  and  e3.  This  implies  that  we 
ignore  the  influence  of  the  shear  strain  ytr. 

It  is  realized  that  the  resulting  value  for  pH 
will  not  be  a  true  value  but  it  will  at  least  give 


an  idea  of  the  extent  of  the  plastic  zone  on 
the  surface  of  the  sample.  Additionally,  if 
the  magnitude  of  yJr  is  small,  the  deviation  of 
er,  ee  and  e2  from  e2  and  e3  will  also  be 
small. 

Now,  considering  z  =  |  and  using  the 
yielding  condition  at  the  plastic -elastic 
front,  we  can  follow  steps  similar  to  those 
that  we  used  for  the  “0”  plane.  As  a  result 
pH  =  1.11  mm.  It  is  useful  to  find  a  general 
expression  for  e  in  the  “0”  plane.  After 
substitution  of  the  numerical  values  for  a 
and  p,  eqn.  (B12)  becomes,  for  z  =  0, 

1.15  -r 

e2  = - Aa  AT 

0.65 

0.513r3  +  0.407  -  0.885r2 
ee  = - - - Ac*  AT 


0.667r3  -0.575r2  -0.265 
£-  = - ^ - A“Ar 


e  =  9.077  X10'3  X 


X  4.668r2-10.35r+  5.952- 


X  ^4.668r 

0.42\V2 
r*  ) 


0.531 


This  effective  strain  is  plotted  as  a  function  of 
r  in  Fig.  5.  When  e  =  e0  =  2  X  10~4  is  substi¬ 
tuted  in  the  expression  above,  the  theoretical 
plastic  zone  radius  can  be  obtained  from  r  = 
p  =  1.15  mm.  The  radius  of  the  fiber  is  0.5 
mm.  Thus  p  —  1.15/0.5  =  2.3  X  fiber  radius. 
This  radius  includes  the  fiber  size.  Thus  the 
extent  of  the  plastic  zone  measured  from  the 
interface  is  (2.3  —  1)  X  fiber  radius  =  1.3  X 
fiber  radius. 
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ABSTRACT 

An  investigation  was  undertaken  to  eval¬ 
uate  the  strength  of  the  interfacial  bond 
between  SiC  and  the  aluminum  alloy  6061 
matrix.  Approximate  bounding  analysis 
provided  the  conditions  for  separation  of  the 
inclusion  from  the  ductile  matrix  under  the 
local  negative  pressure  (the  triaxial  tensile 
stress).  The  experimental  data  were  analyzed 
to  determine  the  local  interfacial  stresses  at 
the  particle -matrix  interfaces.  The  lower 
bound  value  of  the  bond  strength  was  deter¬ 
mined  to  be  equal  to  at  least  1690  MPa. 
Debonding  of  SiC  particulates  from  the 
matrix  was  found  to  be  a  rare  event. 


1.  INTRODUCTION 

The  quality  of  the  interfacial  bond 
between  aluminum  and  SiC  is  important  in 
composite  strengthening,  independent  of 
the  strengthening  mechanism  that  is  assumed 
to  be  operative.  One  of  the  key  elements  in 
the  continuum  mechanics  treatment  of  the 
composite  strengthening  is  that  tht  interface 
transfers  the  load  from  the  matrix  into  the 
reinforcement  [1-3].  The  rule  of  mixtures 
that  emerges  from  continuum  mechanics 
relates  a  given  property  of  the  composite 
to  the  properties  of  its  constituent  materials. 
The  credibility  of  this  approach  depends  on, 
among  other  factors,  the  bond  integrity  and 
the  efficiency  of  the  load  transfer  from  the 
matrix  to  the  reinforcement. 

Recently  it  has  been  shown  [4-6]  that  in 
Al-SiC  systems  the  interfaces  are  a  major 
source  of  the  dislocation  generation  (on 
cooling  from  fabricating  temperature  beca1  .se 
of  the  difference  in  the  coefficient  of  thermal 
expansion).  The  resultant  dislocation  den¬ 
sities  at  the  Al-SiC  interfaces  can  be  very 


high  (109-1010  cm-2),  which  significantly 
contributes  to  the  overall  composite  strength. 
Interestingly,  when  an  Al-SiC  system  is 
subject  to  heating,  the  Al-SiC  interface  also 
generates  dislocations  (provided  that  the 
Al-SiC  bond  is  quite  strong)  [7].  If  the  bond 
is  weak,  the  aluminum  just  pulls  away  from 
the  particle  and  is  free  to  expand  without 
any  restrictions  on  the  part  of  the  SiC  and, 
in  the  subsequent  cooling,  no  dislocations 
are  generated.  Therefore  a  good  bond  is 
required  to  produce  the  high  dislocation 
density. 

Several  investigators  have  reported  that 
the  Al-SiC  bond  is  generally  good  [8,  9], 
but  a  systematic  evaluation  of  the  bond 
strength  has  not  been,  to  our  knowledge, 
reported  in  the  literature.  Direct  measure¬ 
ments  of  the  interfacial  shear  strength  in 
metal  matrix  systems  have  been  made  using 
flat  plate  and  fiber  pull-out  tests  [10].  The 
fiber  pull-out  test,  which  is  of  more  interest 
for  this  investigation,  was  used  to  determine 
the  interfacial  shear  strength  in  Cu-W  and 
Cu-Mo  systems  [11].  Several  attempts  were 
made  to  carry  out  a  direct  measurement  of 
the  interfacial  bond  shear  strength  in  Al-SiC 
using  the  pull-out  test  because  of  its  apparent 
simplicity.  However,  all  these  attempts 
resulted  in  the  brittle  failure  of  SiC  (single- 
crystal,  very-large-grain  and  sintered  SiC  were 
used)  at  very  moderate  loads. 

In  addition,  an  effort  was  made  to  perform 
a  punch  test  using  aluminum  disks  with 
pieces  of  the  SiC  embedded  in  the  center. 
This  effort  also  resulted  in  premature  failure 
of  the  SiC. 

Another  way  to  evaluate  the  interfacial 
bond  strength  is  based  on  the  general  under¬ 
standing  of  the  mechanism  of  the  ductile 
fracture  [12-15]  and  was  applied  for  the 
determination  of  the  interfacial  bond 
strength  in  spheroidized  type  1045  steel, 
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Cu-0.69cCr  alloy  and  maraging  steel  contain¬ 
ing  Fe3C,  Cu-Crand  TiC  particles  [16,  17]. 
Provided  that  the  ductile  fracture  starts  by 
void  nucleation  at  the  inclusions  and  second- 
phase  particles,  the  theoretical  bounding 
analysis  [15]  allows  the  evaluation  of  the 
interfacial  strength  in  the  systems  with  the 
small  volume  fraction  of  the  second  phase. 

The  purpose  oi  tnis  investigation  was  to 
determine  experimentally  the  bond  strength 
between  SiC  and  aluminum  in  a  commercial 
composite  material  using  the  analysis  of 
separation  of  the  inclusion  from  the  matrix 
under  the  negative  pressure. 


2.  EXPERIMENTAL  PROCEDURE 


d r' 


A-A 


s  uy 


5.5  mm 


(a) 


A-A 


A  1  vol.%  SiC  particulate  in  an  aluminum 
alloy  6061  matrix  composite  purchased  from 
DVVA  was  used  for  this  investigation.  The  low 
volume  percentage  of  the  particulate  was 
necessary  in  order  (1)  to  provide  favorable 
conditions  for  ductile  fracture  and  thus  to 
activate  the  mechanism  of  a  void  nucleation 
and  growth  type  of  failure  and  (2)  to  satisfy 
criteria  of  non-interacting  particles  [17]. 

At  higher  volume  concentrations  the  Al-SiC 
composites  exhibited  very  little  ductility. 

The  theoretical  analysis  of  the  inclusion 
separation  from  the  matrix  that  was  used 
in  this  investigation  was  based  on  the 
assumption  that  there  is  no  interaction 
between  the  particles,  which  is  a  reasonable 
statement  for  a  small-volume  concentration. 

The  composite  material  was  machined  to 
standard  tensile  test  specimens.  In  order  to 
introduce  a  local  triaxial  stress  state,  a 
circumferential  groove  was  electricodischarge 
machined  in  the  center  of  the  specimen 
(Fig.  1).  Subsequently,  the  specimens  were 
solution  annealed  at  823  K  for  12  h  and 
iced  water  quenched  in  order  to  keep  the 
Mg2Si  phase  in  the  solution  and  thus  to 
limit  the  presence  of  particles  other  than 
SiC.  After  quenching,  the  samples  were 
placed  in  the  freezer  of  a  commercial  refrig¬ 
erator  where  they  were  stored  at  265  K,  and 
within  a  few  minutes  the  samples  were 
warmed  up  to  the  testing  temperature  of 
295  K.  The  specimens  were  tested  in  tension 
to  fracture  using  the  Instron  testing  machine 
at  a  cross-head  speed  of  0.05  cm  min'1.  The 
fractured  halves  were  electric  discharge 


fz 


a  =  2.25mm 


R  =  0.1  mm 


(b) 

Fig.  1.  A  schematic  view  of  (a)  the  specimen  and 
(b)  an  enlarged  portion  of  the  groove  showing  the 
groove  geometry  and  the  location  of  the  maximum 
triaxial  stresses. 


machined,  cut  longitudinally  (parallel  to  the 
tensile  axis)  and  mechanically  polished.  Final 
polishing  was  done  using  a  colloidal  silica 
suspension  as  abrasive  (Buehler’s  Mastermet) 
on  the  special  moderate-length  nap  cloth 
(Buehler’s  Mastertex).  Since  this  suspension 
has  a  slightly  alkali  reaction,  the  final  polish¬ 
ing  was  accomplished  both  mechanically  and 
chemically.  Therefore  the  surface  was  ready 
for  inspection  without  the  necessity  of 
etching  to  delineate  the  SiC  particulates. 
Polished  sections  were  examined  for  void 
and  particle  separation  using  scanning  electron 
microscopy. 
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Fig.  2.  Electron  micrographs  of  the  different  areas  of  the  longitudinal  cross  sections  of  the  fractured  Al-lvoL%SiC 
specimens:  (a),  (b)  taken  in  the  vicinity  of  the  bottom  of  the  groove  (no  apparent  debonding  is  present  at  the 
position  of  maximum  triaxial  stress);  (c)-(g)  taken  below  the  fracture  surface  away  from  the  groove;  (h)-(  j)  taken 
far  away  from  the  fracture  and  representing  the  bulk  of  the  specimen.  (Magnifications:  (a)  428 X  ;  (b)  540x  ;  (c) 
500x  ; (d)  490x;(e)  930x;(f)  623x;(g)  720x;(h)  475 x  ;(i)  598x;(j)  428x.) 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  experimental  technique  adopted  in 
this  work  was  based  on  the  determination  of 
local  stresses  during  plastic  deformation 
under  a  triaxial  stress  state  [16].  The  bonding 
analysis  [16]  showed  that  the  interfacial 
stress  o„  can  be  expressed  as 

o„  =  oT  +  y(et>)  (1) 

where  oT  is  the  local  negative  pressure  (the 
triaxial  tensile  stress)  and  y(ep)  is  true  flow 
stress  in  tension  corresponding  to  the  local 
average  plastic  strain,  had  the  second-phase 
particle  been  absent.  This  analysis  was  based 
on  the  assumption  that  (1)  particles  have  an 
equiaxed  shape  and  (2)  the  volume  fraction 


of  the  second  phase  is  small.  Also,  it  can 
be  mentioned  that  SiC  is  rigid  and  unde¬ 
formed.  This  physical  property  agrees  very 
well  with  the  assumption  of  rigidity  of  the 
inclusions  [16]. 

The  distribution  of  the  triaxial  tensile 
stress  along  the  radial  line  in  the  plane  of  the 
groove  was  obtained  from  the  theory  of 
stress  concentrations  on  circumferentially 
grooved  elastic  bars  originally  considered  by 
Neuber  and  then  expressed  [16]  as 


{1  —  (r/a)2  }1/z 


(2  =  0) 


where  aT  /o0  represents  the  triaxiality,  oT  is 
the  negative  pressure,  o0  is  the  flow  stress  or 
average  ligament  stress,  z  is  equal  to  the 
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Fig.  3.  Electron  micrographs  of  the  areas  below  the  fracture  surface  (a)  at  the  bottom  of  the  groove  and  (b)-(e) 
away  from  it  where  debonding  was  observed.  (Magnifications:  (a)  576x  ,  (b)  450x  ;  (c)  495x  ;  (d)  720x  ; 

(e)  766  x  . ) 


vertical  distance  along  the  z  axis,  i.e.  the  at  the  bottom  of  the  groove,  r  should  be 

tensile  axis  center-line  of  sample,  and  r  is  equal  to  a  where  2 a  is  the  diameter  of  the 

the  distance  from  the  z  axis.  Since  the  tri-  ligament  (see  Fig.  1).  The  parameters  c  and 

axiality  <7T/a0  reaches  its  maximum  value  a  are  defined  as  follows: 


1  +  a/R  +  (1  +  a/R)112 


2  { 2  +  a/R  +  (1  +  a/R)112} 
a(l  +  a/R) 
a/R 


where  a  is  the  radius  of  the  ligament  and  R 
is  the  radius  of  the  groove  (see  Fig.  1(b)). 

The  longitudinal  sections  of  the  tested  speci¬ 
men  are  shown  in  Fig.  2.  In  general,  the 
number  of  voids  associated  with  the  debond¬ 
ing  of  SiC  particulates  was  much  smaller 
than  the  total  number  of  voids  related  to 
the  fracture.  Several  examples  of  the  areas 
where  debonded  SiC  particulates  can  be 
observed  are  shown  in  Fig.  3.  The  de bonding 
shown  in  Fig.  3  is  a  rather  rare  event  and  is 
not  typical  of  Al-SiC  fractured  samples  [18]. 

According  to  the  Neuber  analysis,  the 
largest  negative  pressure  occurs  at  the  outer 
surface  of  the  groove  (see  Fig.  1).  Since,  in 
general,  no  separation  between  the  SiC 
particulates  and  the  aluminum  matrix  was 
observed,  it  is  reasonable  to  assume  that,  for 
the  Al-SiC  bond, 


on>o1 


+  Y(ep) 


The  value  of  V(ep)  was  obtained  from  the 
stress-strain  curve  as 


F(ep)  = 


where  P,  will  equal  the  load  at  failure  which 
will  be  750  kgf  and  At  will  equal  the  area 
across  the  grooved  region.  The  values  of  c 
and  a  can  be  obtained  from  eqns.  (3)  and 
(4)  respectively.  At  the  bottom  of  the  cir¬ 
cumferential  grove  (z  =  0),  these  values  are 
c  =  0.48  and  a  =  2  3  mm. 

Substituting  eqns.  (5)  and  (2)  into  eqn. 
(1),  we  obtain 


°0  {l-(r/5)2}1'2+<7° 


ss  1690  MPa 


Thus  the  lower  bound  value  for  the  Al-SiC 
bond  strength  is  1690  MPa;  the  Neuber 
analysis  is  applicable  to  a  linear  solid,  i.e.  to 
a  material  with  linear  strain  hardening. 
From  the  stress-strain  curves  obtained,  it 
was  felt  that  the  behavior  of  the  tested 


specimen  could  be  approximated  to  a  linear 
body. 


4.  CONCLUSIONS 


Provided  that  the  above-mentioned  assump¬ 
tions  are  reasonable  (and  there  is  no  reason  to 
question  the  assumptions  if  a  lower  limit  of 
the  bond  strength  is  determined),  it  can  be 
concluded  that  the  bond  strength  between 
aluminum  alloy  6061  and  SiC  is  at  least 
1690  MPa.  (This  is  40  times  higher  than  the 
yield  stress  of  the  annealed  aluminum  alloy 
6061.)  It  is  thought  that  debonding  can  be 
attributed  to  the  defects  during  fabrication 
of  the  composite  material.  The  ductile  fracture 
of  Al-SiC  composite  with  a  low  volume  per¬ 
centage  of  SiC  occurs  by  void  nucleation  at 
SiC  particulates  and  also  at  the  matrix  imper¬ 
fections  (pre-existing  voids,  inclusions,  MgSi2 
etc.).  A  separate  investigation,  however,  is 
required  to  determine  explicitly  the  origin 
of  the  ductile  fracture  in  Al-SiC  systems.  It 
is  realized  that  the  assumption  of  equiaxiality 
of  the  SiC  is  rather  poor.  This  results  in 
further  underestimation  of  the  bond  strength 
since,  under  the  same  macrostress  state, 
irregularly  shaped  particles  would  have 
higher  stress  concentrations  and,  thus, 
separation  from  the  matrix  would  be  expected 
to  occur  at  an  earlier  stage  than  for  a  spherical 
particle.  If  the  irregular  shape  of  the  particle 
could  be  taken  into  account,  the  lower  limit 
would  increase. 
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Summary 

When  a  metal  matrix  composite  is  cooled  down  to  room  temperature  from 
the  fabrication  or  annealing  temperature,  residual  stresses  are  induced  in 
the  composite  due  to  the  mismatch  of  the  thermal  expansion  coefficients 
between  the  matrix  and  whisker. 

An  investigation  was  undertaken  of  the  extent  of  the  thermal  residual 
stresses  by  an  X-ray  diffraction  technique  as  well  as  of  the  difference  of 
the  yield  stresses  Ao  between  tension  and  compression  resulting  from  the 

y 

thermal  residual  stresses.  A  theoretical  model  based  on  the  Eshelby's 
method  was  then  constructed  for  the  prediction  of  the  thermal  residual 
stresses  and  Aa  .  The  agreement  obtained  was  very  good  between  the 

experimental  results  and  the  theoretical  predictions. 
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In  t  roilin'  1 1  on 

Metal  matrix  composites  (MMCs),  Inc  lading  eutectic  composites,  are 
becoming  Important  In  their  application  to  structural  components  which  are 
to  be  used  at  Intermediate  and  high  temperatures.  When  MMCs  are  fabricated 
at  high  temperature  or  annealed  at  a  certain  high  temperature  and  cooled 
down  to  room  temperature,  undesirable  results,  such  as  low  tensile  yield 
stress  and  strength  of  the  MMC  upon  mechanical  testing  at  room  temperature, 
are  produced.  These  results  are  mainly  due  to  residual  stresses  that  are 
caused  by  the  mismatch  of  the  thermal  expansion  coefficients  between  the 
matrix  and  fiber.  This  subject  has  been  studied  by  a  number  of  researchers 
(for  examples  see  references  1-13).  The  residual  stresses  so  induced  have 

been  observed  in  tungsten  fiber/coppcr  coroposites^^  and  in  SIC  whisker/606 ! 

AT  compos  1 tes ^ ^ ^ .  Most  of  the  models  purposed  to  estimate  the  residual 

(1-3) 

stress  were  based  on  one-dlmenslonal  analysis  ,  continuous  fiber 

system^’^,  or  spherical  particle  system*'*®^. 

The  m_,del  based  on  Eshelby's  equivalent  inclusion  method^)  has  been 

used  to  solve  the  problem  of  thermal  residual  stress^  ^  The  advantages 

of  the  Eshelby's  model  are  that  it  can  solve  a  three-dimensional  composite 
system  such  as  short  whisker  composite  and  also  can  take  Into  account  the 
effect  of  the  volume  fraction  of  whisker  (V  )  easily. 

Eshelby's  method  has  been  used  also  for  predicting  the  yield  stress  and 

work-hardening  rate  of  metal  matrix  compos  i  tes^' The  effect  of  the 
thermally  Induced  residual  stress  on  the  yield  stresses  has  been  discussed 
(18) 

by  Wakashima  et  at.  who  predicted  that  the  yield  stress  In  compression 

c  t 

(o  )  exceeds  that  In  tension  (o  )  for  continuous  B  fiher/Al  composites  which 

y  y 

were  cooled  down,  although  no  comparison  with  the  experimental  data  was 
made . 


In  this  paper  we  focus  on  the  residual  stresses  Induced  in  a  short 
whisker  MMC  due  to  the  temperature  drop  and  Its  effect  on  the  yield 
stresses.  The  target  short  whisker  MMC  is  SIC  whisker/606 1  Al  composite. 

Experimental  Procedure 


Materials 


Tlie  target  short  fiber  MMC  was  SIC  whisker/6061  Al  composite  and  was 
purchased  from  ARCO/SILAG.  The  composite  was  in  the  form  of  an  extruded  rod 
15.5  mm  In  diameter.  Three  different  volume  fractions  of  whisker  (V  )  were 

used:  *  0,  0.05  and  0.2.  The  composite  was  supplied  as-fabricated  (no 

heat  treatment  made),  was  machined  into  samples  (Fig.  la  and  lb),  annealed 
for  12  hours  at  810  K,  and  then  furnace  cooled. 

Testing  f-tethods 


Tension  and  Compression  Tests.  The  testing  was  performed  in  an  Instron 
testing  machine  using  a  liquid  metal  container  as  the  lower  gripping  device. 
This  method  of  gripping  was  employed  to  ensure  very  good  alignment  of  the 

(20) 

sample.  This  test  procedure  Is  described  in  greater  detail  elsewhere 
Samples  of  two  different  gauge  lengths  were  used  to  determine  If  there  was  a 
gauge  length  effect  (there  was  none).  The  effective  gauge  length  of  the 
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samples  was  determined  by  glueing  strain  gauges  on  the  center  portion  of  the 
sample  and  comparing  the  results  obtained  from  a  clip  on  an  extensometer 
which  mounted  Into  the  "V"  grooves.  If  the  extensometer  is  mounted  direct lv 
to  the  uniform  gauge  section,  there  Is  a  high  probability  that  the  sample 
will  fracture  where  the  "knife"  edge  'of  the  extensometer  makes  contact  with 
the  sample.  Several  tests  In  the  low  stress  range  were  conducted  using  both 
the  extensometer  and  the  strain  gauge;  from  these  tests  the  effective  gauge 
length  was  determined.  Subsequent  tests  were  conducted  using  only  the 
extensomenter .  The  samples,  which  were  tested  In  the  range  from 
-5  -1  -3  -1 

8  x  10  sec  to  2  x  IQ  sec  ,  showed  no  effect  on  strain  rate. 


Figure  1  -  A  schematic  diagram  of  the 
sample  configuration  which  was  used  In 
the  tension  and  compression  testing. 

The  dimensions  are  In  millimeters. 

Residual  Stress  Measurement  by  X-ray  Diffraction.  The  X-ray 
diffraction  technique  was  used  to  measure  residual  stress.  Two  components 
of  the  residual  stress  wore  focused  on;  the  stress  along  the  extrusion 
direction  (longitudinal  direction),  which  coincides  with  the  whisker  axis  of 
a  majority  of  whiskers  (a  ),  and  the  one  in  the  transverse  direction  (o  ). 

u  ‘ 

The  data  were  obtained  and  reduced  by  standard  techniques  ns  outlined  by 
Cohen  e t  a  1 . ^  . 
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Figure  2c  -  The  absolute  value  of  the  stress  as  a  function 
of  strain  for  20  volume  7.  whisker  material  in  the 
annealed  condition. 

The  residual  stresses  were  measured  by  X-ray  diffraction  on  three  dif¬ 
ferent  values  of  Vy  (0,  0.05,  and  0.2)  and  are  tabulated  in  Table  1  where 

the  range  of  scattered  data  is  also  shown.  It  is  noted  that  the  values  of 
o(  and  represent  the  volume  average  quantity  In  the  matrix  (6061  A1 ) .  It 

should  also  be  noted  that  a  compressive  residual  stress  was  found  for  all 
cases. 


Table  I 

Residual  Stresses  X-Ray  Determination 


Sample 

V 

w 


Des Ignation 

1 


Trans.  a 
MPa  1 


0 

5 

20 


-37  to  -44 
-17  to  -41.4 
-49  to  -57.3 


compressive  residual  stress 


Long.  o 
MPa 

-18  to  -22 
-29  to  -41  .4 
-24  to  -44.2 


Theoretical  Procedure 


The  theoretical  model  used  here  is  based  on  F.shelby's  equivalent 

Inclusion  model.  Mori  and  his  co-workers^  ^  extended  F.shelby's  method 
to  predict  the  yield  stress  (a  )  and  work-hardening  rate  of  aligned  short 

7  (181 

whisker  composites.  Wakashlma  et  al.v  '  extended  the  above  approach  to 
predict  o  by  considering  the  mismatch  of  the  thermal  expansion  coefficients 
7  /  i  /  \ 

of  the  matrix  and  fiber.  Following  the  above  models,  Takao  and  Tayav  ' 


have  recently  computed  the  stress  field  In  nml  around  a  short  fiber  in  a 
short  fiber  composite  whore  the  fiber  is  anisotropic  both  in  stiffness  and 
thermal  expansion. 

In  this  paper  we  focus  on  the  average  thermal  residual  stress  induced 
in  the  matrix  by  the  cool-down  process  and  also  the  yield  stresses  in  ten- 
t  c 

slon  (t*y)  an(l  compression  (Oy)  when  the  composite  is  tested  at  the  room 
temperature.  The  former  case  is  essentially  based  on  the  model  by  Takno  and 
Taya^*^,  and  as  the  latter  case,  we  extend  the  model  by  Wakashima  et 
al.^^  to  account  for  the  bi-linear  stress-strain  curve  of  the  matrix. 

Formulat ion 


Consider  an  infinite  body  (D)  which  contains  ellipsoidal  whiskers  (ft) 
aligned  along  the  x-j-axis  (Fig.  3).  This  composite  body  D  is  subjected  to 

the  applied  stress  field  0° . .  The  stiffness  tensors  of  the  matrix  (D-fi)  and 

whisker  (ft)  are  denoted  by  and  C.  .,  _ ,  respectively.  Following 


w 

and  C.  ,  respectively. 

(22) 

Eshelby,  the  transformation  strain  or  eigenstrain  is  given  in 


>) 


l  1 


as 


the 


strain  e. 


is  pre- 


the  fiber  domain  ft 
*  * 

a,  . ,  where  a.  .  is 
i  J  i  J 

strain  due  to  the  mis¬ 
match  of  the  thermal  ex¬ 
pansion  coefficients  and 
the  uniform  plastic 
P 

i.i 

scribed  in  the  mat- 

rix^1^.  As  far  as  the 
stress  field  is  con¬ 
cerned,  the  model  of  Fig. 
4  is  equivalent  to  that 
of  Fig.  3.  Thus,  the 
present  problem  is  re¬ 
duced  to  "inhomogeneous 
Inclusions  problem"  (Fig. 
4)(22).  model  of 

Fig.  4  will  be  used  not 
only  to  predict  the  yield 
stresses  and  work-harden¬ 
ing  rate,  but  also  to 
compute  the  thermal  resi¬ 
dual  stress.  For  in  the 
latter  case,  we  will  set 


’ij 


u 


o. 


Figure  3  -  Theoretical  model;  actual  case 


Figure  4  -  The  equivalent  inclusion  model 
converted  from  Figure  3. 


Following  the  Eshelby's  equivalent  inclusion  method  modified  for  a 


finite  volume  fraction 

of  vhiskers(22,23) 

,  the 

total 

stress 

f lbers  o° j  +  0 

is  given  by 

°ij  +  °1J  = 

w 

Ci  Jkt 

r  o 

!ek*  + 

ek£  +  ek£ 

A 

(v 

-  <t>l 

as 

C1  jk«. 

r  O 

Kt  + 

Ck£  +  °k£ 

A 

(°k£ 

-  eU> 

whe  re 

°  r  0 

°1.1  ”  Cijkje°k£ 

in  n 

(  1 


'2 


V. 


i 


r\ 

S 


H 


<0  > 

l]  n 


jk£°k£ 


in  D-p. 


(3) 


In  Eq .  ( 1 )  , 


kt 


is  the  fictitious  clgonstrain 


(22) 


which  was  introduced  to 


connect  the  present  problem  to  "inclusion  problem"  and  e^  is  the  average 

strain  disturbance  in  the  matrix  and  related  to  the  average  stress  disturb¬ 
ance  in  the  mart  lx  <o  >  by  Eq  .  (3).  <o  >  is  defined  by 

i  J  m  i  j  m 


<o.  >  =  — 

i  j  m  V 


/ 


o .  .d  v 
1  J 


where  V 


D-n 


n-n  D-n 

is  the  total  volume  of  the  matrix  and  a 


iy  and  ei. 


(M 

in  Eqs.  ( 1 ) 


and  (4)  is  the  stress  and  strain  disturbance,  respectively,  by  a  single 
fiber  n  when  it  is  embedded  in  an  Infinite  matrix.  Since  the  stress 
disturbance  when  it  is  integrated  in  the  entire  domain  D  vanishes, 


/ 


c^dv  =  0 


(5) 


The  stress  disturbance  a  is  obtained  from  Eqs.  (1)  and  (2) 


'ij 


Ci jki ^ek£  +  ek l 


ek l  ^ 


(6) 


who  re 


ek£  _  “ki 

From  Eqs.  (3),  (5)  and  (6),  we  obtain 


+  e 


k* 


"k  i 


(7) 


■k-k 

-  -  «,j) 


(8) 


** 


According  to  F.shelby,  e^.  is  related  to  the  total  eigenstrain  as 


** 

eij  -  Sijkieki 


where  S,-  ...  is  the  Eshelby's  tensor  and  a  function  of  C  ,  c 

1JKe  _ _  i  jk£  ijkJ. 


(9) 

and  the 


geometry  of  the  ellipsoidal  whisker^  ' .  The  fiber  is  assumed  as  a  prolate 
spheroid,  hence  the  whisker  aspect  ratio  l/A  is  a  single  geometrical  para¬ 
meter.  For  simplicity,  we  assume  that  the  matrix  and  fiber  are  isotropic 


both  in  stiffness  and  thermal  expansion  coefficient.  Thus,  C. ,  C  and 

a,  j  are  given  by 


ij 


Cijk£  =  Uij6ki  +  U(6ik6jt  +  6U6kj) 


(10) 


'i  jk* 


X\j6kt  +  uW(6ik6ji  +  6it6k.1} 


i.i 


-  (ow  -  a)  «iJAT 


(ID 

(12) 


In  the  above  equations,  6  is  the  Kronecker's  delta,  \  (X  )  and  p  (u  )  are 


Lame's  constants  of  the  matrix  (whisker),  a  (a  )  is  the  thermal  expansion 


coefficient  of  the  matrix  (fiber)  and  AT  is  the  change  in  temperature 
(AT  >  0  corresponds  to  the  temperature  drop). 


(10) 


The  stress  field  in  the  fiber  is  obtained  from  Eqs.  (6),  (8),  (9)  ani 


.  ..... 


°1J  '  (1  -  Vu>i(S 


.  *  *  *  *  *  *  *  * 

){(S,  ,  c  -  e  )  A  6  +  2u  ( S  o  -  e 

w  1  kkrnn  ran  kk  t|  l  imn  ran  iq 


After  solving  for  e  in  Eq  .  (1)  by  use  of  Eqs.  (8)  and  (9),  we  can  compute 
the  stress  disturbance  o  .  in  the  whisker  from  Eq .  (13). 
t  c 

Yield  Stresses  o  ,  o  and  Work-Hardening  Rate 


t  c 

The  method  of  computing  the  yield  stresses  and  0  and  the  work- 

hardening  rate  of  the  composite  is  described  briefly.  The  total  potential 
energy  of  Fig.  3,  U,  is  given  by 


1  (  .  o  .  .  o  ~ 

"  T  J  (o<  <  +  t  +  u 


+  u,  .  -  e‘  -  a.  .  )dV 


ij  “ij'' “ij  “ij  “ij  “ij  “ij 


~  /  o°  n  (u°  +  u  +  u  )dS  (14) 

i  D|  J  1  1  1 

where  u®,  and  are  the  displacement  components  corresponding  to 

e°j ,  e^  and  e^,  respectively;  the  index  j  preceded  by  a  comma  denotes  a 

partial  differentiation  with  respect  to  x.;  |D|  is  the  boundary  of  D;  and  n. 

3  j 

is  the  j-th  component  of  an  unit  vector  outer  normal  to  |d|.  Then,  the 
change  in  u  due  to  the  change  in  the  plastic  strain  6  eP^  is  given  by 

6U  =  -  (o°.  +  0^)6  e^.dV  (15) 

In  the  above  deviation,  the  Gauss'  divergence  theory  and  the  following 
equation  were  used 

/  a. . ( 6u  .  +  6u  ,)dv  =  0 
n  ij  ij  lj 

Noting  that  the  plastic  strain  exists  only  in  the  matrix  (D-Q),  Eq .  (15)  is 
reduced  to 

6U  =  -  <5eP.  {  (  1  -V  )o°  -  V  0  .  .  1  (lb) 

11  w  iq  w  i j J 


Under  the  uniaxial  stress  along  the  x^-axis  (o  ), 

*  O 


0°  ,  and  eP .  are  given  by 


-  l/2e 

1 

- 1  /  2e 


where  the  six  components  of  and  eP^  are  expressed  in  the  order  of  (i  j)  = 

11,  22,  33,  23,  31,  and  12,  and  e^  is  the  plastic  strain  along  the  x 

axis.  On  the  other  hand,  the  energy  dissipation  due  to  the  plastic  work  in 
the  matrix,  60,  is  given  by 


6Q  =  (1-V  )o  6e 
w  y  p 


(l«) 
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where  a  Is  the  flow  stress  of  the  matrix  for  the  bilinear  model 
v 

°y  =  °y  +  Ve  "  V  (19' 

where  0°  and  R~  are  the  initial  yield  stress  and  tangent,  modulus  of  the 

y  L 

matrix,  respectively,  and  e  is  the  total  strain.  Since  iSU  +  60  =  0 ,  we 
obtain 

V 

0=0+  77-—.-  (o--  -  o. . )  (  20 ; 

o  v  v.  1  -V  )  5  3  11 

w 


In  the  above  deviation,  a ^  c‘  =  e'22 


—  e  were  used.  Combining 

2  p 


the  solutions  of  o^.  in  Eq .  (13)  and  Eq .  (20),  we  can  obtain  the  yield 

stress  of  the  composite  in  tension  ( a C  =  o  )  and  that  in  compression 

c  y 

(oy  =  oQ)  as 

cC/o°  =  C  +  C  a  AT 
y  y  0  1  m 


c  .  o 
a  la 

y  y 


C,  a  AT 
1  m 


Similarly,  the  work-hardening  rate  of  the  composite,  is  obtained  as 

Vet  •  S  +  S  <r>  "2) 

In  the  above  equations,  Cq ,  Cj ,  C2  ,  and  are  functions  of  the  mechanical 

properties  of  the  matrix  and  whisker  and  the  fiber  aspect  ll d,  E  is  the 
Young's  modulus  of  the  matrix. 

Thermal  Residual  Stress 

When  the  composite  is  cooled  down  by  AT,  the  thermal  residual  stress  is 
induced  in  the  composite.  The  theoretical  model  for  this  problem  is  the 


same  as  that  shown  in  Fig.  U  except  that  o. 


e*1  .  =0  in  the  present 
ij 


case.  Hence,  the  formulation  up  to  Eq.  (13)  is  valid  and  will  be  used  to 
compute  the  thermal  residual  stress.  Once  the  stress  within  the  whisker 

^  is  computed,  the  stresses  just  outside  the  whisker  ^  can  be 

obtained  by  the  following  relation^9) 


(out)  (in) 
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(in)  ** 

where  <j  is  given  by  Eq .  (13),  e^.  is  solved  by  Eq .  (1),  X  and  u  are 

previously  defined  and  n^  Is  the  i-th  component  of  the  unit  vector  pre- 

pendicular  to  the  surface  of  the  whisker.  If  one  wants  to  compute  the 
stresses  just  outside  the  equator  of  the  ellipsoidal  whisker  where  n  =  (l, 

0,  0),  we  can  obtain  the  stresses  in  polar  coordinates,  o  ,  o  and  o  there 

r  0  z 

as 
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where  v  is  the  Poisson's 

ratio 

of 

the 

matrix  .. 
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Next  the  average  stress  field  In  the  matrix,  <o  .>  ,  can  he  also 

i  j  n 

obtained  from  Eqs.  (3),  (8)  and  (9)  as 


y. 
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<o.  .> 

ij  m 
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** 

C,  (S,  e 
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** 


(25) 


The  average  stress  in  the  matrix,  <o  >  ,  <o„>  and  <a  >  ,  will  be  computed 

r  m  0  m  z  m 

by  setting  ij  =  11,  22,  and  33  in  Eq  .  (25).  It  should  be  noted  here  that 

<o  >  =  <a„>  due  to  the  assumptions  of  an  aligned  short  whisker  composite 

r  m  0  m 

which  results  in  the  transverse  isotropy  of  the  volume  average  quantity. 

Theoretical  Results 


The  thermo-mechanical  data  of  the  matrix  and  whisker  for  the  theore¬ 
tical  calculations  are  obtained  from  the  stress-strain  curve  of  the  matrix 
(Fig.  2a)  and  the  material  properties  handbook. 


Annealed  6061  A1  matrix  (bilinear  model): 

E  =  47.5  GPa 
Et  =2.3  GPa 

a°  =  47.5  MPa  (26) 

y 

v  =  0.33 

a  =  23.6  x  10“6/°C 


SiC  Whisker: 

E  =  427  GPa 

v  =  0.17  (27) 

aW  =  4.3  x  10  6/°C 

=  1-8  (24v 

where  the  average  value  of  the  fiber  aspect  ratio  (£/ d)  was  usedv  '  and  the 
bilinear  stress  strain  curve  of  the  matrix  is  indicated  by  a  dash-dot  line 
in  Fig.  2a.  The  temperature  drop  AT  is  defined  as 


AT  =  T  -  Tq  (28) 

where  Tj  is  taken  as  the  temperature  below  which  dislocation  generation  is 
minimal  during  the  cooling  process^^  and  Tq  is  the  room  temperature.  Thus, 
for  the  present  composite  system  AT  is  set  equal  to  200  K. 


The  theoretically  predicted  and  0C  can  be  obtained  from  Eq .  (21). 

c  ty  c  yt 

The  differences  between  a  and  a  (o  -  o  )  for  various  V  are  shown  as  the 

y  y  y  y  c  t 

solid  line  in  Fig.  5.  The  differences  between  o  and  o  increase  with 

y  y  c  t 

increasing  V^,  The  experimentally  determined  differences  between  and 

are  represented  by  the  open  circles  in  Fig.  5.  The  experimental  values  of 
the  yield  stresses  are  taken  as  the  stresses  0.2%  off-set  strain.  It 
follows  (Fig.  5)  that  good  agreement  is  obtained  between  the  experimental 
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Figure  5  -  The  difference  in  yield  stress  between 
compression  and  tensin  as  a  function  of  volume  X 
silicon  carbide  whisker. 

and  theoretical  results  of  the  difference  in  the  compressive  tensile  yield 

c 

stresses.  However,  the  experimental  values  of  a  are  greater  than  the 

c  y  t 

theoretical  values  of  c^,  and  similarly  the  experimental  values  of  are 

greater  than  the  theoretical  values  of  c*". 

y 

From  the  data  given  by  Eqs.  (26)  -  (27)  and  the  use  of  Eq.  (25),  we 
have  computed  the  average  stresses  in  the  matrix  and  the  stresses  just 
outside  the  fiber  and  plotted  schematically  the  and  <o^>  along  the  x  (or 
x~)  and  x,  axes  in  Fig.  6. 


Cion  density  docs  not  Influence  t  hi'  difference  In  viold  stress  in  the  run- 
presslon  vs.  tension.  The  theoretical  prediction  is  tiint  t  tie  vield  stress 
In  compression  should  he  higher  than  the  yield  stress  In  tension,  and  this 
is  exactly  what  Is  observed  experimentally. 

The  theoretical  prediction  that  the  compressive  yield,  stress  is  higher 
than  the  tensile  yield  stress  suggests  that  a  tensile  residual  stress  exists 
In  the  matrix  of  composite.  An  average  tensile  residual  stress  Is  predicted 
In  the  matrix  as  shown  in  Figs.  6  and  7.  However,  the  expo  r  i  wnta  1  1  v  deter¬ 
mined  residual  stress  Is  compressive,  l.e.,  opposite  of  the  prediction. 

Tills  difference  can  qualitatively  be  explained  In  terms  of  the  magnitude  of 
the  tensile  and  compressive  residual  stresses  in  the  matrix.  If  the  com¬ 
pressive  regions  of  the  matrix  were  eliminated  and  only  the  tensile  regions 
were  examined,  then  there  would  be  no  change  in  the  diffraction  peak  condi¬ 
tions,  because  the  limit  of  detection  is  —  50  MPa.  If  a  similar  experiment 
were  conducted,  hut  in  this  case  only  the  compressive  regions  were  kept  then 
there  would  be  a  change  in  peak  position  because  the  compressive  residual 
stress  is  greater  than  the  detection  limit.  Now,  if  both  tensile  and  com¬ 
pressive  regions  are  combined,  the  net  result,  a  small  compressive  residual, 
will  bo  experimentally  detected,  which  is  in  agreement  with  the  X-ray 
residual  stress  measurements. 

It  Is  possible  to  arrive  at  the  following  conclusions  from  the 
theoretical  model  and  the  experimental  results. 

1.  The  theoretical  model  predicts  a  higher  compression  yield  stress  than 
tensile  yield  stress,  which  is  in  agreement  with  the  experimental 
results  . 

2.  The  absolute  magnitude  of  the  predicted  yield  stress  (tensile  and 
compressive)  is  less  than  the  experimental  yield  stress  due  to  an 
Increase  in  matrix  strengthening.  The  increased  matrix  strength  is  due 
to  a  higher  dislocation  density  In  the  matrix:  the  higher  dislocation 
density  is  a  consequence  of  the  difference  in  coefficient  of  thermal 
expansion  between  the  A1  alloy  matrix  and  the  SiC. 

3.  The  magnitude  of  the  average  residual  stress  Is  small,  but  at  the  SiC-Al 
alloy  interface  there  can  be  a  large  compressive  stress. 

4.  The  residual  stress,  in  the  region  between  SiC  whiskers,  is  tensile  and 
this  is  the  likely  region  where  plastic  deformation  would  begin.  For  in 
this  region  the  matrix  contains  a  lower  dislocation  density  than 
adjacent  to  the  SiC  whisker,  i.e.,  in  this  region  the  matrix  is  weaker. 
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Abstract  -When  a  metal  matrix  composite  is  cooled  down  to  room  temperature  from  the  fabrication  or 
annealing  temperature,  residual  stresses  are  induced  tn  the  composite  due  to  the  mismatch  of  the  thermal 
expansion  coefficients  between  the  matrix  and  fiber.  An  investigation  was  undertaken  of  the  magnitude 
of  the  thermal  residual  stresses  by  determining  the  difference  of  the  yield  stresses  (An.)  between  tension 
and  compression  resulting  from  the  thermal  residual  stresses  A  theoretical  model  based  on  the  Lsltelby  \ 
method  was  then  constructed  for  the  prediction  of  the  thermal  residual  stresses  and  Act,  The  agreement 
obtained  was  scry  good  between  the  experimental  results  and  the  theoretical  predictions 

Resume — Quand  on  refroidit  un  composite  a  matrtcc  metalhque  depuis  la  temperature  d'claboration  ou 
de  rccuit  jusqu'a  la  temperature  ambiantc,  on  introduit  dans  ce  composite  dcs  contraintes  internes 
provoquees  par  les  coefficients  de  dilatation  thermique  differents  dc  la  matricc  ct  de  la  fibre.  Nous  avons 
entrepns  la  mesure  de  ces  contraintes  thermiques  rcsiduclles  cn  determinant  la  difference  dcs  hmites 
clastiques  (Act,)  cn  tension  ct  cn  compression  qut  resultcnt  des  contraintes  thermiques  rcsiduclles.  Nous 
avons  ensuite  construit  un  modelc  theorique,  base  sur  la  methodc  d’Eshclby,  pour  predire  les  contraintes 
thermiques  rcsiduclles  A ay.  Nous  avons  obtenu  un  tres  bon  accord  entre  les  rcsultats  experimentaux  el 
les  predictions  theoriques. 

Zusammenfassung — Wcnn  cine  Metallmatrix  von  der  Herstellungs-  Oder  Auslagcrungstcmperatur  auf 
Raumtamperatur  abgckuhlt  wird,  dann  cnlstchcn  in  dem  Wcrkstoff  Spannungen,  die  aus  der  Fchlpassung 
durch  die  unterschicdlichcn  thcrmischen  Ausdehnungskoeffizicntcn  zwischcn  Matrix  und  Eascr  hcrriilircn 
Dtc  Hohc  dieser  thcrmisch  bedingten  Rcstspannungen  wurdc  untersucht,  indem  der  Untcrschied  in  den 
FlicOspannungen  zwischcn  Druck-  und  Zugvcrformung  bcslimml  wurdc.  Ein  Mode)  wurdc  fur  die 
Voraussagc  der  thcrmischen  Rcstspannungen  und  der  FlieBspannungcn  aufgcstcllt,  welches  auf  der 
Methodc  von  Fshclby  beruht.  Die  crhaltenc  Obcrcinstimmung  zwischcn  Experiment  und  Thcoric  ist  sehr 
gut. 


1.  INTRODUCTION 


the  residual  stress  were  based  on  one-dimensional 


Metal  matrix  composites  (MMCs).  including  eutectic 
composites,  arc  becoming  important  in  their  applica¬ 
tion  to  structural  components  which  arc  to  be  used 
at  intermediate  and  high  temperatures.  When  MMCs 
arc  fabricated  at  high  temperature  or  annealed  at  a 
certain  high  temperature  and  cooled  down  to  room 
temperature,  the  MMCs  have  undesirable  properties, 
such  as  low  tensile  yield  and  ultimate  strengths.  These 
results  arc  mainly  due  to  residual  stresses  that  are 
caused  by  the  mismatch  of  the  thermal  expansion 
coefficients  between  the  matrix  and  fiber.  This  subject 
has  been  studied  by  a  number  of  researchers  (for 
examples  see  Refs  [1-14]).  The  residual  stresses  so 
induced  have  been  observed  in  tungsten  fiber/copper 
composites  [7]  and  in  SiC  whiskcr/6061  Al  compo¬ 
sites  [8,9].  Most  of  the  models  purposed  to  estimate 


analysis  [1-3],  continuous  fiber  system  [4.5).  or 
spherical  particle  system  [10] 

The  model  based  on  Eshelby's  equivalent  inclusion 
method  [11],  has  been  used  to  solve  the  problem  of 
thermal  residual  stress  [12-14],  The  advantages  of 
the  Eshelby's  model  arc  that  it  can  solve  a  three- 
dimensional  composite  system  such  as  short  whisker 
composite  and  also  can  take  into  account  the  effect 
of  the  volume  fraction  of  fiber  (Vf)  easily. 

Eshelby's  method  has  been  also  used  for  predicting 
the  yield  stress  and  work-hardening  rate  of  metal 
matrix  composites  [I  5-19],  The  effect  of  the  thermally 
induced  residual  stress  on  the  yield  stresses  has  been 
discussed  by  Wakashtma  ct  al.  [18]  who  predicted 
that  the  yield  stress  in  compression  (<r‘)  exceeds  that 
in  tension  (a\)  for  continuous  B  fibcr/AI  composites 
which  were  cooled  down,  although  no  comparison 


_ _  with  the  experimental  data  was  made. 

tThis  research  was  supported  in  part  under  a  contract  from  *his  paper  we  focus  on  the  residual  stresses 

the  Office  of  Naval  Research,  Contract  No  NOOOI4-  induced  in  a  short  whisker  MMC  due  to  (he  tem- 
85K-0007  perature  drop  and  its  effect  on  the  yield  stresses.  The 
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Fig.  I.  A  schematic  diagram  of  the  sample  configuration 
which  was  used  in  the  tension  and  compression  testing  The 
dimensions  are  in  millimeters. 


target  MMC  is  aligned  liber  MMC  will)  a  special 
emphasis  on  SiC  whisker/6061  Al  composite. 

2.  EXPERIMENTAL 

2.1.  Materials 

The  target  short  liber  MMC  was  SiC  whisker/ 
6061  Al  composite  and  was  purchased  from  ARCO' 
SILAG  As  a  control  MMC  a  SiC  spherical  1 100  Al 
composite  was  also  purchased  from  ARCO'SILAG. 
The  composite  was  in  the  form  of  an  extruded 
rod  15.5  mm  in  diameter  Three  dilTcrcnt  volume 
fractions  of  liber  (or  whisker)  T,  composites  were 
used:  \\  =  0,  0.05  and  0.2.  and  a  composite  with 
spherical  StC  particles  of  0.5  pm  tn  diameter,  having 
a  volume  fraction.  F, .  equal  to  0.2  was  also  used.  All 
of  the  material  was  supplied  as-fabricated  (no  heat 
treatment)  condition,  they  then  were  machined  into 
samples  (Fig.  1(a)  and  (b) ],  annealed  for  12  h  at 
810  K,  and  then  furnace  cooled. 

2.2.  Test  inf;  methods 

The  tension  and  compression  tests  were  performed 
in  an  Instron  testing  machine  using  a  liquid  metal 
container  as  the  lower  gripping  device.  This  method 
of  gripping  was  employed  to  ensure  very  good  align¬ 
ment  of  the  sample  This  test  procedure  is  described 
in  greater  detail  elsewhere  (20],  Samples  of  two 
different  gauge  lengths  were  used  to  determine  if 
there  was  a  gauge  length  effect  (there  was  none).  The 
effective  gauge  length  of  the  samples  was  determined 
by  glueing  strain  gauges  on  the  center  portion  of  the 
sample  and  comparing  the  results  obtained  from  a 
clip  on  cxtcnsomctcr  which  was  mounted  into  the 


"V "  gi runes  ll  the  cxlensomclet  n  mounted  diiccllx 
to  the  umtoim  gauge  section,  theie  is  a  high  ptob- 
ahility  that  the  sample  will  1 1  act  me  w  heie  (he  "knife" 
edge  of  the  extensometer  makes  contact  with  the 
sample.  Several  tests  in  the  low  stress  tange  wete 
conducted  using  both  the  extensometer  and  the  strain 
gauge.  Irom  these  tests  the  effective  gauge  length  was 
determined.  Subsequent  tests  were  conducted  using 
only  the  extensometer.  The  samples,  which  were 
tested  in  the  range  from  8  >  III  ‘s  '  to  2  >  10  "s  '. 
showed  no  strain  rate  effect 

The  conventional  X-ray  technique  [2 1  j  was  used 
first,  but  it  was  determined  that  there  were  problems 
when  this  technique  was  applied  to  discontinuous 
composites.  The  residual  stress  was  determined  by 
measuring  the  change  in  lattice  parameters  There  is 
an  implicit  assumption  made  in  using  this  procedure, 
i.c.  the  matrix  remains  cubic. 


3.  EXPERIMENTAL  RESULTS 

The  stress-strain  curves  of  the  T,  =  0,  0.05  and  0.2 
composites  arc  plotted  in  Fig.  2(a).  (b),  and  (c). 
respectively.  The  solid  and  dashed  curves  denote  the 
tensile  and  compressive  test  results,  respectively.  The 
yield  stress  was  measured  as  0.2%  off  set  strain  and 
is  indicated  in  the  figures  by  arrows. 

The  shapes  of  the  stress-strain  curves  of  the 
\\  =  0.2  composites  are  very  similar  to  those  of 
whisker  composites,  except  that  the  tension  stress- 
strain  curve  is  below  that  of  the  compression  stress- 
strain  curve.  However,  as  in  the  case  of  V,  =  0.  there 
was  no  difference  in  the  stress-strain  curves  for 
tension  and  compression  of  l\  =  0. 

The  data  obtained  from  the  X-ray  analysis  is  given 
in  Table  1.  and  it  was  observed  that  there  is  a  residual 
tensile  stress  in  the  matrix. 

4.  THEORETICAL  PROCEDURE 

The  theoretical  model  used  here  is  based  on 
Eshclby’s  equivalent  inclusion  model.  Mori  and  his 
co-workers  [15-17]  extended  Eshclby’s  method  to 
predict  the  yield  stress  (cr,)  and  work-hardening  rate 
of  aligned  short  whisker  composites.  Wakashima  et 
al.  [18]  extended  the  above  approach  to  predict  a,  by 
considering  the  mismatch  of  the  thermal  expansion 
coefficients  of  the  matrix  and  fiber.  Following  the 
above  models,  Takao  and  Taya  [14]  have  recently 
computed  the  stress  field  in  and  around  a  short  fiber 
in  a  short  fiber  composite  where  the  fiber  is  aniso¬ 
tropic  both  in  stiffness  and  thermal  expansion. 

In  this  paper  we  focus  on  the  average  thermal 
residual  stress  induced  in  the  matrix  by  the  cool-down 
process  and  also  the  yield  stresses  in  tension  (<x[)  and 
compression  (ex ^ )  when  the  composite  is  tested  at 
the  room  temperature  The  former  case  is  essentially 
based  on  the  model  by  Takao  and  Taya  [14],  and  as 
the  latter  case,  we  extend  the  model  by  Wakashima 
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big  2  id)  The  absolute  stress  vs  strain  curves  for  tension 
*,  and  compression  lest  of  0  voi  %  whisker  material  in  the 

V  annealed  condition  (b)  The  absolute  value  of  stress  vs  strain 

for  5  vol  %  whisker  composite  in  (he  annealed  condition 
(c)  The  absolute  value  of  the  stress  as  a  function  of  strain 
.  for  20  vol  %  whisker  material  in  the  annealed  condition 

cl  al  (IX]  to  account  for  the  bi-lincar  stress-strain 
curve  of  the  matrix 

4  1  Formulation 

Consider  an  infinite  body  (D)  which  contains 
ellipsoidal  whiskers  <0)  aligned  along  the  .x,-axis 
(Fig  3)  This  composite  body  D  is  subjected  to  the 
applied  stress  field,  which  is  cr”  when  the  body  is 
uniform  in  elastic  constants.  The  stiffness  tensors  of 
T  the  matrix  (D  —  Q)  and  fiber  (fT)  arc  denoted  by  Cl)k, 

*—  an!  C'„,.  respectively  Following  Eshclby,  the  trans¬ 

formation  strain  (I  I]  or  eigenstrain  [22]  is  given  in  the 
*■,  fiber  domain  Q  as  a*.  where  a*  is  the  strain  due  to 

the  mismatch  of  the  thermal  expansion  coefficients 

l 


Tabic  1  he: ni.it  tcsuldd!  Mtess  ileriMle)  X  imM\uicnic!ii<. 

l  ongiiuchnal  I  i  answ:  sr 

Malen.il  (MPa)  (Ml’.tl 

0  vol  # o  vxfmker  Si<.‘  0  0  0  0 

6061  m.* U  ix 

!>  vol  °o  vklmket  Sil  40S  \s 

6061  matrix 
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Wrought  0  0  0  0 

1 100  Al 

and  the  uniform  plastic  strain  is  prescribed  in  the 
matrix  (15].  As  far  as  the  stress  field  is  concerned,  the 
model  of  Fig.  4  is  equivalent  to  that  of  Fig.  3.  Thus, 
the  present  problem  is  reduced  to  "inhomogeneous 
inclusions  problem"  (Fig  4)  [22]  The  model  of 
Fig.  4  will  be  used  not  only  to  predict  the  yield 
stresses  and  work-hardening  rates,  but  also  to  com¬ 
pute  the  thermal  residual  stresses.  For  the  latter  case, 
we  willl  set  =  t’J  =  0. 

Following  the  Eshelby’s  equivalent  inclusion 
method  modified  for  a  finite  volume  faction  of  fibers 
(22,  23],  the  total  stress  field  in  the  fibers  <r°  +  ct,(  is 
given  bv 

cr"  +  <T,  =  +  <?u  +  eu 

=  C.,u{e1/  +  i’u  +  ck, 

~(3u -<’£/)-<’*}  (1) 

where  the  repeated  indices  arc  to  be  summed  over  I, 
2  and  3. 

0“  =  C,M(e°,  in  D  (2) 

<<\>~  =  C,)Uckl  in  22  —  Q  (.3) 


0 
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i  it'  A  The  equivalent  inclusion  model  converted  from 

r.g.  3. 

In  equation  (I),  e‘,  is  the  fictitious  cigcnstrain  (23] 
which  was  introduced  to  connect  the  present  problem 
to  "inclusion  problem"  and  cv  is  the  average  strain 
disturbance  in  the  matrix  and  related  to  the  average 
stress  disturbance  in  the  matrix  by  equation 

(3)  is  defined  by 


d  -  n  J  o  -  it 


where  S  ..  is  the  I  shclbs's  tensor  and  a  function 
of  and  the  geometry  of  the  ellipsoidal  tibei  I  he 
libei  is  assumed  to  be  a  prolate  spheroid,  hence 
the  fiber  aspect  ratio  I  id  is  a  single  geoiiielnc.il 
parameter,  hot  simplicity,  we  assume  that  the  matiiv 
and  fiber  are  isotropic  both  in  stillness  and  theim.il 
expansion  coefficient  Thus.  C\tU  and  t*  are 

given  by 

h  ,,u  =  3  (  HI) 

(  ',/U  =  h;,  4  )  (II) 

x*  =  -(x,-x),\AT  (12) 

In  flic  above  equations.  <5(J  is  the  Kronecker's  delta. 
7.  (7.f)  and  /r  (ft1)  are  Lame's  constants  of  the  matrix 
(fiber),  a  (a.)  is  the  thermal  expansion  coefficient  of 
the  matrix  (fiber)  and  A7'is  the  change  in  temperature 
(AT  >  0  corresponds  to  the  temperature  drop) 

The  stress  field  in  the  liber  is  obtained  from 
equations  (6),  (8).  (9)  and  (10) 

s  =  d  -  -ca*)/<5„ 

+  2/r(5„_e:;-e;*)!.  (13) 

After  solving  for  c*’  in  equation  (1)  by  use  of 
equations  (8)  and  (9),  we  can  compute  the  stress 
disturbance  ov  tn  the  fiber  from  equation  (13) 

4.2.  Yield  stresses  a'y,  a‘  and  work -hardening  rate 

The  method  of  computing  the  yield  stresses  a\  and 
o\  and  the  work-hardening  rate  of  the  composite  is 
described  briefly.  The  total  potential  energy  of  Fig.  3. 
U,  is  given  by 


;  J  K/ +  <*, +  'F,- , 


where  (1  is  the  total  volume  of  (he  matrix  and  a,r 
and  eq  in  equation  (I)  and  (4)  is  the  stress  and  strain 
disturbance,  respectively,  by  a  single  liber  Q  when  it 
is  embedded  in  an  infinite  matrix.  Since  the  stress 
disturbance  when  it  is  integrated  in  the  entire  domain 
D  vanishes 

o,,  dr  =  0.  (5) 

J  t> 

The  stress  disturbance  aq  is  obtained  from  equation 
( I )  and  (2) 

A,  =  C^fe,,  +  eu  -  e  ,*,* )  (6) 


ft;  =  or*  4  «-•  -  e[,.  (7) 

From  equations  (3),  (5)  and  (6).  we  obtain 

g  =  -  (/Av-('D  (») 

According  to  Fishclby,  ev  is  related  to  the  total 
cigen-stram  e ,**  as 


—  —  or,*  )dF  —  ff  ,,n;(u,  4-  u,  +  u,)  d.S  (14) 

Jxns 

where  ir°,  ii,  and  u,  arc  the  displacement  components 
corresponding  to  e® ,  ev  and  e,r  respectively:  the  index 
j  preceded  by  a  comma  denotes  a  partial  differen¬ 
tiation  with  respect  to  x(;  ^Dc  is  the  boundary  of  D\ 
and  n(  is  the  yth  component  of  an  unit  vector  outer 
normal  to  r..Dr .  Then,  the  change  in  U  due  to  the 
change  in  the  plastic  strain  be°  is  given  by 


/• 

=  -  « 

Jo 


+  all)bel6V. 


In  the  above  derivation,  the  Gauss'  divergence 
theorem  and  the  following  equation  were  used 


avW,., 

Jo 


+  <5u,()  d  T  =  0. 


a,  =  .s 


Noting  that  the  plastic  strain  exists  only  in  the  matrix 
(D  -  ft),  equation  (15)  is  reduced  to 

SU  =  -&■;{(!  -  V, )<,«,- Yra„}.  (16) 

Under  the  uniaxial  stress  along  the  v, -axis  (an),  o” 
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where  iho  six  components  of  <7°  and  el'  are  expressed 
in  the  order  of  (//)  -  II,  22,  33.  23,  31.  and  12.  and 
t'r  is  the  plastic  strain  along  the  v,-axis  On  the  other 
hand,  the  energy  dissipation  due  to  the  plastic  work 
in  the  matrix.  is  given  by 

5Q  =  1 1  -  !',)<? ,  5er  (IK) 

where  n,  is  the  How  stress  of  the  matrix  for  the 
bilinear  model 

(7,  -  a"  +  £Ter  (19) 

where  it,  and  £T  are  the  initial  yield  stress  and 
tangent,  modulus  of  the  matrix,  respectively.  Since 
<5 U  +  SQ  =  0,  we  obtain 

=  <  +  - — (<7„  -  a,,).  (20) 

In  the  above  derivation.  crn  =  <7;;.  ef,  =  eC  =  — ; c*p 
were  used.  Combining  the  soluttons  of  u<;  in  equation 
(13)  and  equation  (20).  we  can  obtain  the  yield  stress 
of  the  composite  in  tension  (e[  =  <70)  and  that  in 
compression  (a\  =  a„ )  as 

it  ‘ =  C0  +  C,a  A7‘ 

=  C(,  —  CfiiAT.  (21) 

Similarly,  the  work-hardening  rate  of  the  composite. 
£t  is  obtained  as 


uhcie  is  given  by  equ.ilion  I  I  m.  <■**  iv  solved,  In 
evpiation  (I).  /.  and  //  aie  pieviouslv  d.elinevi  and  n  is 
the  ith  component  of  the  unit  vectoi  pei  pendiculai  to 
the  surlace  ol  the  liber  If  one  wants  lo  compute  the 
stresses  just  outside  the  equator  of  the  ellipsoidal  tibei 
tv  here  n  -  ( 1 . 0.  0).  w  e  can  obtain  the  stresses  m  poi.it 
coordinates.  r,r.  a„  and  o.  there  as 


I 


v  :■  <24) 


/;T/£i-C:+C,^  l  (22) 

In  the  above  equations,  C0,  C, ,  Ch,  and  C}  are 
functions  of  the  clastic  stiffness  of  the  matrix  and 
fiber  and  the  fiber  aspect  ratio  fid.  E  is  the  Young's 
modulus  of  the  matrix. 

4  3.  Thermal  residual  stress 

When  the  composite  is  cooled  by  AT,  the  thermal 
residual  stress  is  induced  in  the  composite.  The 
theoretical  model  for  this  problem  is  the  same  as  that 
shown  in  Fig  4  except  that  c°  =  cj  =  0  in  the  present 
case  Hence,  the  formulation  up  to  equation  (13)  is 
valid  and  will  be  used  to  compute  the  thermal 
residual  stress  Once  the  stress  within  the  fiber  a'"'  is 
computed,  the  stresses  just  outside  the  fiber  <j'™"  can 
be  obtained  by  the  following  relation  (13] 

"IT  =  <'  + 

1  ^  ..  (x  4  2fi)hlm  -  (/.  +  It)nlrt„  | 

)  .  /!</.+  2,1)  ( 


oT"  +  2n  I - 


where  v  is  the  Poisson's  ratio  of  the  matrix. 

Next  the  average  stress  field  in  the  matrix. 
can  be  also  obtained  from  equations  (3).  (K)  and  (9) 
as 

<o~  =  -  >  ;Q,(-'wr  -  *•;,* )  1^5) 

The  average  stress  in  the  matrix.  <cr,  >m,  (a,,  )m  and 
<er.  >m.  will  be  computed  by  setting  ij  ~  II,  22.  and 
33  in  equation  (25)  It  should  be  noted  here  that 
<cr,  >m  =  <<7„>m  due  to  the  assumptions  of  an  aligned 
short  fiber  composite  which  results  in  the  transverse 
isotropy  of  the  volume  average  quantity. 

5.  THEORETICAL  RESULTS 

We  will  apply  the  present  theoretical  model  lo  two 
types  of  MMCs,  short  fiber  MMC  (SiC  whiskcr/6061 
A I)  and  continuous  Fiber  MMC  (Al:O,-y/5056  Al). 

5.1,  Short  fiber  MMC 

The  thermo-mechanical  data  of  the  matrix  and 
whisker  for  the  theoretical  calculations  arc  obtained 
from  the  stress-strain  curve  of  the  matrix  [Fig.  2(a)] 
and  the  material  properties  handbook. 

Annealed  6061  Al  matrix  (bilinear  model): 

E  =  47.5  GPa 

£t  =  2.3  GPa 

=  47.5  MPa  (26) 

v  =  0.33 


SiC  whisker: 


a  =  23.6  x  I0'6/K 


E,  =  427  GPa 


vf  =  0.17  (27) 

txr  =  4.3  x  10-6/K 
I  Id  =  1.8 

where  the  average  value  of  the  fiber  aspect  ratio  {fid) 
was  used  [24]  and  the  bilinear  stress  strain  curve  of 
the  matrix  is  indicated  by  a  dash-dot  line  in  Fig.  2(a). 
The  temperature  drop  A T  is  defined  as 


(23) 


A  r  =  T,  -  T0 


(28) 
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Fig  5.  The  difference  in  yield  stress  between  compression 
and  tensm  as  a  function  of  vol.  °o  silicon  carbide  whisker 


where  T{  is  taken  as  the  temperature  below  which 
dislocation  generation  is  minimal  during  the  cooling 
process  [9]  and  Tu  is  the  room  temperature.  Thus,  for 
the  present  composite  system  AT  is  set  equal  to 
200  K 

The  theoretically  predicted  o'  and  o[  can  be  ob¬ 
tained  from  equation  (21).  The  differences  between  o ‘ 
and  o[  (a\  -  a[)  for  various  T,  arc  shown  as  the  solid 
line  in  Fig.  5.  The  dilfercnces  between  <r‘  and  o\ 
increase  with  increasing  I',  The  experimentally  deter¬ 
mined  dillerenccs  between  <r*  and  o\  are  represented 
by  the  open  circles  in  Fig.  5.  The  experimental  values 
of  the  yield  stresses  arc  taken  as  the  stresses  0.2% 
off-set  strain.  It  follows  (Fig.  5)  that  good  agreement 
is  obtained  between  the  experimental  and  theoretical 
results  of  the  difference  in  the  compressive  tensile 
yield  stresses  However,  the  experimental  values  of  a\ 
are  greater  than  the  theoretical  values  of  o',  and 
similarly  the  experimental  values  of  <tJ  arc  greater 
than  the  theoretical  values  of  <x|. 

From  the  data  given  by  equation  (26)— (27)  and 
the  use  of  equation  (25),  we  have  computed  the 
stresses,  its  average  value  in  the  matrix  and  plotted 
schematically  the  oL  (solid  curve)  and  <crL>m  (dashed 
curve)  along  the  an  and  v,  axes  in  Fig.  6. 

Next,  the  thermal  residual  stresses,  averaged  in  the 
matrix  of  the  SiC  whiskcr/6061  Al.  arc  predicted  by 
equation  (25)  and  the  results  on  <aT  >m  and  <uL  >m  arc 
plotted  in  Fig  7  as  a  function  of  the  volume  fraction 
of  fiber  ( f'().  where  the  subscripts,  T  and  L  denote  the 
component  along  the  transverse  direction  (r  and  0) 
and  longitudinal  direction  (r ).  The  average  theor¬ 
etical  thermal-residual  stress  is  predicted  to  be  tensile 
in  nature,  and  that  the  average  residual  stress  in  the 
longitudinal  direction  is  larger  than  the  average 
residual  stress  in  the  transverse  direction  The  cxpcri- 
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Fig.  6.  A  schematic  of  the  stress  distribution  in  the  matrix 
and  in  the  reinforcement  due  to  the  difference  in  thermal 
coefficient  of  expansion  between  the  silicon-carbide  and 
aluminum 


mentally  determined  residual  stresses  (Table  1)  arc 
tensile  in  nature  and  the  longitudinal  stress  is  larger 
than  the  transverse,  but  the  experimentally  deter¬ 
mined  stresses  arc  larger  than  those  theoretically 
predicted. 


a 
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0  01  0  2 
Volume  Fraction  of  Fibers,  Vf 

7  Predicted  residual  stress  in  the  matrix  for  the 
transverse  and  longitudinal  directions 
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1  or  the  case  of  sphenc.il  SiC  composites  t lie  pro- 
vedme  tor  obtaining  the  dillerence  in  a\  and  it;  is 
identical  to  the  whisker  case,  with  one  exception,  i  e 
/  ./  -  1  in  the  spherical  case  The  theoretical^  pre¬ 
dicted  difference  between  o\  and  a\  for  I ~  0.2  is 
zero,  but  exper 1  men  tails  it  was  observed  that  n[  was 
slighllv  greater  than  a\  In  ~  13  MPa. 

.'  3  Contiiiiunis  liber  \f.\fC 

The  present  model  is  also  applied  to  continuous 
liber  (A1.0,-y)  rein  forced  5056  Al  composite  with 
T,  =  0.5  (AI.Oj-y/5056  Al  in  short  abbreviation)  to 
predict  the  yield  stress  in  tension  and  compression, 
and  also  the  work-hardening  rate. 

The  material  properties  of  the  matrix  metal  and 
liber  are: 

Annealed  5056  Al  matrix  (bilinear  model): 

E  =  72.4  GPa 
£t  =  6.25  GPa 

<?"  =  152  MPa  (29) 

V  =0.33 

a  =  23.6  x  IO-‘/K 
AI,Oj-y  Fiber  [25]: 

E(=  210  GPa 


Pig.  8.  Tension  and  compression  stress-strain  curves  of 
continuous  AbO,-y  liber/5056  Al  composite  with  Pf  =  0.5 
(25J.  The  experimental  and  theoretical  results  are  denoted  by 
solid  and  dashed  curves,  respectively.  The  solid  and  open 
circles  denote  the  yield  stress  of  the  experimental  and 
theoretical  results,  respectively. 
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vf  =  0.2  (30) 

T  =  8.8  x  10-6/K. 

In  this  computation  A7"  =  200  K  was  used. 

Figure  8  shows  a  comparison  between  the  experi¬ 
mental  results  [25]  (solid  curve  and  solid  circle)  and 
the  theoretical  ones  (dashed  curve  and  open  circle) 
where  both  solid  and  open  circles  denote  the  yield 
stresses  It  follows  from  Fig.  8  that  the  yield  stress 
and  the  work-hardening  rate  of  the  compressive 
stress-strain  curve  arc  well  predicted  by  the  present 
model,  while  for  the  tensile  yield  stress,  the  present 
model  underestimates  the  experimental  results. 


6.  DISCUSSION 

The  theoretical  predictions  and  experimental 
results  arc  in  very  good  agreement  in  most  cases. 

The  theoretical  model  is  based  on  an  extension  of 
previous  work  by  Eshclby  [I  I],  Mura  and  Taya  [13], 
Tanaka  and  Mori  [15],  and  Wakashima  el  al.  [18] 
and  it  can  predict  the  yield  stress  in  tension  and 
compression  and  the  thermal  residual  stress.  The 
predicted  values  of  the  yield  stress  of  the  whisker 
composite  in  tension  and  compression  arc  less  than 
the  experimentally  determined  values  of  the  yield 
stress  in  tension  and  compression.  This  difference 
between  the  theoretical  and  experimental  stresses  is 
due  to  the  fact  that  the  F,  =  0  curves  of  stress  vs 
strain  were  used  for  the  matrix  in  the  composite  cases. 
It  has  been  demonstrated  by  Arsenault  and  Fisher  [8] 


and  Vogelsang  el  al.  [9]  that  there  is  a  much  higher 
dislocation  density  in  the  annealed  composite  matrix 
than  in  the  Ff  =  0  materia).  Therefore,  the  matrix  is 
stronger  than  the  annealed  Fr  =  0  matrix  alloy.  How¬ 
ever,  this  increase  in  matrix  strength  due  to  a  higher 
dislocation  density  docs  not  influence  the  difference 
in  yield  stress  in  the  compression  vs  tension.  The 
theoretical  prediction  is  that  the  yield  stress  of  the 
whisker  composite  in  compression  should  be  higher 
than  the  yield  stress  in  tension,  and  this  is  exactly 
what  is  observed  experimentally,  due  to  an  average 
residual  tension  stress  in  the  sample.  This  residual 
stress  reduces  the  yield  stress  in  tension  and  increases 
the  yield  stress  in  compression. 

The  theoretical  prediction  that  the  compressive 
yield  stress  is  higher  than  the  tensile  yield  stress 
suggests  that  a  tensile  residual  stress  exists  in  the 
matrix  of  composite.  An  average  tensile  residual 
stress  is  predicted  in  the  matrix  as  shown  in  Figs  6 
and  7. 

Though  the  present  model  is  based  on  the  assump¬ 
tion  that  all  fibers  arc  aligned  along  a  specified 
direction  (the  x3-axis  in  Fig.  3),  SiC  whiskers  in  Sic 
whiskcr/6061  Al  composites  arc  misoriented.  The 
misorientation  of  these  whiskers  is  observed  to  be 
enhanced  as  Fr  decreases.  Thus  the  values  of  a]  and 
predicted  by  the  present  model  tends  to  over¬ 
estimate  the  actual  values.  The  fiber  aspect  ratio  (I/d) 
of  SiC  whiskers  has  been  observed  to  be  variable  [24], 
i.c.  0.5  <  !jd  ^  25  with  most  of  l/d  being  around  I .  In 
the  present  model  we  have  used  the  average  value  of 


\ lx S I  NAI  I  I 


1  A  A  \  KiSflU-M  SI  Kl  VS  l\  Ml  l  \l  MAIKIX  ulMMMII 


/  IS  to  predict  the  %  ic  U*  slics>  a  lid  w  o:  )  -  ha:  den  me 
rate  of  the  composite  Takao  and.  la\a  I'n]  have 
recentlv  examined  the  etlecl  ot  x.ma.hle  lihei  aspect 
ratio  on  the  stillness  and  thetni.il  expansion 
coetlicients  ot  a  short  fiber  composite  and  concluded 
that  the  results  predicted  In  using  the  .nciaite  value 
of  /  </  are  not  much  dillcient  fiom  those  ot  using 
actual  variable  aspect  ratio  unless  th.e  distribution  of 
/  i/  is  extraordinarily  scattered  Thus,  the  use  ot  tlie 
average  value  of  /  ./  in  the  present  model  can  be 
justified. 

The  present  model  is  strongly  dependent  on  A/ 

(  =  7',  —  r„)  as  it  appears  in  equations  (12).  (21)  and 
(22b  A  dunce  of  7/  was  made  by  noting  the  move¬ 
ment  of  dislocation  generation  being  minimal  [9]  as 
discussed  before.  If  temperature  7  ,  can  be  considered 
to  correspond  to  the  temperature  Tt  above  which  the 
relaxation  of  internal  stress  is  highly  promoted  and 
below  which  t he  deformation  of  the  matrix  metal  is 
basically  controlled  by  clastic  and  time-indepenoent 
plastic  behavior,  then  the  present  model  which  is 
based  on  an  elastic,  time-independent  plasticity  be¬ 
comes  valid.  If  Tt  is  not  approximately  equal  to  7~r, 
a  more  refined  model  to  account  for  clastic/time- 
independent  plastic/crccp  behavior  of  the  matrix 
metal  during  a  temperature  excursion  from  7',  to  T0 
must  be  employed.  Such  a  model  for  one-dimensional 
stress  analysis  has  been  proposed  by  Garmong  [27]. 

In  this  present  model,  the  relaxed  mismatch  strain 
is  assumed  to  stay  as  surface  dislocations  In  reality, 
such  surface  dislocations  arc  expected  to  relax  by 
punching.  Taya  and  Mori  [2Sj  have  recently  studied 
this  punching  phenomenon  to  conclude  that  the 
smaller  the  fiber  aspect  ratio  is,  the  larger  the  punch¬ 
ing  distance.  Therefore,  the  present  model  predicts 
the  lower  bound  on  crj.  In  fact,  the  predicted  g\  is 
smaller  than  the  experimental  value  of  c ' . 

Instead,  if  the  mismatch  strain  is  completely  re¬ 
laxed,  'nen  a\  will  increase,  but  will  decrease, 

thus  :i  c  difference  will  approach  to  zero,  though  the 
absolute  value  of  the  yield  stress  of  the  composite 
increases  compared  with  (he  matrix  yield  stress  (ay). 
In  olher  words,  the  mismatch  strain  is  partially 
relaxed  by  dislocation  generation.  The  residual 
stresses  under  consideration  arc  the  remanant  clastic 
stresses.  It  was  assumed  that  below  495  K  the  residual 
stress  was  below  the  generation  stress  of  dislocations 
(i.c,  below  the  yield  stress  of  the  matrix).  Therefore, 
the  residual  stress  was  only  determined  from  495 
to  295  K,  and  not  for  the  entire  temperature  range 
of  cooling  of  the  sample,  e  g.  from  the  annealing 
lemperature  of  810  K. 

7.  CONCLUSIONS 

It  is  possible  to  arrive  at  the  following  conclusions 
from  the  theoretical  model  of  the  thermal  residual 
stresses  and  the  experimental  results. 

I.  The  theoretical  model  predicts  a  higher  com¬ 
pression  yield  stress  than  tensile  yield  stress  for  the 


whisker  composite,  which  is  m  .lgiceinciu  with  the 
experimental  results  l  hc  lughci  compiexsivc  ucUi 
stress  is  due  to  a  tensile  residual  sticss  1  hix  icsuiual 
stress  is  due  to  the  diflcience  in  coellieient  ol  thcimul 
expansion  between  tibei  and  matrix. 

2.  In  the  short  libei  case,  the  theoretical  model 
predicts  that  there  should  be  an  average  residual 
stress  which  is  in  tension  and  experimental  X-ray  data 
confirms  this  prediction. 

3.  fhe  absolute  magnitude  of  the  predicted  yield 
stress  (tensile  and  compressive)  is  less  than  the  experi¬ 
mental  yield  stress  due  to  the  fact  that  in  this  model 
dislocation  punching  is  not  considered.  In  the  actual 
cases  there  is  dislocation  punching  which  leads  to 
matrix  strengthening. 

4.  The  residual  stress,  in  the  region  between  SiC 
whiskers,  is  tensile  and  this  is  the  likely  region  where 
plastic  deformation  would  begin.  For  in  this  region 
the  matrix  contains  a  lower  dislocation  density  than 
adjacent  to  the  SiC  whisker,  i.c.  in  (his  region  the 
matrix  is  weaker. 

5.  The  theoretical  model  predicts  that  the  com¬ 
pressive  yield  stress  should  equal  the  tensile  yield 
stress  for  composites  containing  spherical  SiC. 
Experimentally  it  is  observed  that  (he  tensile  yield 
stress  is  slightly  larger  than  the  compressive  yield 
stress. 

6.  Thr  present  model  can  predict  the  yield  stress 
and  work-hardening  rate  of  continuous  AFOj-y 
fiber/5056  A)  composite  reasonably  well  except  for 
o\ . 
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FOCAL  POINT  THE  BAUSCHINGER  EFFECT 

Unusual  Aspects  of  the  Bauschlnger  Effect  in  Metals 
and  Metal-Matrix  Composites 

R.  J.  Arsenault 


SYNOPSIS.  The  Bauschinger  ellecl  (BE)  has  intrigued  research  investi¬ 
gators  for  a  long  time,  and  numerous  theories  have  been  proposed  to 
account  for  the  BE.  but  none  of  these  theories  takes  into  account  the 
effect  of  removal  of  a  thin  surface  layer  at  the  end  of  the  first  half  cycle, 
and  the  presence  of  an  average  unidirectional  residual  stress  A  series 
of  investigations  was  undertaken  to  determine  the  effect  of  these  two 
conditions  on  the  magnitude  of  BE  and  two  models  were  developed:  one 
to  explain  the  surface  removal  effect,  ie.  surface  removal  reduced  the 
BE.  and  the  second  to  explain  the  directionality  of  BE  in  the  presence 
of  a  tensile  residual  stress.  The  BE  is  much  larger  in  tension  following  initial 
testing  in  compression  as  compared  to  initially  testing  in  tension  followed 
by  testing  in  compression. 


1  INTRODUCTION 

A  logical  conclusion  that  could  be  arrived  at  after  con¬ 
sidering  the  fact  that  the  Bauschinger  effect  [1]  was 
reported  about  a  century  ago  is  that  there  is  nothing 
unusual  remaining  concerning  the  Bauschinger  effect 
(BE).  All  is  known  about  the  BE,  there  should  be  noth¬ 
ing  left  to  discover. 

However,  not  only  is  there  a  lack  of  agreement  as 
to  what  constitutes  the  BE,  but  also  there  has  been 
no  single  parameter  that  satisfactorily  quantifies  the 
BE.  Most  investigators  have  chosen  to  define  the  BE 
m  terms  of  a  reduction  in  the  initial  flow  stress  or  yield 
stress  for  reverse  deformation  [2,  3],  while  others 
preferred  a  more  general  definition,  such  as  'a  certain 
dependence  of  the  flow  stress  and  rate  of  work 
hardening  on  the  strain  history'  or  they  simply  referred 
to  the  existence  of  different  stress-strain  curves  by 
loading  in  the  reverse  direction  [4,  5],  Orowan  [6] 
considered  only  the  transient  softening  of  materials 
on  stress  reversal  as  the  BE.  whereas  others  (7.  8] 
included  permanent  softening  as  part  of  the  effect 

In  attempting  quantification,  the  reverse  loading 
curve  is  usually  replotted  with  absolute  shear  stress 
and  cumulative  shear  strain  values  starting  from  the 
intersection  of  the  unloading  curve  and  the  shear- 
strain  axis.  One  obvious  approach  is  to  consider  the 
Bauschinger  strain,  which  is  the  difference  between 
the  shear  strain  of  the  reverse  loading  curve  and  the 
shear  strain  of  the  loading  curve  at  the  final  forward 
stress,  before  unloading  on  such  a  plot.  Figures 
1(a)  and  (b)  are  typical  stress-strain  curves  for  a 
Bauschinger  test  There  are  two  different  Bauschinger 
stress  factors  defined.  The  Bauschinger  strain  will 


Fig  la  A  plot  ol  stress  vs  strain  showing  the  Bauschinger 
etfect  and  the  d'tlerent  parameters  which  are  used  in 
defining  the  Bauschinger  eflecl 
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Fig  lb.  A  stress  vs.  strain  diagram  lor  the  case  where 
permanent  sottemng  is  observed 
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increase  almost  linearly  with  prestrain,  it  can  tie  ex¬ 
pressed  m  a  normalized  form  such  as  the  Bauschingor 
strain  factor,  which  is  defined  as  the  ratio  of  the 
Banschaiger  strain  to  the  prestrain  Another  approach 
is  to  define  the  Bauschingor  stress  in  terms  of  the 
difference  between  the  final  forward  stress  and  the 
absolute  value  of  the  elastic  limit  under  reverse 
loading  This  Bauschmger  stress  will  depend  on  the 
amount  of  work  hardening  before  unloading.  Thus  a 
Bauschmger  stress  factor  can  be  defined  as  the  ratio 
of  tfie  Bauschmger  stress  to  the  stress  increment 
during  the  prestrain.  The  second  Bauschinger  stress 
factor  is  the  permanent  softening. 

The  BE  has  been  found  in  pure  metals  [9],  ionic 
crystals  [10]  and  single-phase  [11.  12]  or  multiple- 
phase  [  13]  alloys.  The  magnitudes  of  tfie  BE  in  single¬ 
crystal  and  polycrystalline  materials  are  comparable 
1 5]  Single-crystal  copper  seems  to  have  been  studied 
most  thoroughly  [8,  14-21],  and  the  experiments  have 
involved  primarily  tension-compression  (14.  15, 
17-19],  with  only  a  few  in  simple  shear  [16-21],  torsion 
[9]  or  bending  [10]  The  changes  in  dislocation  con¬ 
figurations  due  to  reverse  loading  have  been  studied 
using  etch  pit  techniques  (18,  19]  or  transmission 
electron  microscopy  [17.  20]  There  also  have  been 
numerous  investigations  of  the  fundamental  relation¬ 
ship  of  BE  with  temperature  (9.  12],  grain  size  (9,  12], 
prestrain  [22-24],  and  the  stress  rate  [25.  26).  The 
reduction  in  BE  due  to  dynamic  strain  aging  [27]  or 
due  to  cyclic  torsions  [28]  has  also  been  studied 
However,  no  attempts  have  been  made  to  determine 
the  surface  effects  on  BE.  which  is  quite  surprising 
in  view  of  the  importance  of  the  role  of  surface  in 
fatigue  failure. 

By  direct  shearing  of  several  fee  single  crystals, 
Phillips  [16]  found  new  slip  band  formation  on  slip 
reversal  (rather  than  de-slipping  of  the  same  slip 
bands)  where  there  is  non-primary  slip.  An  explana¬ 
tion  for  this  phenomenon  was  based  on  the  assump¬ 
tion  that  it  is  easier  to  start  new  sources  than  to 
overcome  barriers  such  as  Cottrell-Lomer  locks.  Mori 
and  Fujita  [20]  found  that,  during  compression  of 
Cu-AI,  fine  slip  lines  formed  at  the  same  positions  as 
previous  tensile  slip-line  clusters.  When  the  reverse 
stress  ratio  reaches  unity,  almost  all  the  compressive 
strains  are  produced  by  the  new  coarse  slip  bands 
in  the  virgin  region,  while  the  individual  slip  lines  inside 
the  tensile  slip  clusters  are  exhausted. 

It  is  commonly  believed  that,  under  a  reversed  plastic 
strain,  the  dislocation  loops  already  formed  will  shrink 
back  on  their  sources,  or  the  sources  will  produce 
loops  of  opposite  sign  and  therefore  annihilate  the 
loops  already  present.  Orowan  [6]  stated  that  ‘the 
back  stress  of  fhe  pile-up  would  cause  its  generating 
Frank-Read  source,  as  well  as  the  sources  in  the  inter¬ 
secting  planes,  to  produce  dislocations  of  opposite 
sign,  to  dissolve  the  Cottrell-Lomer  locks  and  to 
annihilate  their  separated  mobile  components'.  Since 


tol.il  tovei sal  can  lake  place.  Charsley  and  Det.v.mx 
1 1 1]  believed  that  the  same  sources  act  m  compression 
on  the  same  planes  that  were  active  in  tension 
Because  only  20°o  of  the  dislocations  generated  in 
tension  remain  in  the  crystal,  total  reversal  cannot  take- 
place  without  new  sources  acting  in  compression 
The  number  of  models  or  theories  that  tiave  been 
developed  to  explain  the  BE  is  almost  equal  to  the 
number  of  investigators  ot  the  BE  However,  all  these 
models  can  be  related  to  two  dislocation  mechanisms 
The  first  mechanism  is  implied  in  Seeger's  v.-ork 
hardening  theory  [29].  The  long-range  internal  stress, 
often  called  the  back  stress,  which  is  created  by  the 
dislocation  pile-up  at  barriers  aids  the  dislocation 
movement  and  causes  the  drop  in  initial  flow  stress 
during  reverse  loading  The  other  mechanism  is  related 
to  Orowan  s  idea  ot  a  directional  resistance  to  dis¬ 
location  motion  due  to  prestraining  (6]  The  forward 
motion  of  dislocations  becomes  more  difficult  because 
there  are  an  increasing  number  of  stronger  barriers 
ahead  ot  the  dislocations  as  the  material  work  hardens 
The  barriers  behind  the  dislocations  are  believed  to 
be  weaker  and  more  sparsely  spaced  than  those 
immediately  in  front  Thus  the  stress  needed  to  push 
the  dislocations  backward  is  lower. 

In  the  theories  and  the  experimental  results  de¬ 
scribed  above  there  is  no  mention  ot  several  factors 

•  The  effect  of  removal  of  given  amount  from  the 
surface  of  the  sample  after  it  has  completed  one 
half  of  a  cycle. 

•  The  direction  of  initial  test,  e.g.  tension  followed  by 
compression  or  compression  fc'lowed  by  tension 

•  The  effect  of  residual  stress  on  the  magnitude  ot 
the  BE. 

A  consideration  of  these  factors  can  lead  to  some 
unusual  aspects  of  the  BE. 

An  investigation  both  experimental  and  theoretical 
by  Hsu  and  Arsenault  [30]  resulted  in  the  prediction 
and  observation  that  BE  would  be  reduced  if  -  250 
jim  were  reduced  from  the  surface  of  the  sampte  after 
the  first  half  cycle 

A  model  by  Arsenault  and  Taya  [31]  can  be  extended 
to  consideration  of  the  BE.  This  model  predicts  that 
there  would  be  a  difference  in  the  magnitude  of  the 
BE  depending  upon  the  direction  of  initial  loading  For 
example,  if  the  sample  was  tested  initially  in  tension 
followed  by  compression  a  smaller  BE  would  result 
than  if  the  sample  was  initially  tested  in  compression 
followed  by  tension  In  the  other  theories  and  models 
that  have  been  put  forward  to  predict  the  magnitude 
of  the  BE,  the  direction  of  initial  loading  is  irrelevant 
Experimentally  it  was  shown  that  the  direction  of 
loading  had  a  significant  effect  on  the  magnitude  of 
the  BE  and  the  magnitude  of  the  BE  measured  ex¬ 
perimentally  was  in  agreement  with  that  predicted  by 
the  Arsenault  and  Taya  theory 
In  the  following  section  the  experimental  and 
theoretical  aspects  of  the  effect  of  surface  removal 


r 


will  be  discussed,  and  in  the  subsequent  section  the 
ettect  of  residual  stresses  will  be  discussed  f  inally 
trie  conclusion  section  will  discuss  the  consequences 
of  theories  proposed  and  the  agreement  with  expert 
mental  results 

2  SURFACE  REMOVAL 

2.1  Experimental  procedure 

Single  crystal  copper  rods  were  grown  by  the  Bridge- 
man  technique  and  ground  into  samples  as  shown  in 
Fig  2  The  samples  were  tested  alternately  in  tension 
and  compression.  Because  the  alignment  ot  the 
central  axis  of  the  specimen  with  the  line  of  loading 
is  very  critical,  a  special  apparatus  w3s  constructed 
to  maintain  good  alignment  in  both  tension  and  com¬ 
pression  (Fig  3)  The  surface  layer  was  chemically 
removed  from  the  sample  in  situ.  Only  the  gauge 
length  section  was  etched  away  with  nitric  acid  |ets 
while  the  two  ends  and  holders  were  protected  with 
varnish  coatings  Further  details  of  the  experimental 
testing  procedure  have  been  given  elsewhere  [32] 
An  accurate  stress-strain  curve  was  obtained  by  the 
use  of  a  specially  mounted  extensometer 

2.2  Experimental  results 

The  experimental  results  are  summarized  in  Table  1. 
m  which  both  the  Bauschinger  stress  factors  and  the 
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Fig  2  The  copper  single  crystal  specimens  The  dimensions 
ot  these  specimens  are  given  in  millimetres 
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Fig  3  The  experimental  arrangement  tor  achieving  good 
alignment  and  in  situ  surface  removal 


Bauschinger  strain  factors  are  given  A  batch  number 
is  assigned  to  all  ttie  specimens  with  the  same 
orientation  The  numerals  in  parentheses  show  the 
numbers  of  specimens  with  the  same  orientation  In 
the  column  labelled  "No  Etch”  the  average  values  ot 
the  Bauschinger  stress  factors  (or  uninterrupted  stress 
reversal  testing  ot  all  specimens  in  the  same  batch 
are  listed  In  the  column  labelled  "Etch”  the  average 
values  for  samples  with  surface  removal  are  given  The 
percentage  reduction  in  these  factors  as  a  ratio  of  the 
uninterrupted  results  is  given  in  the  following  column 
The  last  row  gives  the  total  average  ot  all  the  values 
m  each  column 

Thus  the  experimental  results  indicate  a  rather  large 
reduction  in  the  BE  by  surface  removal  For  the 
Bauschinger  stress  factor  the  reduction  ranges  from 
8  57%  to  46  7%.  with  an  average  value  of  26  8% 
For  the  Bauschinger  strain  factor,  the  reduction  varies 
from  214%  to  85.2%.  with  an  average  value  of 
55.4%  The  details  of  the  analysis  of  experimental  data 
can  be  found  elsewhere  [32] 

Figure  4  is  a  plot  of  absolute  shear  stress  versus 
total  shear  strain  ot  two  samples  (samples  16-1  and 


TABLE  1 

Mean  values  of  the  Bauschinger  factors  lor  single-crystal  copper  (purity.  99  99%) 


Batch 
(number  of 
samples 

Average  Bauschinger 
stress  factor 

Reduction  (%) 
in  Bauschinger 
stress  factor 

Average  Bauschinger 
strain  factor 

Reduction  (%) 
in  Bauschinger 
Strain  factor 

Etch 

No  Etch 

Etch 

No  Etch 

10  (2) 

0  8 

1  5 

46  7 

0  025 

0  135 

85  2 

13  (5) 

0  794 

1  16 

31  6 

0  0726 

0  131 

44  3 

M  (3) 

1  04 

1  71 

39  2 

0  1  79 

0  429 

58  3 

15  (21 

0  960 

1  05 

8  57 

0  138 

0  436 

68  3 

16  (2) 

1  20 

1  40 

14  3 

0  324 

0  4  12 

21  4 

1  7  (4) 

t  43 

1  69 

1  5  4 

0  164 

0  420 

61  0 

Total 

Average 

1  04 

1  42 

26  8 

0  146 

0  327 

55  4 

SHEAR  SIRE  SS  T  VPo 


—  - - f  XT[  NSk'N  LO&OiMG 


Fig  4  The  absolute  shear  stress  vs  accumulated  shear 

strain  curve  lor  samples  16-1  and  16-2;  - — - . 

extension  ot  initial  loading. - —  ,  alter  surface 

removal. -  no  surface  removal 


16-2)  which  were  chosen  from  the  same  single-crystal 
rod  Because  the  initial  tensile  portion  of  the  stress- 
strain  curve  for  sample  16-1  was  nearly  identical  with 
that  for  sample  16-2.  i.e .  the  yield  stress  and  the  work¬ 
hardening  ratio  of  sample  16-1  were  the  same  as  those 
for  sample  16-2,  there  was  only  one  curve  of  stress 
versus  strain  for  the  initial  loading  in  tension  Both 
samples  were  initially  strained  the  same  amount  and 
then  unloaded  Sample  16-2  was  then  loaded  in 
compression,  while  for  sample  16-1  the  test  was 
interrupted,  the  surface  layer  was  removed  and 
the  test  was  continued  in  compression  Again 
both  samples  were  strained  an  equal  amount  The 
Bauschmger  stress  factor  and  strain  factor  for  sample 
16-1  (surface  removal)  were  1.20  and  0.334  re¬ 
spectively  The  uninterrupted  tension-compression 
test  for  sample  16-2  gave  corresponding  values  of 
140  and  0  412  respectively  Therefore,  the  reductions 
in  the  BE  due  to  surface  removal  were  only  14  3% 
and  21  4%  respectively  However,  when  another 
tension  loading  was  undertaken,  the  magnitude  of  the 
reduction  in  the  BE  was  much  larger  It  is  also 
interesting  to  note  that  the  reverse  loading  curve  for 
sample  16-1  (surface  removal)  approaches  the  ex¬ 
tension  of  the  initial  loading  curve  beyond  the 
unloading  point.  Thus  the  paramount  BE  is  for  all 
practical  purposes  completely  eliminated  by  surface 
removal. 

2.3  Model  description 

From  a  consideration  of  the  results  of  the  single-crystal 
copper  experiments  given  in  Section  2.2.  it  was  found 
that  the  BE  can  be  reduced  by  half  if  a  surface  layer 
of  250  rim  is  removed  A  proposed  dislocation  model 
first  has  to  be  able  to  explain  the  following  phenomena 
(1)  work  hardening  during  loading.  (2)  the  maintenance 
of  plastic  strain  during  unloading.  (3)  the  continuation 


of  the  same  strew.  strain  curve  or.  reloading  as  an 
uninterrupted  test 

Since  the  BE  represents  an  easing  of  plastic  do 
formation  during  reverse  loading,  a  reduced  BE  means 
either  increased  resistance  to  a  forward  motion  or 
reduced  assistance  for  existing  arrays  of  mobile 
dislocations  to  a  backward  motion  The  latter  is  more 
likely  to  occur  under  a  surface  layer  removal  condition 
A  computer  simulation  model  which  was  based  on  a 
previous  computer  simulation  investigation  ( 33  j  will  be 
described  to  account  for  the  changes  in  the  BE  due 
to  surface  removal 

This  dislocation  model'  relies  on  two  major 
assumptions  (i)  that  the  dislocation  motion  is  con¬ 
trolled  by  thermally  activated  jumping  over  short-range 
barriers,  (h)  that  the  surface  sources  can  be  activated 
at  a  lower  stress  ttian  the  interior  sources 

The  surface  source  is  basically  a  half-dislocation  mill 
with  one  end  anchored  as  depicted  in  Fig  5.  Under 
an  applied  shear  stress  ra.  the  pinned  dislocation 
segment  started  to  expand  as  a  spiral  until  the  leading 
edge  swings  to  the  free  surface  and  a  half-circle  was 
gradually  formed  A  new  dislocation  segment  with  one 
end  pinned  would  be  left  behind  to  continue  its  spiral 
motion  and  to  keep  grinding  out  more  new  dislocations 
under  t3  The  series  of  half-dislocation  loops  would 
continue  to  expand  Whenever  a  dislocation  meets  a 
short-range  barrier,  a  very  local  perturbation  in  the  loop 
shape  may  occur  As  the  dislocation  keeps  advancing, 
its  segment  will  very  soon  sweep  across  the  short- 
range  barrier 

For  simplicity  the  dislocation  array  shown  in  the  side 
view  of  Fig.  5  will  be  considered  first  The  trailing 
dislocation  segments  are  repelled  by  all  the  other 
generated  dislocations.  Once  the  applied  stress 
becomes  larger  than  the  repulsive  stress  caused  by 
the  leading  dislocations,  new  dislocations  will  continue 
to  be  generated  The  leading  dislocation  is  being 
pushed  by  all  the  trailing  dislocations  and  thus  can  go 


Fig  5  Schematic  diagram  of  the  operation  of  a  dislocation 
surface  source 
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the  fastest  The  trailing  dislocation  is  being  repelled 
by  all  the  leading  dislocations  and  thus  will  be  the 
slowest  moving  dislocation  This  will  eventually  lead 
to  an  inverse  pile-up  configuration  as  shown  in  Fig 
5  For  the  surface  source  case  a  high  dislocation 
density  due  to  inverse  pile-up  will  develop  at  the 
surface  Each  dislocation  moves  forward  by  thermally 
activated  jumping  over  a  short-range  barrier 
For  the  itn  dislocation  the  activation  free  energy  AG, 
as  a  function  of  effective  stress  ri  is  determined  by 


AG,  =  AGo  [1  -  (— r)  ni]  R2  (1) 

TO 

where  the  activation  energy  AGo  at  zero  stress  and 
the  effective  stress  to  are  determined  experimentally, 
ni  and  n2  are  determined  by  fitting  the  experimentally 
determined  AG  versus  r'  curves.  The  effective  stress 
tor  the  im  dislocation  at  x,  is  calculated  using  a 
modified  version  of  Head's  formula  (34]  for  coplanar 
parallel  edge  dislocations  under  the  applied  stress  ra 
The  line  tension  term  tl  is  included  in  crder  to 
account  for  the  curvature  of  the  loops  (because  the 
dislocations  near  the  free  surface  are  not  straight)  and 
is  estimated  to  be  equal  to  Gb/2x, 


1 

ri  =  7a  +  tl  +  A(  —  —  + 

2x, 


N  1  1  2X|(x,  —  X,) 

-  ( - + - - 

J  =  1  X,  -  X,  X,  +  X,  (X,  +  X|F 

1*1 


(2) 


where  A  =  Gb<'2 ir(  1  -  v).  N  is  the  total  number  of 
dislocations.  G  is  the  shear  modulus,  b  is  the  Burgers 
vector,  x,  is  the  position  of  the  other  dislocations  in 
the  array  and  v  is  Frisson's  ratio  A  new  dislocation 
is  generated  whenever  the  effective  stress  at  the 
source  is  larger  than  the  source  operating  stress  As 
a  result,  an  inverse  pile-up  is  formed  under  a  constant 
applied  stress  (Fig  6(a)  and  (b) )  Further  details  of 
the  numerical  methods  have  been  discussed  else¬ 
where  (32) 

The  velocity  of  each  dislocation  was  determined  by 
first  determining  the  mean  time  required  to  lump  a 
given  barrier. 

At, q  =  to  exp(AG,/kT)  (3) 


where  to  is  related  to  the  attempt  frequency  of  the 
dislocation,  which  in  turn  equals  the  ratio  of  the  Debye 
frequency  to  the  average  dislocation  span  between 
short-range  barriers  Finally  the  average  velocity  is 
defined  as  follows 

Q  Q 

v,  =  L  ALq/  57  At, q  (4) 

q= '  q=1 

where  q  is  a  specific  barrier.  O  is  the  total  number  of 
barriers  met  and  ALq  is  related  to  the  area  moved  by 
the  unit  length  of  dislocation  in  the  given  thermally 
activated  lump 
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Fig  6  (a)  The  alternate-plane  model  under  reverse  loading, 
lb j  the  upper  plane  alone  is  the  smgte-coptanar  model,  and 
the  two  slip  planes  together  are  the  double-coplanar  model 


An  approximation  was  used  in  order  to  reduce  the 
computer  time  involved  in  the  simulations  [33]  An 
empirical  equation  has  been  used  to  approximate  the 
relationship  between  the  dislocation  velocity  v,  and 
the  effective  stress  ri  (35] 

v,  =  B( ri  )m  (5) 

where  B  and  m  are  empirical  constants 
Equation  5  applies  not  only  to  forward-moving 
dislocations  but  also  to  retreating  dislocations  when 
the  appropriate  algebraic  sign  is  used.  It  is  obvious 
that  a  single  slip  plane  with  coplanar  dislocation  loops 
generated  during  the  loading  stage  cannot  represent 
reverse  loading  in  a  reasonable  manner  because  all 
the  existing  mobile  dislocations  will  soon  be  ex¬ 
hausted  Some  modifications  or  extra  features  must 
be  included  in  this  model 
Basically,  as  a  result  of  the  above  experimental 
observations,  two  new  features  were  considered  in 
the  current  model.  First,  during  the  reverse  loading, 
new  slip  planes  are  activated  in  addition  to  the  de 
slipping  of  the  original  plane  Second,  the  same  source 
that  generated  the  original  dislocations  will  create 
dislocations  of  the  opposite  sign  under  reverse  load¬ 
ing  These  two  arrays  of  dislocations  of  opposite  sign 
will  move  toward  each  other  and  become  annihilated 
when  they  meet.  The  consideration  of  these  experi¬ 
mental  observations  leads  to  several  additional  models 
These  additional  models  are  described  elsewhere 
(30] 


73 


2.5  Simulation  results 

The  purpose  ot  the  computer  modelling  is  to  simulate 
the  discrete  motion  of  individual  dislocations  under  a 
specified  condition  of  multiplication  and  a  governing 
equation  of  motion  The  present  approach  is  not 
a  numerical  solution  of  an  assumed  constitutive 
equation  At  any  instant,  ttiere  was  a  value  ol  applied 
stress  chosen  according  to  whether  the  test  was 
under  a  constant  applied  stress  or  a  constant  strain 
rate  The  plastic  strain  was  determined  by  the  sum¬ 
mation  of  all  the  dislocation  displacements  The  applied 
stress  divided  by  the  elastic  modulus  yields  the  elastic 
strain  Therefore,  at  every  instant,  there  was  a  one 
to-one  correspondence  between  the  applied  stress 
and  the  total  strain  The  total  shear  strain  versus  the 
resolved  shear  stress  curve  could  thus  be  con¬ 
structed 

The  basic  shapes  of  (tie  shear  stress  versus  shear 
strain  curves  are  quite  similar  for  the  three  models 
Therefore,  only  the  smgle-coplanar  case  will  be 
presented  as  an  example  As  shown  in  Fig  7.  the 
elastic  portion  of  the  constant-stram-rate  loading  curve 
ended  at  a  stress  of  0  65  MPa  The  loading  curve 
then  went  through  a  yield  point  and  gradually  work 
hardened  The  loading  was  stopped  when  20  dis¬ 
locations  had  been  generated  from  the  surface  source 
The  external  load  was  then  gradually  decreased  so 
as  to  maintain  a  constant  strain  rate  in  the  reverse 
direction  during  the  unloading  stage  The  reverse 
loading  portion  was  basically  a  continuation  of  the 
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Tig  7  The  shear  stress  vs  shear  strain  curve  tor  the  single 
coplanar  model  when  20  dislocations  have  been  generated 
in  the  loading  direction 


unloading  process  until  the  applied  stn  L.-c.im- 
negative,  le  .  an  applied  stress  m  the  reverse  dm-olioii 
T he  reverse  loading  curve  went  through  earlier  y»  -idm  ; 
and  work  hardened  without  yield  point  development 
The  same  data  plotted  as  an  absolute  shear  she.  . 
versus  ttie  accumulative  shear  strain  curve  cue 
demonstrate  ttie  magnitude  ot  the  BF  better  (Fig  8 
To  determine  the  effect  of  surface  removal  t.s 
'etching',  the  usual  strain  curve  was  simulated  to  tte  - 
point  of  complete  unloading  Then  the  position  of  the 
surface  was  redefined  sucti  that  a  given  amount  wri- 
removed  (generally  250  /mi)  Because  the  portion 
removed  contained  the  highest  density  ot  dislocation-, 
the  number  ot  dislocations  on  ttie  given  slip  plane  wa  • 
significantly  reduced  After  removal,  ttie  fever- n 
loading  was  continued  in  exactly  the  same  manner  .-. 

■f  surface  removal  tiad  not  taken  place  Figure  8  show- 
a  reduction  in  the  BE  after  surface  removal  It  can  be 
seen  that  the  compression  curve  after  surface1  removal 
has  an  increment  of  shear  stress  over  ttie  origin 


All  of  the  models  predicted  a  reduction  of  ttie  fit' 
strain  factor,  the  minimum  bemg  35%  and  ttie  man 
mum  63% 

The  agreement  between  the  experimental  results 
and  the  model  predictions  are  very  good 


3  RESIDUAL  STRESS 


3.1  Experimental  results 

The  composite  materials  used  and  the  testing  pro 
cedures  are  described  elsewhere  [36)  However, 
before  discussing  the  experimental  results  obtained 
Irom  the  BE  investigation,  we  shall  briefly  define 
the  parameters  which  were  used  to  measure  the 
magnitude  of  the  BE.  Figures  1(a)  and  (b)  are 
schematic  representations  of  a  Bauschmger  test  T he 
Bauschinger  strain  <b  which  is  used  as  a  measure  of 
the  BE  when  the  flow  stress  in  ttie  reverse  direction 
becomes  equal  to  the  (low  stress  at  the  end  ot  the 
forward  strain  (Fig  1(a))  These  curves  were  obtained 


Fig  8  The  absolute  shear  stress  vs  accumulated  shear 
strain  curve  for  the  smgle-coplanar  model  —  —  —  ,  alter 
etching.  -  ,  without  etching 


y.M:- 


f tom  test  conducted  first  in  tension  followed  by  com 
ptession  II  there  is  permanent  softening  upon  reverse 
loading  then  the  difference  between  the  protected  flow 
stress  m  the  forward  direction  minus  the  maximum  flow 
stress  m  the  reverse  direction  (this  difference  is 
defined  as  the  Bauschmger  stress)  is  used  to  define 
the  magnitude  of  the  BE  (Fig  1(b))  This  is  a  typical 
result  tor  tension  first  followed  by  compression  It  is 
possible  that  the  stress— Strain  curves  may  have  a 
complicated  shape  when  a  second  phase  is  present 
137) 

T  fie>  stress-strain  curve  upon  reverse  loading  did 
not  have  any  unusual  shape  change,  their  shapes  are 
the  same  as  shown  in  Fig  9(a),  (b),  and  (c)  Therefore, 
the  model  proposed  by  Asaro  (38)  based  on  strong 
precipitates  as  the  cause  of  the  complicated  shape 
cannot  apply  to  SiC-AI  composites,  even  though  SiC 
particles  are  equivalent  to  very  strong  precipitates 
Ideally  it  would  have  been  useful  to  determine  the 
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fir)  'ib  A  plot  of  the  absolute  tensile  stress  vs  the  total 
strain  tor  annealed  5  V%  particulate  composite  samples 
tested  in  tension  and  compression 
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Fig  yc  A  plot  o t  the  absolute  value  ol  ttie  tensile  stress 
vs  the  total  strain  tor  annealed  20  V%  particulate  composite 
samples  tested  in  tension  and  compression 

effect  of  strain  on  ttie  BE  However,  this  could  only 
be  accomplished  lor  the  lower  volume  fractions  of  SiC 
At  higher  volume  fractions  of  SiC  the  maximum  strain 
that  could  be  used  consistently  was  a  plastic  strain 
of  1  5°o  Therefore,  this  was  the  strain  that  was  chosen 
as  the  forward  strain  for  all  tests  that  are  reported  here 
Some  results  were  obtained  as  a  function  of  strain, 
and  these  were  compatible  with  the  previous  results. 
ie.  the  BE  increased  with  forward  strain 
The  BE  (Fig  10)  of  the  0,  5.  and  20  V%  whisker 
composite  material  is  higher  than  that  of  the  HP  and 
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Fig  1 0  A  plot  of  the  Bauschmger  strain  vs  volume  fraction 
of  whisker  composite  material  In  this  case,  the  tests  were 
initially  conducted  m  tension  Also,  plotted  is  the  Bauschmger 
strain  for  high  purity  aluminium  and  wrought  606  1  alloy 
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VVH  materials  when  initially  tested  m  tension  In 
general.  there  are  two  data  points  plotted  tor  cacti 
condition  ot  the  material,  le.  2  tor  annealed.  2  tor 
quenched  and  2  tor  HT  to  1 6  These  two  data  points 
cover  the  range  ot  data  obtained  It  there  is  only  one 
data  point  plotted,  this  indicates  that  the  range  of  data 
was  very  narrow  From  a  consideration  of  ttie  data 
there  is  no  obvious  trend  with  respect  to  heat  treat 
moot 

It  we  now  consider  the  case  where  the  initial  test 
was  conducted  in  compression  Inst,  then  the  magni¬ 
tude  ot  the  BE  is  significantly  increased  If  the  BE  strain 
is  plotted  (tag  11)  then  the  BE  strain  increase  fiom 
1%  to  2°o  to  infinity  (c*)  tor  the  5  and  20  V%  SiC 
whisker  composite  In  Fig  12  are  plotted  the  BE  stress 
value  and  the  BE  strain  for  tests  initially  conducted 
in  compression  As  can  be  seen,  there  is  somewhat 
ot  a  general  increase  in  the  BE  as  the  volume  fraction 
of  SiC  increased 

A  similar  series  of  experiments  were  conducted  with 
particulate  SiC-AI  composites  Figure  13  is  a  plot  ot 
particulate  5«C  in  6061  At  matrix  tor  the  case  ot  initially 
tested  m  tension  As  the  results  were  obtained  for  the 
whisker  material,  there  is  no  obvious  increase  in  the 
Bauschin  jer  strain  with  an  increase  in  volume  fraction 
of  the  particulate  Secondly,  the  Bauschmgcr  strain  is 
about  the  same  for  the  20  V°o  material  as  compared 
to  the  wrought  6061  material  and.  as  before,  the 
Bauschiriger  strain  ot  the  HP  material  is  less  than  that 
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Fig  1  1  A  plot  ol  the  Bauschmger  strain  vs  volume  traction 
ot  whisker  composite  ol  a  606  t  alloy  malm  lor  both  tension 
first  and  compression  tirst  testing 


of  trie  :•<>  V1.  material  Again,  as  in  the  case  of  tf i* • 
whisker  composite  material  (Fig  14),  ttie  magnitude 
ot  the  HJ  increased  when  the  test  was  mit.ally  con 
ducted  m  compression  And  again  there  is  an  increase' 
m  ttie  Bi  as  ttie  volume  increases 
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Fig  1?  A  plot  of  the  Bauschmger  stress  factor  vs  volume 
fraction  of  whisker  composite  material  and  the  Bauschmgcr 
strain  vr,  volume  fraction  Also  plotted  are  the  values 
obtained  for  high  purity  aluminium  and  wrought  606  I  atto\ 
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Fig  13  A  plot  of  the  Bauschmger  strain  vs  volume  fraction 
of  particulate  composite  material  These  are  for  tension  first 
results  Also  plotted  are  the  results  obtained  from  high  punt v 
aluminium  and  wrought  606  1  alloy  material 
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3.2  Model 

The  ‘hi-orc'ccu,  model  developed  was  based  on 
I  Shelby  s  equivalent  inclusion  model  Mori  and  his  co- 
workers.  |39-4 1]  extended  Eshelby's  method  to  predict 
the  yield  stress  (o,)  and  work-hardening  rate  of 
aligned  short  whisker  composites  Wakashima  et  al 
1‘12'i  extended  the  above  approach  to  predict  ay  by 
considering  the  mismatch  o(  the  thermal  expansion 
coefficients  of  the  matrix  and  whisker  Foliowing  the 
above  models,  Takao  and  Taya  |43]  have  recently 
computed  the  stress  field  in  and  around  a  short  fiber 
m  a  shod Tiber  composite  where  the  whisker  is 
anisotropic  both  in  stiffness  and  thermal  expans-on 
Consider  an  infinite  body  (D)  which  contains 
ellipsoidal  whiskers  (12)  aligned  along  the  X3  axis  (Fig 
15|  This  composite  body  D  is  subjected  to  the  applied 
stress  field  o’,,  The  stillness  tensors  ot  the  matrix 
(D-t!)  and  liber  (U)  are  denoted  by  C^xi  and  d,,n 
respectively  Following  Fshelby,  the  transformation 
strain  (44)  or  Oigenstram  (45]  is  given  in  the  fiber 
domain  (2  as  rr'( .  the  strain  due  to  the  mismatch  of  the 
thermal  expansion  coefficients  and  the  uniform  plastic 
strain  (f,is  prescribed  in  the  matrix  [39]  As  tar  as  the 
stress  field  is  concerned,  the  model  of  Fig  16  is 
equivalent  to  that  of  Fig  15  Thus,  the  present  problem 
is  reduced  to  the  inhomogeneous  inclusions  problem 
fFig  16)  (45)  The  model  of  Fig  15  will  be  used  not 
only  to  predict  the  yield  stress  and  work  hardening 
rates,  but  also  to  compute  the  thermal  residual 
stresses  For  the  latter  case,  we  will  set  <7°  =  c1?,  =■- 
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0  r urther  details  of  Hie  model  will  tie  published 
elsewhere  131] 

The  aoovo  model  as  applied  to  the  BE  predicts  that 
there  would  be  a  difference  in  the  magnitude  of  BE 
depending  on  the  direction  of  initial  testing  The  model 
pfo  diets  a  larger  BE  if  the  sample  is  initially  tested  in 
compression  Also  the  model  predicts  that  the 
magnitude  of  Hie  BE  should  increase  with  increasing 
volume  fraction  of  reinforcement  There  is  an  assump¬ 
tion  in  the  application  of  the  Arsenault-Taya  model  to 
the  BE.  that  plastic  deformation  does  not  significantly 
reduce  the  elastic  residual  stress  1  tie  experimental 
evidence  obtained  in  this  investigation  suggests  that 
this  is  a  valid  assumption 

The  predicted  difference  in  the  BE  due  to  the 
direction  ot  tfie  tost  is  simply  due  to  tne  average  elastic 
residual  tensile  stress  The  flow  stress  in  tension  is 
reduced  due  to  ttie  average  tensile  residual  stress  Ttie 
d  1‘erence  in  BE  due  to  the  direction  of  the  test  is  not 
related  to  a  d.flerence  in  dislocation  configurations  that 
may  occur  as  a  result  of  initially  testing  in  tension  or 


All  the  simulation  models  successfully  demonstr.it.  g 
that  the  BE  exists  and  that  a  consideration  of  a  period., 
internal  stress  will  enlarge  the  Bf  Ttie  surface  removal 
ol  250  jim  reduces  the  Bauschmyer  stress  factor  by 
8  7°o-30°«  and  the  Bauschmyer  strain  factor  b, 
35V132  8°c 

Arsenault  and  Taya  j 31  j  developed  an  analytical 
theory  which  predicts  that  there  will  be  an  average 
tensile  residual  stress  m  a  SiC-AI  composite  sample 
The  SiC  has  to  be  in  ttie  form  ol  aligned  whiskers  or 
platelet  If  the  SiC  is  spherical  then  there  is  zero 
average  residual  tensile  stress  If  it  is  assumed  that 
the  average  tensile  residual  stress  is  nc-t  significantly 
reduced  by  plastic  deformation  then  ttie  larger 
Bauschinger  effect  for  the  case  of  an  initial  test  m 
compression  followed  by  tension  is  explained  simply 
as  a  result  of  the  residual  tensile  stress 
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4  CONCLUSIONS 

Surface  removal  has  an  effect  on  the  Bauschinger 
effect  The  experimental  results  on  both  the 
Bauschinger  stress  factor  and  the  Bauschinger  strain 
factor  agree  with  the  computer  simulation  results  very 
well  The  agreement  is  within  10V  especially  for  the 
s.ngfe-  and  douhlecoplonar  models  Although  the  BE 
was  not  completely  removed  by  the  surface  removal, 
the  results  show  that  the  surface  layer  is  the  dominant 
factor  m  determining  the  BE  in  the  early  stages  ol 
det-.r  ma’ion 

There  are  differences  between  the  stress-strain 
curves  obtained  experimentally  and  those  obtained  by 
simulation  a  yield  point  exists  in  the  simulated  curves 
ll  is  known  that  high  purity  single  crystals  with  a  nearly 
perfect  structure  will  develop  a  yield  point  at  the 
initiation  of  a  constant-strain  rate  plastic  deformation 
' 4 Cj  This  development  is  due  to  a  sudden  increase 
in  the  mobile  dislocation  density  The  samples  used 
m  the  present  investigation  did  not  tit  the  requirement 
o'  Hie  existence  of  such  a  yield  point  However,  m  the 
simulation  the  sample  has  a  low  initial  dislocation 
density  and  thus  showed  a  yield  point 

The  experimentally  observed  BE  was  alfected  by 
surface  removal  provided  (ha!  (he  sample  was  do 
loomed  a  small  amount,  ie  .  less  than  2%  plastic  strain 
When  the  sample  was  deformed  more  than  5%.  the 
magnitude  of  Hie  BE  increased,  but  ttie  effect  ol 
surface  removal  on  the  BE  decreased  This  decrease 
was  due  to  the  number  ol  operating  sources  in  the 
interior  ot  the  sample  which  contributed  to  the  BE  As 
the  surface  is  removed,  the  relative  change  in  the 
magnitude  ot  ttie  Of  is  thus  smaller  In  the  computer 
simulation  modelling,  no  such  internal  sources  were 
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ABSTRACT 

There  have  been  several  investigations  of 
the  clastic  stresses  and  strains  generated  about 
an  inclusion ,  which  has  a  coefficient  of 
thermal  expansion  different  from  that  of  the 
matrix ,  as  a  result  of  heating  or  cooling. 

Also,  there  have  been  a  few  investigations 
of  the  magnitude  of  the  plastic  strain  and 
the  plastic  zone  under  the  above  conditions 
wherein  the  plastic  deformation  induced  by 
the  difference  between  the  thermal  expansion 
coefficients  was  treated  in  a  continuum 
manner.  Since  individual  dislocation  motion 
was  not  considered,  the  dislocation  arrange¬ 
ment  and  densities  cannot  be  specified  by 
the  above-mentioned  investigations.  Therefore, 
an  in  situ  transmission  electron  microscopy 
investigation  was  undertaken  of  dislocation 
generation  at  the  inclusions  due  to  the 
differential  thermal  contraction.  A  simple 
model  based  on  prismatic  punching  was 
developed  to  account  for  the  relative  dislo¬ 
cation  density  due  to  the  differential  thermal 
contraction. 


1  INTRODUCTION 

Arsenault  and  Fisher  [1]  proposed  that 
the  increased  strength  observed  in  Al-SiC 
composites  could  be  accounted  for  by  a  high 
dislocation  density  in  the  aluminum  matrix, 
as  observed  in  transmission  electron  micros¬ 
copy  (TEM)  samples  taken  from  bulk 
composite  material  annealed  for  as  long  as 
12  h  at  810  K  (Fig.  1).  In  this  investigation 
a  representation  of  at  least  three  Burgers 
vectors  was  found  in  any  given  location. 
Also,  it  was  observed  that  for  intermediate 


or  small  particle  spacings  a  subgrain  structure 
existed  with  the  subgrain  diameter  about 
equal  to  the  inter-particle  spacing.  However, 
for  very  large  SiC  particles  (250  pm)  tne 
subgrain  size  is  much  smaller  than  the  inter¬ 
particle  spacing  (Fig.  2). 

The  dislocation  generation  mechanism 
proposed  by  Arsenault  and  Fisher  to  account 
for  this  high  dislocation  density  is  based  on 
the  large  difference  (10:1)  between  the 
coefficients  of  thermal  expansion  of  alumi¬ 
num  and  SiC  [2].  Therefore,  when  the 
composite  is  cooled  from  the  elevated 
temperatures  of  annealing  or  processing, 
misfit  strains  which  are  sufficient  to  generate 
dislocations  occur  because  of  differential 
thermal  contraction  at  the  Al-SiC  interface. 

Chawla  and  Metzger  [3],  in  an  elegant 
investigation  of  Cu-W  composites  using 
etch-pitting  techniques,  observed  a  high 
dislocation  density  at  the  Cu-W  interface 
which  decreased  with  increasing  distance 
from  the  interface.  They  observed  that,  if 
the  volume  fraction  of  tungsten  was  15%, 
the  minimum  dislocation  density  in  the 
matnx  was  7  X 1011  m~2,  increasing  to 
4  X  1012  m“2  at  the  Cu-W  interface  and 
concluded  that  the  dislocations  were  caused 
by  the  difference  (4:1)  between  the  thermal 
expansion  coefficients  of  copper  and 
tungsten.  Recalling  that  the  difference 
between  the  thermal  expansion  coefficients 
of  aluminum  and  silicon  carbide  is  10:1,  i.e. 
more  than  twice  as  great  as  in  the  Cu-W  sys¬ 
tem,  we  would  expect  thermal  stresses  in 
Al-SiC  to  be  certainly  sufficient  to  generate 
dislocations  also  in  this  composite. 

Other  causes  may  also  contribute  to  the 
high  dislocation  density  observed  in  annealed 
Al-SiC  material.  Specifically,  dislocations 
are  introduced  into  this  material  during  the 
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Fig.  1.  A  micrograph  from  a  TEM  foil  taken  from  a  bulk  sample  with  20  vol.%  SiC,  which  was  annealed  for  12  h 
at  810  K  and  furnace  cooled.  The  right-hand  side  of  the  micrograph  is  an  SiC  particle  and  to  the  left  is  the  matrix 
material  containing  a  high  dislocation  density. 


'  try  in  a  composite  with  250  pm  SiC  particles  in  an  aluminum  alloy  1100  matrix  about 
\  wrond  subgrain  boundary  was  found  some  2-7  pm  from  the  SiC  particle,  which  is 
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plastic  deformation  processes  of  manufacturing, 
such  as  extrusion.  During  annealing,  these 
dislocations  might  not  be  annihilated  but 
could  be  trapped  by  tire  SiC,  resulting  in  a 
high  dislocation  density  even  after  annealing. 

It  is  important  to  determine  the  origins 
of  the  high  dislocation  density  in  the  com¬ 
posite  since  the  strength  of  the  composite 
is  affected  by  that  high  density.  If  it  is  not 
the  above  alternative  process  but  it  is  indeed 
differential  thermal  contraction  that  is  the 
cause  of  the  dislocations,  as  Arsenault  and 
Fisher  [1]  have  suggested,  then  the  generation 
of  dislocations  should  be  observed  in  com¬ 
posite  thin  foil  samples  on  cooling  from 
annealing  temperatures  in  an  in  situ  high 
voltage  electron  microscopy  (HVEM)  experi¬ 
ment.  The  present  paper  is  the  record  of 
such  a  test. 

In  situ  dynamic  HVEM  experiments  have 
certain  advantages  over  other  experimental 
techniques.  The  major  advantage  is  that 
direct  observation  of  the  alteration  of  a 
microstructure  by  a  dynamic  process  is 
possible  while  a  deforming  force,  in  this 
case  a  thermal  stress,  is  operating.  Operating 
at  higher  voltages  allows  penetration  of 
thicker  samples  so  that  surface  effects  are 
minimized  and  bulk  behavior  is  more  closely 
approximated.  Also,  a  high  voltage  micro¬ 
scope  can  better  accommodate  special  stages 
required  for  in  situ  work  because  of  the 
large  pole  piece  region. 

Previously,  several  theoretical  investigations 
had  been  undertaken  to  predict  the  magnitude 
of  the  plastic  strain  in  the  plastic  zone  around 
a  particle,  as  follows:  the  relaxation  of  the 
misfit  caused  by  the  introduction  of  an  over¬ 
sized  spherical  particle  into  a  spherical  hole 
in  the  matrix  was  analyzed  by  Lee  et  al.  [4]. 
Using  the  misfitting  sphere  model,  they 
calculated  strains  in  the  plastic  zone  that 
surround  a  hard  sphere  and  also  the  plastic 
zone  radius. 

Hoffman  [5]  calculated  the  overall  total 
strains  in  a  tungsten-fiber-reinforced  80Ni- 
20Cr  matrix,  using  a  thick  wall,  long  cylinder 
model  and  assuming  that  a  hydrostatic 
stress  state  exists  within  each  constituent. 

Garmong  [6],  assuming  uniformity  of 
stresses  and  strains  in  the  matrix,  calculated 
deformation  parameters  for  a  hypothetical 
eutectic  composite  and  reported  values  of 
matrix  plastic  strains  of  the  order  of  0.4%. 


Dvorak  et  al.  [7]  developed  a  now  axi- 
symmetric  plasticity  theory  of  fiber  com¬ 
posites  involving  large  thermal  changes. 

The  long  composite  cylinder  model  was 
adopted  as  a  composite  unit  cell,  and  micro¬ 
stress  distribution  as  well  as  yielding  surfaces 
were  obtained  for  Al-W  composites. 

Mehan  [8]  calculated  residual  strains  in 
an  Al-a-Al203  composite  due  to  cooling 
from  the  fabricating  temperature.  He  con¬ 
sidered  an  idealized  composite  consisting  of 
a  long  sapphire  cylinder  surrounded  by  an 
aluminum  matrix,  i.e.  equivalent  to  the 
long  cylinder  composite  model  used  by 
Dvorak  et  al. 

None  of  the  above  models  predicts  the 
local  dislocation  density  or  the  average 
dislocation  density.  Correspondingly,  as 
they  are  not  capable  of  predicting  dislocation 
densities,  then  predictions  of  arrangements 
of  dislocations  are  certainly  not  possible 
from  these  theories. 

The  purpose  of  this  investigation  of 
temperature  cycling  samples  in  the  high 
voltage  electron  microscope  was  to  fill  this 
gap  in  our  knowledge  and  to  determine 
whether  dislocation  generation  occurs  at  the 
Al-SiC  interface  on  cooling  a  composite 
from  annealing  temperatures.  The  subsequent 
theoretical  analysis  tests  whether  a  simple 
model  of  dislocation  generation  during 
cooling  based  on  prismatic  punching  can 
account  for  the  experimental  results. 


2.  MATERIAL 

The  Al-SiC  composite  with  20vol.%SiC 
in  aluminum  alloy  6061  (together  with  an 
aluminum  alloy  6061  sample  with  no  SiC 
as  a  control  sample)  was  purchased  from 
DWA  (Chatsworth,  CA);  the  SiG  was  of 
platelet  morphology.  The  platelets  are 
5-7  nm  long  and  have  an  aspect  ratio  D/t, 
where  t  is  the  thickness  of  the  platelet  and 
D  is  the  diameter,  of  2-3.  This  composite 
is  a  powder  metallurgy  product  supplied 
in  the  form  of  a  plate.  As  a  second  control 
material,  wrought  aluminum  alloy  1100 
in  the  form  of  a  rod  12.5  mm  in  diameter 
was  purchased  from  ALCOA  (Aluminum 
Company  of  America)  and  tested  in  the 
as-received  condition. 
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3.  SAMPLE  PREPARATION  AND  EXAMINATION 
PROCEDURE 

An  ion-milling  technique  was  required  for 
tire  production  of  TEM  samples  on  account 
of  the  SiC  in  the  aluminum  matrix. 

The  two  types  of  composite,  i.e.  the 
powder-compacted  aluminum  alloy  6061 
matrix  with  20vol.%SiC  and  the  control 
with  no  SiC,  were  machined  into  rods 
(12  mm  in  diameter  and  4  cm  long),  annealed 
for  12  h  at  a  solutionizing  temperature  of 
810  K  and  furnace  cooled.  After  annealing, 
slices  of  0.76  mm  thickness  were  cut  by 
electric  discharge  machining  at  80-100  V. 

Deformation  damage  from  electric  discharge 
machining  is  estimated  to  extend  0.20  mm 
beneath  the  surface  [9,  10].  Therefore  the 
slices  were  fixed  to  a  brass  block  with  double¬ 
sided  tape  and  surrounded  by  brass  shims 
and  then  mechanically  thinned  on  a  rotating 
water-flooded  wheel  covered  with  400  and 
then  600  grit  paper  to  remove  the  electric 
discharge  machining  damage  and  to  reduce 
the  thickness  of  the  slices  to  approximately 
0.127  mm.  Final  thinning  was  carried  out 
using  argon  ion  plasma  bombardment, 
operating  at  6  kV,  at  an  ion  current  of 
50  pA  and  a  sample  inclination  of  15°  to 
the  ion  beam.  For  these  operating  parameters 
the  projected  range  or  average  distance  that 
the  argon  ion  travels  into  the  foil  is  only 
20  nm  [11,  12].  As  Dupuoy  [13],  who  con¬ 
ducted  an  in  situ  ion  thinning  experiment 
on  iron  and  Al-Ag  specimens  using  a  3  MV 
microscope,  showed,  dislocation  arrangements 
and  microstructures  in  Al-Ag  and  iron  are 
not  altered  by  ion  thinning,  even  though 
some  point  defects  are  introduced  into  the 
near-surface  region  of  the  sample  by  ion 
bombardment.  Therefore,  it  may  be  con¬ 
cluded  that  ion  milling  does  not  introduce 
or  remove  dislocations  in  the  present  TEM 
foils,  either. 

The  aluminum  alloy  1100  control  samples 
were  prepared  from  the  as-received  wrought 
rod  in  the  same  manner  as  the  Al-SiC  com¬ 
posite  samples,  except  that  electropolishing 
was  employed  instead  of  ion  thinning. 

The  thinned  samples  were  observed  in 
the  high  voltage  electron  microscope  operating 
at  800  kV  with  a  beam  current  of  2.3  pA. 

A  double-tilt  side-entry  furnace  type  of 
heating  stage  was  used  to  heat  the  specimens. 


While  being  observed  in  the  microscope,  the 
samples  were  heated  to  800  K,  held  at  that 
temperature  for  15  min  and  then  cooled  to 
ambient  temperature.  Subgrains  exhibiting 
dislocations  in  contrast  were  chosen  for 
observation.  During  heating  and  cooling, 
thermal  drift  of  the  stage  and  thermal  expan¬ 
sion  and  contraction  of  the  sample  caused 
the  chosen  subgrain  to  move.  In  order  to 
maintain  the  same  subgrain  in  the  field  of 
view  at  the  same  crystallographic  orientation, 
it  was  therefore  necessary  to  translate 
slightly  and  to  tilt  the  specimen  almost 
continuously.  Since  changing  to  selected 
area  diffraction  conditions  during  cycling 
to  monitor  the  orientation  would  have 
resulted  in  loss  of  the  chosen  area  from 
the  field  of  view,  the  orientation  was 
maintained  constant  by  monitoring  the 
contrast  of  some  specific  microstructural 
features  such  as  a  subgrain  boundary  or 
Al-SiC  interface  in  the  bright  field  mode. 

One  thermal  cycle  required  about  1  h, 
and  most  of  the  samples  were  observed 
throughout  several  thermal  cycles.  The 
thickest  regions  of  the  sample  penetrated 
by  the  beam  were  chosen  for  observation, 
and  at  an  operating  voltage  of  800  kV  the 
beam  is  known  to  penetrate  aluminum 
0.8  /am  thick  [14]. 

The  dislocation  density  p  was  determined 
by  a  line  intercept  method  adapted  from 
that  of  Hale  and  Henderson-Brown  [15]. 

A  grid  of  lines  is  placed  over  the  TEM 
micrograph,  and  the  intersections  of  dislo¬ 
cation  lines  with  the  grid  lines  are  counted. 
The  dislocation  density  p  is  given  by 

2 N 
o  —  — 

LT 

where  N  is  the  number  of  dislocation  inter¬ 
sections  with  the  grid  lines,  L  is  the  length 
of  the  grid  lines  divided  by  the  magnification 
and  T  is  the  thickness  of  the  sample  (in  our 
case,  0.8  pm),  while  the  length  of  the  grid 
lines  was  0.58  m.  Each  reported  dislocation 
density  is  an  average  value  obtained  from 
three  to  ten  micrographs. 


4.  EXPERIMENTAL  RESULTS 

The  discussion  of  the  experimental  results 
pertains  to  the  three  materials  tested: 


.  v  jy  . 
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aluminum  alloy  6061  with  no  SiC,  aluminum 
alloy  6061  with  20vol.%SiC,  and  aluminum 
alloy  1100  rod.  In  all  cases,  typical  results 
will  be  described.  A  total  of  300  micrographs 
were  taken. 

4.1.  The  controls ,  aluminum  alloy  6061 
with  no  SiC,  and  aluminum  alloy  1100 

The  aluminum  alloy  6061  control  sample 
with  no  SiC  had  a  large  subgrain  size 
(approximately  5  pm)  and  a  low  dislocation 
density  (8  X  1012  m-2)  (Fig.  3(a)).  A  few  of 
the  larger  second-phase  precipitate  particles 
(Mg2Si)  were  surrounded  by  dislocation 
tangles  bowing  out  from  the  precipitate 
interface  (Fig.  3(b)).  On  heating,  the  dislo¬ 
cations  began  to  move  in  the  sample, 
migrating  away  from  the  particles.  Similarly, 
dislocations  were  also  generated  in  other 
areas  of  the  subgrain  and  moved  through 
the  matrix,  occasionally  being  pinned  by 
precipitate  particles.  Eventually,  at  elevated 
temperatures  (670  K),  all  the  dislocations 
disappeared.  Slip  traces  left  behind  when 
the  dislocations  moved  also  disappeared  at 
temperatures  close  to  700  K,  possibly 
because  of  surface  diffusion.  After  the 
sample  was  held  at  800  K  for  about  15  min, 
it  was  cooled  down  again. 

The  image  tended  to  be  out  of  focus  at 
high  temperatures  because  of  thermal  drift 
of  the  stage.  On  cooling,  dislocations 
reappeared  at  the  large  particle  interfaces 
at  about  500  K.  Sometimes  these  moved 
faster  than  could  be  seen  individually.  The 
dislocations  formed  tangles  in  the  vicinity 
of  the  precipitate  while  most  of  the  matrix 
did  not  accumulate  any  dislocations 
(Fig.  3(c)).  Only  a  few  dislocations  were 
generated  about  the  precipitates  (Fig.  3(d)). 

The  aluminum  alloy  1100  sample  had  a 
dislocation  density  initially  of  4  X  1012  m-z, 
and  a  large  subgrain  size  of  5  pm  (Fig.  4). 
Relatively  thick  regions  containing  few 
precipitates  were  chosen  for  observation. 

On  heating,  most  of  the  dislocations  had 
disappeared  by  673  K.  At  this  temperature, 
the  heating  stage  mechanism  failed;  therefore, 
the  sample  never  reached  800  K,  but  heating 
had  been  sufficient  to  remove  the  dislocations 
from  the  area  under  observation.  The  dislo¬ 
cations  in  this  area  did  not  return  on  cooling, 
except  for  a  few  which  were  connected  to 
precipitate  particles  (Fig.  5). 


Fig.  4.  Wrought  aluminum  alloy  1100  control 
sample  in  the  as-received  condition.  Before  in  situ 
thermal  cycling,  this  control  sample  with  no  SiC 
had  a  high  dislocation  density.  Like  the  aluminum 
alloy  6061  control,  this  sample  has  a  large  subgrain 
size,  and  the  dislocations  present  are  often  associated 
with  precipitates. 


4. 2.  20  vol.XSiC  composites 

In  the  20vol.%SiC  platelet  samples 
(Fig.  6(a)),  most  of  the  dislocations  dis¬ 
appeared  on  reaching  650  K  (Fig.  6(b))  and 
the  dislocations  reappeared  on  cooling 
(Figs.  6(c)  and  6(d)).  In  the  cases  where 
the  Burgers  vectors  of  the  dislocations  were 
determined,  it  was  found  that  in  general 
three  different  Burgers  vectors  could  be 
found  in  a  given  location,  on  either  side  of 
the  platelet.  However,  certain  aspects  of 
the  microstructural  alterations  on  cooling 
were  surprising  in  these  platelet  samples;  in 
the  first  cycle,  the  dislocations  disappeared 
and  then  reappeared  on  cooling,  whereby 
at  least  one  (unusual)  subgrain  was  observed 
to  be  filled  with  slip  traces.  The  area  of  that 
subgrain  was  chosen  as  the  area  of  focus 
from  then  on  and  it  was  seen  that  the 
parallel  lines  disappeared  on  heating.  Then, 
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Fig.  5.  The  same  areas  in  Fig.  4  after  in  situ  thermal 
cycling.  In  the  absence  of  SiC,  few  dislocations 
reappear  in  a  thermally  cycled  sample;  the  few 
dislocations  present  are  associated  with  second-phase 
precipitate  particles. 


on  subsequent  cooling,  packets  of  slip 
traces  appeared  to  emanate  from  the  SiC 
playlet.  The  slip  traces  formed  in  three 
directions  at  angles  of  about  82°  and  45° 
to  each  other  and  were  associated  with 
newly  generated  dislocations.  At  deep  slip 
traces  the  dislocations  causing  them  had 
moved  too  quickly  to  be  seen  individually. 
From  those  deep  slip  line  traces  the  important 
conclusion  can  be  drawn  that  some  kind  of 
dominant  dislocation  generator  must  have 
been  responsible  for  the  dislocation  generation 
in  specific  locations.  This  effect  is  explained 
below  through  a  simple  theoretical  model. 
After  the  third  thermal  cycle,  many  (rather 
than  only  isolated)  subgrains  were  filled 
with  slip  traces  originating  at  the  SiC  platelet 
interface. 

4.3.  Dislocation  densities 

The  dislocation  densities  of  all  samples 
before  and  after  in  situ  annealing  are  shown 


in  Table  1.  When  subgrains  with  slip  lines 
(out  of  which  heavy  dislocation  losses 
occurred)  are  disregarded,  the  densities  are 
higher  in  the  20vol.%SiC  composite  samples 
than  in  the  control  samples,  both  before 
and  after  in  situ  thermal  cycling.  However, 
the  dislocation  densities  listed  are  lower 
limit  densities  since  there  was  difficulty 
in  taking  selected  area  diffraction  patterns 
of  a  given  subgrain  and  then  tilting  to  a 
specific  reflection,  e.g.  (420),  and  assuring 
that  the  same  orientation  was  maintained 
throughout.  Therefore  the  reported  densities 
could  be  as  low  as  one-half  to  one-third  of 
the  actual  densities  (16). 

As  expected,  the  distribution  of  the  dislo¬ 
cations  within  the  samples  was  not  uniform, 
in  that  there  was  a  higher  density  near  the 
SiC  particles.  Also,  greater  dislocation 
generation  was  observed  at  larger  SiC  platelets 
than  at  the  smaller  ones,  and  more  dislo¬ 
cations  were  generated  at  the  ends  of  the 
SiC  platlets,  where  plastic  strain  during 
cooling  is  greatest,  than  at  the  middle  of  the 
platelet.  Also,  as  already  implied  by  the  above 
observations,  in  these  composite  samples 
there  was  a  significant  number  of  dislocations 
which  escaped  from  the  surface,  leaving  only 
slip  lines. 

As  a  consequence  of  all  the  dislocation 
generation  at  the  platelet  surfaces,  there  is  a 
theoretical  possibility  of  void  formation  at 
the  Al-SiC  interface.  However,  no  voids 
were  observed  in  any  of  the  samples. 


5.  THEORETICAL  MODEL 

A  simple  model  based  on  prismatic 
punching  was  adopted  with  the  following 
assumptions. 

(1)  Both  SiC  and  aluminum  were  assumed 
to  be  elastically  isotropic  (which  they  are 
not)  but  the  effect  of  anisotropy  is  small. 

(2)  The  resolved  shear  stress  required  to 
move  a  dislocation  is  very  small.  (This  is 
reasonable,  for  the  dislocation  motion  occurs 
at  relatively  high  temperatures  and  thus  low 
frictional  stresses.) 

(3)  The  SiC  reinforcement  is  assumed  to 
be  parallelepiped  particles. 

(4)  Prismatic  punching  is  assumed  to  occur 
equally  on  all  faces  of  the  particles. 
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FAULK  1 

Dislocation  density  before  and  after  thermal  cycling 
of  samples 


Sample 


A I  alloy  6061  - 
20  vol.%  SiC 
platelet3 
A1  alloy  6061 
control* 

A1  alloy  1100c 


Dislocation  density  (m  “ ) 
Before  thermal  After  thermal 


2.0  X  101 


8.0  x  101 


4.0  x  1012 


l.OxlO1 


6.4  X  101 


5.3  X  10u 


*  Bulk  annealed  for  12  h  at  800  K. 
b  Subgrains  without  slip  lines. 
c  As-received  wrought  alloy. 


Punched 

Dislocotions 


Fig.  7.  A  schematic  diagram  of  the  particle  and 
several  prismatic  punched  dislocations. 


where  A  7'  is  the  difference  between  the 
previous  annealing  and  test  temperatures 
If  we  consider  the  dislocation  generation 
by  prismatic  punching,  then  the  total 
number  of  dislocation  loops  may  be 
expressed  as 

=  t  u  7  1 11 

b 

where  Af,  is  the  number  of  prismatic  loops 
punched  in  tlie  ith  direction,  e  is  the  misfit 
strain,  b  is  the  length  of  the  Burgers  vector 
and  tu  is  the  contribution  of  particle  height 
in  the  ith  dimension  in  punching  a  dislo¬ 
cation  along  the  same  direction.  It  is  believed 
that,  by  taking  account  of  dislocation  back 
stress  and  dislocation  interaction,  tu  can  be 
written  in  a  general  form 


where  k *  and  k  are  the  bulk  modulus  of  the 
particle  and  the  matrix  respectively,  n*  and 
v  are  Poisson’s  ratio  for  the  particle  and  the 
matrix  respectively,  and  f,  is  the  actual 
dimension  in  the  ith  dimension  of  the 
particle. 

Then  the  total  length  of  the  dislocation 
loops  punched  out  in  the  ith  direction  is 
given  by 


li  —  ,  ^11(^12  ^13) 

b 


—  .  ^22(^21  "**  ^23) 
b 


I3  ~  ,  f 33(^31  "*■  ^32) 
b 

i.e.  in  general  symbols 


Let  us  consider  a  composite  material 
strengthened  by  parallelepiped  particles  of 
height  tj,  width  t2  and  thickness  f3  (Fig.  7) 
[17].  The  misfit  strain  due  to  the  difference 
ACTE  between  the  thermal  coefficients  of 
expansion  of  aluminum  and  SiC  is 


=  ACTE  X  AT 


l,=-tij8IJtik(1-8lk)  (3') 

b 

where  5 it  and  5tk  are  the  Kronecker  deltas, 
t(j  is  the  contribution  of  the  particle  height  in 
the  ;th  dimension  in  punching  a  dislocation 
loop  in  the  ith  direction  and  the  Einstein 
suffix  notation  is  used  here. 

In  this  work,  further  assumptions, 
simplifications,  facts  and  parameters  which 
are  reasonable  in  terms  of  experimental 
results  are  introduced  as  follows. 
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1 1 )  The  back  stress  between  dislocations 
which  are  punched  out  was  neglected.  At 
any  rate  it  is  partly  balanced  by  the  image 

force. 

t.2)  It  is  assumed  that  the  misfit  strain  is 
completely  relaxed  by  the  prismatic  dislo¬ 
cations,  i.e.  no  elastic  residual  stress  remains. 
(In  fact  it  has  been  shown  that  there  is  a 
small  elastic  residual  stress.) 

(3)  Interaction  stresses  among  different 
particles  and  those  between  punched  dislo¬ 
cations  from  one  particle  with  the  dislocations 
punched  out  by  another  platelet  are 
neglected. 

The  proceeding  formulations  can  be 
further  simplified.  On  the  assumption  of 
rigid  expansion,  all  the  misfit  is  relaxed, 
i.e.  there  are  no  dislocation-dislocation  and 
dislocation-particle  interactions 


A 

n  ~  — - 

t  1  t  2  Tl 

where  n  is  the  number  of  particles  in  unit 
volume  and  A  is  the  volume  fraction  of 
particles.  Therefore  from  eqns.  (6)  and  (7) 
the  length  of  the  dislocations  generated  by 
all  particles  will  be 

Ll  =  (Ii+12  +  ‘3)—~-  (8) 

and  the  dislocation  density  in  the  matrix 
is  found  to  be 


6(1  A )  V  f2  1 3/ 


(9) 


tu  ~  1 1  (4) 

Then 

e  At,  , 

N‘  =  t‘Z  =~T  0  =  1>  2,  3)  (4') 

b  0 

and  it  is  also  reasonable  to  assume  that 

t  ij  =  tkj  ~  tj  (5) 

Therefore,  eqn.  (3)  can  be  expanded  in  the 
simple  form 


It  should  be  noted  here  that  the  dislocation 
density  is  proportional  to  the  sum  of  the 
inverse  of  tf.  This  means  that  for  the  same 
volume  fraction,  in  general,  the  smaller  the 
particle  size  the  higher  a  dislocation  density 
will  be  produced  (Fig.  8). 

Let  us  consider  the  cases  of  composites 
with  (i)  rods  (“whiskers”)  and  (ii)  with 
platelets  of  aspect  ratio  R  equal  to  2  and 
of  the  same  volume  fraction.  The  dislocation 
densities  for  both  cases  are 


ti  ~  ,  1 1( t2  +  t3) 

0 

^2  =  T~  tz(ti  T  t3)  (5  ) 

0 

2e 

tz  ~  t3(ti  +  t2) 

0 

which  may  also  be  directly  extracted  from 
Fig.  7.  Thus  the  total  length  of  dislocations 
generated  by  one  particle  is 

L  =  Zl, 

=  li  +I2  +  I3  (6) 

Without  considering  the  dislocation  back 
stresses  and  dislocation-particle  interaction 
(as  outlined  before)  the  arrangement  of  the 
particles  will  not  affect  the  dislocation 
density  p  due  to  the  difference  between  the 
thermal  expansion  coefficients  of  aluminum 
and  SiC.  The  number  of  particles  in  unit 
volume  is 
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(10) 


Fig.  8.  Calculated  dislocation  density  p  due  to 
prismatic  punching  as  a  function  of  minimum 
particle  thickness  (,  for  both  rods  ("whiskers”) 

(  -  -  )  and  platelets  ( - )  of  the  same  volume  fraction 

A,  according  to  eqn.  (9)  (/<  =  2). 
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with  t  designating  tin?  smallest  dimension, 
while  pw  and  pp  stand  for  the  dislocation 
densities  in  the  whisker  and  platelet  com¬ 
posite  respectively.  It  is  readily  seen  that 
the  theoretical  dislocation  density  due  to 
prismatic  punching  is  higher  in  a  whisker 
composite  than  in  a  platelet  composite  of 
the  same  volume  fraction.  Figure  8  shows 
the  calculated  values  according  to  eqn.  (9) 
for  whisker  and  platelets  with  an  aspect 
ratio  of  2,  the  latter  as  for  the  samples 
studied. 

In  general,  tire  dislocation  density  p  due 
to  punching  can  be  written  as 


BAe  1 
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where  B  is  a  geometric  constant  which  is 
theoretically  between  4  (for  one  dimension 
very  small  compared  with  the  other  two) 
and  12  (for  equiaxed  particles)  and  t  is  the 
smallest  dimension  of  the  particle  as  before. 

It  should  be  noted  also  that  empirically  there 
exists  an  upper  limit  to  the  dislocation 
density  of  about  1016  m~2.  This  would 
correspond  to  a  minimum  dimension  of 
the  particles  of  0.01  pm. 

The  dislocations  produced  as  a  result  of 
punching  in  accordance  with  Fig.  7  have  one 
set  of  Burgers  vector  of  a  single  type  along 
each  side  ( i.e .  at  a  given  location)  whereas 
experimentally  three  different  groups  of  slip 
traces,  each  of  which  represents  one  type 
of  Burgers  vector,  are  generally  observed. 
Thus,  ideally  punched  dislocations  seem 
unlikely  to  lead  to  the  formation  of  subgrain 
boundaries.  As  such,  they  represent  a  high 
energy  configuration.  Therefore,  additional 
dislocations  may  be  generated  to  assist  the 
production  of  the  low  energy  dislocation 
configuration  of  subgrain  boundaries.  These 
are  in  fact  observed  in  bulk  samples  (Fig.  2) 
but  not  in  in  situ  thermally  cycled  TEM  foils. 
In  the  course  of  the  dislocation  rearrange¬ 
ments  leading  to  subboundaries,  additional 
dislocations  may  be  formed,  but  more 
probably  there  is  a  net  decrease  in  dislocation 
density  p  due  to  mutual  dislocation  annihi¬ 
lation.  Yet  the  density  of  dislocations 
produced  as  a  result  of  this  punching  model 
is  a  factor  of  2  or  3  lower  than  that  observed 


experimentally  for  the  small-size  pmiivl,- 
It  is  suspected  that  for  larger-size  partielo, 
the  model  correspondingly  underesuman  ■ 
the  density. 

Although  the  actual  dislocation  density 
and  arrangements  were  not  obtained,  ;•  im¬ 
possible  to  calculate  a  lower  bound  value  for 
the  strength  increase  due  to  the  dislocations 
formed  through  thermal  strains. 

For  tlie  strengthening  due  to  the  presenee 
of  dislocations  generated  by  the  differential 
thermal  contraction,  the  following  equation 
may  be  used: 


where  Aa  is  the  increase  in  tensile  strength, 
p  is  the  shear  modulus  of  the  matrix  and  a  is 
a  geometric  constant.  Hansen  [18]  obtained 
an  a  value  of  1.25  for  aluminum,  which  we 
shall  use. 

Now,  when  eqn.  (12)  is  substituted  into 
eqn.  (13),  the  following  is  obtained: 


Equation  (14)  yields  the  Aa  values  plotted 
versus  the  platelet  diameter  in  Fig.  9. 
Admittedly,  these  data  are  associated  with 
some  uncertainty.  In  particular,  experi¬ 
mentally  it  is  much  easier  to  measure  the 
platelet  diameter,  and  it  is  for  this  reason 


Fig.  9.  The  calculated  ir.crease  in  tensile  strength  of 
the  composite  over  that  of  the  matrix  material  on 
account  of  the  dislocations  due  to  the  differential 
thermal  contraction  of  aluminum  and  SiC  and  given 
by  Ao  =  ayc  —  Oym  where  ayc  is  the  yield  stress  of 
the  composite  and  Oym  is  the  yield  stress  of  the 
matrix  on  the  basis  of  eqn.  (14)  using  B  =  8,  A  =?  0.2, 
p  =  26  xlO3  MPa,  6  =  2.86  X  10 '10  m,  R  =  D/t  =  2, 
and  R  =  2:  •*,  experimental  point. 
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that  it  w;is  chosen  in  the  evaluation  and  not 
the  minimum  dimension. 

Vet,  the  aspect  ratio  must  lie  known  in 
order  to  find  B  which  is  similarly  not  well 
known. 

As  can  be  seen  in  Fig.  9,  there  is  a 
significant  decrease  in  the  predicted  strength¬ 
ening  with  increasing  platelet  size.  This  is  to 
be  expected,  however,  also  on  account  of 
particle  strengthening  independent  of  the 
differential  thermal  contraction  effect. 
Included  in  Fig.  9  are  two  experimental 
data  points  for  tire  SiC  particles  0.5  pm  in 
diameter  and  250  pm  in  diameter  in  an 
aluminum  alloy  1100  matrix  [19].  It  seems, 
then,  that  a  significant  portion  of  but  not 
all  the  strengthening  due  to  the  SiC  particles 
may  be  ascribed  to  the  differential  thermal 
contraction  effect.  The  effect  of  a  reduced 
subgrain  size  due  to  SiC  particles  probably 
also  contributes  to  the  strengthening. 

6.  DISCUSSION 

The  presence  of  SiC  particles  of  platelet 
morphology  in  an  aluminum  metal  matrix 
composite  resulted  in  the  generation  of  dislo¬ 
cations  at  the  Al-SiC  interface  when  the 
composite  was  cooled  from  the  annealing 
temperature.  In  general,  the  high  density  of 
dislocations  originally  present  in  the  com¬ 
posite  samples  disappeared  at  500-650  K 
and  then  reappeared  on  cooling  at  densities 
close  to  the  high  densities  originally  observed 
in  the  annealed  specimens.  In  contrast, 
dislocations  were  not  generated  to  the  same 
extent  in  either  of  the  control  samples 
during  cooling. 

However,  there  are  specific  differences 
between  the  in  situ  cooled  TEM  foils  and  the 
TEM  foils  taken  from  a  bulk  sample.  The 
dislocations  within  the  bulk  foil  are  generally 
in  very  tangled  arrangements  (Fig.  1),  whereas 
in  the  in  situ  cooled  foil  the  dislocations  are 
much  more  uniformly  arranged.  The  reason 
is  that,  in  in  situ  cooled  foils,  dislocations  are 
lost  out  of  the  free  surfaces  and  that, 
secondly,  buckling  of  the  foil  occurs  which 
accommodates  some  of  the  strain  field  due 
to  the  differential  thermal  contraction.  In 
the  in  situ  foils,  generation  of  subgrain 
boundaries  was  not  observed. 

The  intensity  of  dislocation  generation 
at  the  Al-SiC  interface  is  related  to  size 


and  shape  of  the  SiC  particles.  The  intensity 
of  generation  is  lowest  for  small,  nearly 
spherical  particles.  As  the  particle  size 
increases,  i.c.  from  1  to  5  pin,  the  intensity 
of  generation  increases  significantly.  Also 
the  intensity  is  much  greater  at  the  comers 
of  a  particle.  This  accounts  for  the  observed 
strong  slip  traces.  The  increased  number  of 
dislocations  generated  per  particle  as  the 
size  increases  is  predicted  by  the  theoretical 
model  (eqn.  (4'));  also  at  a  constant  volume 
fraction  the  average  dislocation  density 
decreases  as  the  particle  size  increases 
(eqn.  (9)). 

The  control  samples  were  invaluable  in 
determining  the  fact  that  the  dislocations 
generated  on  cooling  were  not  artifacts  due 
to  the  effects  of  electron  irradiation.  In  the 
aluminum  alloy  6061  control  sample  with 
no  SiC,  only  a  few  dislocations  were 
generated  at  a  few  large  precipitates. 

Similarly,  the  aluminum  alloy  1100  control 
samples  were  also  exposed  to  the  high  energy 
electron  beam,  and  yet  substantial  formation 
of  dislocations  did  not  occur  (Fig.  3).  Also, 
experimentally  and  in  agreement  with  theory, 
the  intensity  of  dislocation  generation  can  be 
correlated  with  the  size,  volume  fraction  and 
shape  of  the  SiC  or  second-phase  precipitate 
particles  present,  proving  that  the  particles 
and  not  the  electrons  in  the  beam  caused 
the  dislocations  to  be  generated.  It  should  also 
be  pointed  out  that  slip  line  generation  about 
an  SiC  cylinder  in  an  aluminum  disk  due  to 
thermal  cycling  has  been  demonstrated  by 
Flom  and  Arsenault  [20]. 

Because  of  the  difficulty  associated  with 
tilting  a  very-fine-subgrain  material  to  the 
various  di  'fracting  conditions  required  to 
image  all  the  dislocations  in  the  subgrain,  the 
reported  densities  could  be  one-third  to 
one-half  of  the  actual  number.  Moreover, 
many  dislocations  escape  from  the  foil 
surfaces.  Although  more  rigorous  tilting 
would  give  more  precise  values,  a  good  idea 
of  the  relative  densities  in  the  samples  can 
be  obtained  by  imaging  dislocations  in  many 
subgrains  for  each  material  and  assuming 
that  the  value  will  be  systematically  low  for 
all  the  samples. 

The  net  result  of  considering  all  the  experi¬ 
mental  factors  which  may  influence  the 
experimentally  determined  dislocation 
densities  after  a  thermal  cycle  is  (1 )  that  the 


liis’.iK'ation  generation  observed  during  cooling 
can  in'  readily  attributed  to  the  diflVivnti.il 
thermal  contraction  of  the  aluminum  and 
SiC  and  (2)  that  the  observed  densities  are 
lower  than  tiic  densities  which  would  be 
observed  if  bulk  samples  could  lx'  examined 
and  if  diffracting  conditions  were  controlled 
to  image  all  dislocations. 

I'he  observed  changes  in  dislocation  density 
on  cooling  are  in  general  agreement  with 
the  simple  prismatic  punching  model.  The 
model  of  thin  platelet  predicts  a  dislocation 
density  of  2.4  X  1013  m~2  for  an  average  size 
platelet  of  5  pm. 

7.  CONCLUSIONS 

From  a  consideration  of  the  experimental 
results  and  the  prismatic  punching  model, 
tiie  following  conclusions  can  be  drawn. 

(1)  The  densities  of  dislocations  observed 
in  in  situ  TEM  foils  (1013  m~2)  could  well 
equal  the  high  densities  previously  observed 
in  bulk  annealed  composites  if  it  were  not 
for  dislocation  loss  through  the  surfaces. 

(2)  The  high  dislocation  density  (lO14  m~2) 
previously  observed  in  bulk  annealed  com¬ 
posites  is  due  to  differential  thermal  con¬ 
traction  of  aluminum  and  SiC  on  cooling 
from  the  elevated  temperatures  of  annealing. 
It  was  observed  that,  on  heating  to  the 
annealing  temperature,  all  the  dislocations 
disappeared  in  the  in  situ  samples. 

(3)  The  density  of  dislocations  observed 
in  this  experiment  as  a  result  of  thermal 
cycling  is  lower  than  the  actual  density 
generated  during  thermal  cycling  because 
dislocations  are  lost  through  the  surfaces 
of  the  thin  foil  samples  during  cooling. 

(4)  A  simple  model  based  on  the  prismatic 
punching  of  dislocations  predicts  dislocation 
densities  which  are  comparable  with  those 
measured  for  small  particles. 

(5)  Thermal  cycling  causes  the  disap¬ 
pearance  of  dislocations  at  high  temperatures 
and  the  generation  of  dislocations  at  Al-SiC 
interfaces  and  precipitates  on  cooling. 
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Deformation  of  SiC/AI  Composites 


Y.  Flom  and  H.-J.  Arsenault 


INTRODUCTION 


Di.-wnnlinuously  reinforced  metal  matrix  composites  represent  a  group  of 
materials  that  combine  the  strength  and  hardness  of  the  reinforcing  phase 
with  the  ductility  and  toughness  of  the  matrix.  Powder  metallurgy  (p  mi 
aluminum  alloys  reinforced  with  StC  in  particulate,  platelet,  or  whisker 
form  are  receiving  a  great  deal  of  attention  from  researchers  and  engineers 
The  interest  in  AlSiC  composites  is  related  to:  their  high  elastic  modulus, 
high  strength,  and  light  weight1  4  (see  Table  1);  the  ability  to  economically 
produce  SiC  whiskers,  platelets,  and  particulates;5''  the  ability  to  use 
standard  shaping  methods  such  as  forging,  rolling,  extrusion,  etc.,  and 
much  less  dependence  of  the  engineering  properties  on  directions  than  with 
continuous  composites  * 4 

Despite  all  these  advantages,  APSiC  composites,  to  our  knowledge,  have 
not  been  used  in  critical  areas  such  as  the  manufacture  of  aircraft  frames 
The  main  obstacles  to  using  A1  SiC  composites  in  aerospace  technology  are 
low  ductility  and  fracture  toughness. 

STRENGTHENING  PHENOMENA 

The  experimental  results  of  a  number  of  investigations  provide  quite 
high  values  for  the  yield  strength  <iv  and  ultimate  strength  ouls  of  Al/SiC 
discontinuous  composites  (Table  I1.  Predicted  or  calculated  values  of  oULS, 
based  on  a  classical  continuum  mechanics  model  of  a  composite  material, 
is  by  a  factor  of  four  lower  than  that  determined  from  the  experiment.2 
This  discrepancy  becomes  even  more  significant  in  light  of  the  fact  that 
assumptions  that  are  made  in  the  continuum  mechanics  approach  (i.e., 
perfect  alignment  of  the  whiskers  or  platelets  and  a  void-free  matrix')  do 
not  represent  the  situation  in  the  real  Al/SiC  composite.  Experimental 
observations  show,  however,  that  there  are  a  significant  number  of  voids 
present  in  the  matrix  and  the  alignment  of  the  whiskers  and/or  platelets  is 
far  from  perfect.23  A  modified  continuum  mechanics  approach  has  been 
proposed  for  theoretical  prediction  of  auu  and  uy.8  This  approach  takes  into 
account  the  tensile  load  transfer  from  the  matrix  to  the  whisker  and/or 
particulate  ends.  An  assumption  is  made  that  the  presence  of  SiC  does  not 
affect  matrix  behavior  and  one  can  use  properties  of  the  matrix  and  the 
concept  of  the  load  transfer  to  predict  the  strength  of  the  composite. 
Whisker  and  particulate  6061  Al/SiC  composites  had  calculated  yield 
strength  values  of  about  500  MPa  and  450  MPa,  respectively  and  observed 
yield  strength  values  of  about  450  MPa  and  420  MPa,  respectively.8 
However,  there  are  several  assumptions  in  this  formulation  which  are  not 
valid.9 


Table  I.  Mechanical  Properties  of  SiC/AI  Composites 


Author  s  Nolo:  This  ' 
lu  «■  nl  Naval  KosoHrch 
( ‘  t)«H)7 


This  article  reviews  sonic  as/usts  of 
plastic  deformation  of  AlSiC  compos¬ 
ites  with  an  emphasis  on  strengthening 
mechanisms,  the  role  of  coefficient  of 
thermal  expansion  (CTK).  the  role  of 
particle -matrix  interfaces  t.l'SU),  and  the 
fracture  process  There  is  a  tremendous 
potential  fur  structural  applications  of 
SiC/AI  composites.  However,  a  complete 
understanding  of  the  mechanisms  of 
strengthening  and  fracture  have  not  yet 
been  obtained  Therefore .  continued  de¬ 
tailed  fundamental  investigations  are 
required. 


Composite 
and  Heat 
Treatment 

Volume 
Fraction 
of  SiC,  % 

Yield 

Strength, 

MPa 

Ultimate 

Tensile 

Strength, 

MPa 

Elastic 

Modulus, 

GPa 

Ductility 
_  A<>  c* 

€f  —  -T-,  % 

Af 

%  Elong. 

«p 

Fracture 
Toughness, 
Kic  MPa  Vm 

Source 

SiCp/6061 

T6 

20 

400-356 

434-428 

108 

4.9 

1.5 

(2),  (3) 
(27) 

SiCp/606 1 

T6 

25 

345 

410 

99 

4.4 

15.8 

(4),  (28) 

SiCw/6061 

T6 

20 

470-321 

607-423 

106-103 

5.4 

3-2.2 

22.4 

(2),  (31 
(4),  (27) 

SiCp/2024 

T6 

30 

405 

456 

118 

.8 

(3),  (27) 

SiCw/2024 

T4 

20 

524-455 

117-97 

1-2 

(1) 

SiCp/7075 

T6 

30 

392 

439 

119 

.9 

(3),  (27) 

SiCV7075 

T6 

20 

407 

549 

101 

3  5 

13),  (27) 
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» hen-  H  : ■  a  geometric  constant  which  varies  theoretic.ilU  between  -1  lor 
whiskers  and  I'd  tor  equiaxed  particles.  A  is  tile  volume  traoli.m  ut  particles. 

1>  is  tin-  length  of  Burner's  vector,  t  is  the  smallest  dimension  of  particle, 
ami  i  is  the  misfit  strain  due  to  difference  in  t’TF.  i  e  , 

,  iACTFi  ■  AT  hi' 

Kxpression  2  implies  that  for  the  same  volume  Iraetion.  smaller  particles 
will  produce  higher  dislocation  densities  i Figure  2) 

Several  investigations  were  conducted  to  evaluate  the  residual  thermal 
stresses  in  the  A1  SiC  composite  An  x-ray  diffraction  technique  was  used 
for  experimental  evaluation  of  the  residual  stresses  It  was  found  that  the 
residual  stress  state  in  the  composite  was  tensile,  ranging  from  3-1.5  MPa 
to  407  MPa  (Table  II).16  Theoretical  analysis  of  thermal  stresses  was  based 
un  Fshelby's  equivalent  inclusion  model  Ellipsoidal  aligned  whiskers  in 
the  infinite  body  were  considered  and  mechanical  properties  of  annealed 
6001  A1  matrix  and  SiC  whisker  with  the  aspect  ratio  L'd  -  1.8  (length-to- 

diameter  ratio)  were  used  for  the  calculations.  Resultant  stress  distribution 
is  shown  in  Figure  3  In  addition,  the  difference  in  the  yield  strength  Am 
between  tension  and  compression  resulting  from  the  thermal  residual 
stresses  was  determined  experimentally  and  calculated  theoretically  using 
the  previously  cited  model.  Very  good  agreement  was  obtained  between  the 
experimental  and  theoretical  results16  (Figure  4). 

It  should  be  mentioned  that  there  are  some  negative  aspects  to  the 
difference  in  CTE  between  SiC  and  Al.  Degradation  of  the  yield  and 
ultimate  strength  was  reported  as  a  result  of  thermal  cycling  of  2124 
APSiC  composite.*"  Prolonged  exposures  of  SiC/Al  to  elevated  temperatures, 
however,  showed  no  apparent  effect  on  the  composite’s  mechanical  proper¬ 
ties  at  room  temperature. ,s 

SiC/Al  INTERFACES 

It  is  probably  not  an  exaggeration  to  say  that  the  interfaces  play  the 
most  important  role  in  the  behavior  of  a  composite.  The  interface  is  a 
necessary  link  between  the  matrix  and  the  reinforcement  to  accomplish  the 
load  transfer  as  well  as  a  site  of  dislocation  generation  during  thermal 
changes  anchor  plastic  deformation. 

Previously,  the  importance  of  a  strong  particle-matrix  bond  was  empha¬ 
sized  by  a  number  of  investigators  It  was  shown  that  strengthening  of  the 
two-phase  alloys  was  possible  only  in  the  case  of  the  strong  PMI.19  Also, 
strong  PMI  prevents  or  delays  the  onset,  in  an  internal  necking  mechanism, 
of  the  ductile  fracture  process.20  In  general,  the  bond  between  SiC  and  Al 
is  quite  strong  in  SiC/Al  composites.13-21  Direct  experimental  measure¬ 
ments  of  the  bond  strength  have  not  been  reported  in  the  literature. 
Indirect  measurements  of  SiC/Al  interfacial  strength,  based  on  Neuber’s 
theory  of  notches,  provided  values  on  the  order  of  1600  MPa.22  The  fact 
that  the  obtained  value  is  quite  high  supports  qualitative  observations 
made  by  various  investigators 

A  recent  study  of  SiC/2124  Al  composite  using  high  resolution  electron 
microscopy  showed  that  the  Al-SiC  interface  regions  consist  of  numerous 
small  precipitates  of  MgO,  CuMgAl2,  CuAl2  and  some  A1203  phases  ranging 
in  size  from  10  nm  to  100  nm.23  No  voids  were  observed  at  the  whisker- 
matrix  interfaces,  indicating  the  presence  of  a  "perfect"  bonding.  The 
structure  of  the  interfaces,  however,  was  found  to  be  rather  complicated 
and  not  a  planar  Al-SiC  interface.23  This  observation  does  not  speak  in 
favor  of  the  classical  load  transfer-type  strengthening  theories  developed 
for  composites.7 

Another  interesting  phenomenon  associated  with  SiC-Al  interfaces  was 
recently  reported  in  the  course  of  fracture  surface  analysis  performed  with 
a  scanning  Auger  electron  microscope.24  Both  SiC»/6061  Al  ana  SiC*/2124 
Al  materials  were  fractured  in-situ  and  composition  analyses  were  performed 
on  individual  whiskers  exposed  on  the  surface  (Figure  5).  In  most  cases,  Si 
or  C  could  not  be  detected  on  the  whiskers.  Detection  of  Si  and  C  was 
possible  only  after  considerable  ion  sputtering.  This  means  that  “pulled 
out"  whiskers  are  coated  with  an  Al  layer  which  is  the  indication  of  a 
good  SiC/Al  bond.  Also,  an  anomalous  diffusion  of  Al  into  SiC  was  ob¬ 
served  (Figure  6). 

FRACTURE 

Ductility  and  fracture  toughness  of  SiC/Al  composites  are  quite  low 
(Table  I)  and  require  an  intensive  study  to  reach  a  compromise  between 
two  extremes  a  very  strong  and  brittle  composite  versus  a  weak  and 
ductile  composite  As  of  now,  this  compromise  has  not  been  reached 
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Figure  3.  Schematic  distribution  o>  the  stress 
in  the  matrix  and  the  reinforcement  due  to 
the  difference  in  thermal  coefficient  of  expan¬ 
sion  between  the  SiC  and  Al 
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Figure  4  The  difference  in  yield  stress  be 
tween  compression  and  tension  as  a  function 
ol  volume  percent  silicon  carbide  whisXer 


’  "J*  *  V  *■*  *.*  j»  •  »  ’ 


>i  p.im  •'  •  :  :  :..r\ipoJ 


.\ i ."i I .«■!  pii.-r-ilii,'  explanation  .-!  tin-  mechanism  of  Al  SiC  strengthening 
:  (a  0(1  th<>  Oi.fW.ir,  » >  which  enables  one  to  estimate  the  stress 
t'  . i  (i  tor  dislocation  to  hypa:  s  tin-  particle.1"  Particle  separation  is  a 
in. nor  parameter  cor.t  n'lpli  ra;  1 1 i i --  s!ie:,>  faking  the  average  particle  spac- 
iii:'.  o!  on;  yields  about  a  a  MPa  increase  111  composite  strength,  which  IS 
ohviou-l\  too  small  com;'  -.led  witli  a  «'.u  to  110  MPa  increase  observed 
expert  men;  al  l\ 

Vet  anothei  approach  is  la.-ed  on  the  increase  of  the  dislocation  density 
m  the  Al  alloy  matrix  I:  Mas  :  hown  that  the  strength  of  the  thermomcchan- 
lcally  treated  6061  Al  aiin\  can  he  as  high  as  400  MPa.11  If  this  value  is 
used  tor  calculation  of  tile  theoretical  strength  of  the  composite,  then 
calculated  <ru;s  agaves  well  with  experimental  results  The  increase  of  the 
dislocation  density  in  Al  matrix  in  the  AI  SiC  composite  was  attributed  to 
the  relaxation  of  the  misfit  strain  between  SiC  particles  and  the  mat.ix 
This  misfit  strain  arises  from  the  difference  between  CTE  of  SiC  and  that 
of  Al  i of  about  a  factor  of  10:  on  cooling  down  from  the  annealing  or 
processing  temperature 

Transmission  electron  microscopy  (TEM)  investigations  of  these  compos¬ 
ite  materials  do  indeed  reveal  a  high  dislocation  density  <  1 0 1 0  cm”-)  and 
small  subgrain  size  1 1 .0-12.5  gmi.1'-’  The  following  expression  was  proposed 
for  the  ultimate  strength" 

Outs  •  O  ils)  -  Os,:  ’  Cwli  -  Ocomp  —  <T;ih  tl  I 

where  is  the  term  due  to  dislocation  density  increase;  <r»e  is  the  increase 
m  strength  due  to  subgrain  boundaries;  ovi,  is  the  increase  due  to  work 
hardening;  oCOmP  is  the  increase  due  to  continuum  mechanics  strengthening, 
and  finally  tr0i,  is  the  increase  in  the  strength  due  to  the  heat  treatment 
The  evaluation  of  these  terms  results  in  a  value  of  about  630  MI’a  for  o  ...,, 
whereas  the  experimental  value  is  about  640  MPa. 


Table  II  The  Thermal  Residual  Stresses 
(Tensile)  as  Measured  by  X-ray  Detraction 
Techniques 

Transverse  Longitudinal 


Material 

MPa 

MPa 

0  V?  Whisker 

SiC 

6061  Matrix 

0.0 

0.0 

5  V1*  Whisker 

SiC 

6061  Matrix 

407 

34.5 

20  \v*  Whisker 
SiC 

6061  Matrix 

22.4 

55.2 

Wrought 

0.0 

0  0 

ROLE  OF  CTE 


In  the  course  of  studying  plastic  deformation  of  two-phase  alloys,  it  w... 
observed  that  second  phase  particles  can  act  as  a  dislocation  source  when 
material  is  cooled  from  an  elevated  temperature  or  is  deformed  13  line.  :. 
observations  of  the  local  plastic  deformation  around  SiC  particles  in  A'.  : 
composites  subjected  to  tho  thermal  cycle  showed  that  the  size  ■  :  •: 
plastically  deformed  zone  around  the  particle  is  —1.5  particle  ia: 
Interestingly,  plastic  deformation,  i.e.,  formations  of  the  slip  i  .it.  :■  . ■  •  - 
the  SiC  particle,  was  also  observed  on  heating  from  mum  :•  •  •  ■ 

Subsequent  in-situ  high  voltage  TEM  investigations  of  A;  So  •• 
showed  dislocation  generation  on  heating,12  which  m:;.  ;  ■ 
observation  of  the  slip  bands.  A  simple  model,  based.  . •  n  : 

(Figure  1),  was  developed  to  account  for  the  relative 
due  to  the  difference  in  CTE  13 

Dislocation  density  in  the  matrix  was  found  •• 
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Figure  7.  Large  intermetallic  inclusion  ( "fish 
eyes")  (a),  cluster  of  whiskers  (b).  and 
individual  SiC  particles  (c)  as  an  acting 
fracture  initiating  sites. 
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Figure  5.  A  SEM  micrograph  taken  in  the 
Auger  microprobe  of  the  fracture  surface  of  a 
whisker  SiC/AI  composite. 


Al  trace  Si  trace 


Figure  6.  A  SEM  micrograph  taken  in  the 
Auger  microprobe,  on  which  the  Al  and  Si 
Auger  probe  traces  have  been  superimposed 
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Generally,  observations  of  the  fracture  surface  of  SiC/AI  composites  do  not 
reveal  the  presence  of  SiC  particulates  and/or  whiskers  in  the  quantities 
corresponding  to  their  volume  fraction.1  -21- 23  Of  specific  interest  are  the 
following  features:25 

•  There  appear  to  be  fracture  initiation  sites. 

•  Fracture  has  a  macroscopically  brittle  characteristic,  but  on  the  microscale, 
it  is  ductile,  i.e.,  has  a  dimple  morphology. 

•  There  is  no  indication  of  fracture  of  SiC  (if  SiC  is  less  than  10  pm  in  size). 

•  Some  secondary  cracking  takes  place  (cracks  are  formed  perpendicular  to 
the  fracture  surfaces). 

The  fracture  process  is  very  localized  and  occurs  without  warning,  i.e., 
no  apparent  necking  is  observed. 

It  seems  that  the  following  fracture  initiation  sites  can  be  identified:  the 
large  intermetallic  (Fe,  Cr)3  SiAl2  inclusions  termed  “fish  eyes;"  clusters 
of  SiC  whiskers  or  particulates;  and  voids  initiated  at  the  SiC  whiskers  or 
particulates  (Figure  7). 

It  is  generally  accepted  that  a  ductile  fracture  in  the  presence  of  second- 
phase  particles  occurs  by  nucleation  of  voids  at  the  particles;  growth  of 
these  voids;  and  their  linkage  which  manifests  the  actual  physical 
separation.  The  extent  of  the  void  growth  determines  the  ductility  of  the 
material.  If  this  stage  is  very  limited,  then  material  behaves  in  a  brittle 

manner.  In  SiC/AI  composites,  the  void  growth  stage  is  very  limited.  This 

can  be  seen  from  the  dimple  sizes  (3-5  pm)  observed  on  the  fracture  surfaces. 
Void  growth  almost  stops  when  the  volume  fraction  of  the  SiC  particulates 
or  whiskers  approaches  20'£. 25 

At  present,  an  effort  is  under  way  to  give  a  quantitative  description  of 
the  fracture  process  in  a  SiC/AI  composite  using  1100  Al  alloy  matrix.25 
Commercially  pure  Al  alloy  has  been  chosen  to  minimize  the  influence  of 
various  inclusions  present  in  conventional  matrix  material. 
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Introduction 

As  the  usage  of  Metal  Matrix  Composites  (MMCs)  is  becoming  more  popular,  a  body  of 
literature  is  being  developed  on  the  mechanical  properties  of  these  composites.  Among  various 
composites,  short  fiber  composites  are  attractive,  owing  to  their  ease  and  modest  cost  of 
fabrication,  and  experimental  data  on  their  mechanical  properties  are  now  reasonably  well 
docuraentated.  Among  the  mechanical  properties,  the  properties  related  to  the  stress-strain 
curve  of  a  short  whisker  composite,  i.e.,  stiffness,  yield  stress,  work-hardening  rate  and 
strength  (fracture  stress)  are  considered  to  be  Che  most  basic  data.  Two  types  of  analytical 
models  seem  to  have  been  used  extensively,  the  shear  lag  type  and  the  Eshelby  type  models.  The 
former  model  which  was  originally  developed  by  Cox  (I)  is  simple  and  has  been  used  for 
prediction  of  stiffness  (2),  yield  stress  (3),  strength  and  creep  strain-rate  (4).  In  the  case 
of  continuous  whisker  composite,  a  shear  lag  type  model  was  also  applied  to  prediction  of  load 
concentration  factor  successfully  (5).  However,  it  is  known  that  the  properties  predicted  by 
the  shear  lag  type  model  will  become  a  crude  approximation  when  the  aspect  ratio  of  the  short 
fiber  (l/d)  is  small  or  the  short  fibers  are  raisorlented.  Nardone  and  Prewo  (3)  have  recently 
proposed  a  variation  of  the  shear  lag  type  model  to  obtain  a  larger  estimated  tensile  yield 
stress  of  a  short  whisker  MMC  with  smaller  values  of  l/d. 

On  the  other  hand,  in  the  Eshelby  type  model,  the  short  whisker  is  assumed  to  be  a  prolate 
ellipsoidal  inhomogeneity.  The  analytical  model  to  predict  the  thermal  and  mechanical  proper¬ 
ties  of  a  composite  was  first  developed  by  Eshelby  who  considered  a  single  ellipsoidal  inclusion 
or  Inhoraogenelty  embedded  in  an  Infinite  elasttc  body  (6),  thus  it  is  valid  only  for  a  small 
volume  fraction  of  fiber  Vj.  Mori  and  Tanaka  (7)  modified  the  original  Eshelby  model  for  a 
finite  volume  fraction  of  inclusions  or  tnhomogenei ties.  The  thermal  and  mechanical  properties 
that  can  be  predicted  by  the  modified  Eshelby  type  models  are  stiffness  (8),  yield  stress  and 
work-hardening  rate  (9-11),  thermal  expansion  (12,13),  and  thermal  conductivity  (14).  The 
Eshelby  type  model  has  also  been  used  to  predict  the  thermal  residual  stress  in  a  composite 
(10,13,15).  The  detailed  summary  of  the  Eshelby  type  models  is  given  in  a  book  by  Mura  (16). 

In  this  short  paper,  we  attempt  to  compare  the  above  two  models  with  the  aim  of  investi¬ 
gating  their  advantages  and  limitations.  To  this  end,  we  focus  on  the  stiffness  (Ec)  and  yield 
stress  (o  )  of  a  short  whisker  MMC.  First  we  review  briefly  the  Important  assumptions  used  in 
the  raodel?Cand  also  the  final  formula  to  predict  the  above  properties  of  an  aligned  short  fiber 
MMC  in  Section  II.  Then  a  comparison  between  the  values  predicted  by  the  models  and  the  exist¬ 
ing  experimental  data  is  made  in  Section  III.  Finally  concluding  remarks  on  the  models  are 
given  in  Section  IV. 

Mode  Is 

1.  Shear  Lag  Type  Model 

The  original  shear  lag  model,  developed  by  Cox  (1),  with  its  detailed  derivation  of  the 
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stiffness  (2)  and  yield  stress  (2)  has  already  been  discussed  elsewhere.  Thus  it  is  omitted 
here.  The  standard  shear  lag  model  that  has  often  been  used  for  an  aligned  short  fiber  compos¬ 
ite  system  is  shown  in  Pig.  1(a)  where  short  fibers  of  the  same  size  are  assumed  to  be  distri¬ 
buted  in  the  matrix  in  a  hexagonal  array.  The  repeated  cell  (unit  ceil)  is  identified  as  in 
Fig.  1(b)  which  is  used  for  the  detailed  derivation.  The  most  important  assumption  in  the  shear 
lag  type  model  is  that  load  transfer  occurs  between  a  short  whisker  and  matrix  by' means  of  shear 
stresses  at  the  matrix-whisker  interface.  In  the  original  shear  lag  model  (1,2)  the  load  trans¬ 
fer  by  the  normal  stress  at  the  whisker  ends  and  side  surfaces  was  ignored.  Nardone  and  Prewo 
(3)  recently  suggested  that  the  load  transfer  at  the  fiber  ends  should  be  accounted  for  in  pre¬ 
dicting  the  yield  stress,  but  stilL  ignored  the  normal  load  at  the  side  surface  of  fiber  for  the 
case  of  l/d  values.  Below,  we  list  the  final  formulae  based  on  the  shear  lag  type  model  to 
predict  the  stiffness  (1,2)  and  the  end  result  of  a  derivation  of  the  tensiLe  yield  stress, 
Including  normal  stresses  on  the  end  of  the  fiber  of  a  short  fiber  composite.  For  the 
stiffness, 

E  /E  -  (1  -  V  )  +  V  (E  /E  )(1  - 
cm  wwwm  x  ,  » 


x  »  (l/d){(l  +  v  )(E  /E  )ln(V  ] 
1  m  w  in  u 


-1/2, -1/2 


For  the  yield  stress. 


a  /a  -  0.5  V  (2  +  l/d)  +  (1 

yc  ym  w 


a 

where  Em,  E 

the  volume  t 

V) 

respectively 

s 

In  the  i 

V 

between  l/d  ; 

and  E  are  Young's  moduli  of  the  matrix,  whisker  and  composite,  respectively,  Vw  Is 


ractton  of  whiskers,  o 


are  the  yield  stresses  of  the  matrix  and  composite, 


(1),  we  have  used  the  same  assumption  as  Kelly  and  Street  (4),  l.e.,  L  -  l.  This  assumption 
would  certainly  Induce  errors  In  the  analysis  for  the  case  of  smaller  whisker  aspect  ratios. 

— . - — - - — - - — - \  2.  Eshelby  Type  Model 

(  The  original  Eshelby  model  (6)  Is 

I  1  1  J  ]  based  on  the  assumption  that  an  elllpsol- 

i - 1  dal  Inclusion  with  uniform  non-elastic 

~l  j  V/Z//////////A  j  I  strain  (eigenstraln)  e*  is  embedded  In  an 

• - y— y - 1  Infinite  elastic  body.  Eshelby  (6)  derlv- 

|  1  \  ~l  ed  the  formula  to  compute  the  stress  field 

\  Induced  in  and  around  an  inclusion  and 

- - wJ  fc= - J  also  the  associated  strain  energy  of  this 

system.  Mori  and  Tanaka  (7)  modified  the 
(o)  ^  original  Eshelby  model  to  account  for  the 

Interaction  between  Inclusions.  If  we 
apply  the  modified  Eshelby  model  to  pre¬ 
diction  of  the  stiffness  of  an  aligned 

(-c - - - , - r  short  fiber  composite  (Fig.  2),  we  oust 

^  ‘r  111  first  solve  for  unknown  eigenstraln  e*  In 

1  d  4-  D  3  representative  fiber  domain  (n)  by  using 

j  yv*  <  w " ' I  |  the  following  equations  (8,11,13,16): 


o„  +  o  -  C  •  (e  +  e  +  e) 
-0  —  — w  —0  —  ~ 

-  C  •  (e.  +  e  +  e  -  e*) 
~m  —0  —  —  — 


FIG.  1 

Shear  lag  model  for  an  aligned  short  fiber 
composite  (a),  and  its  unit  cell  (b). 
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where  o  and  e  are  the  uniform  stress  snd  strain  field,  respectively,  o  and  e  are  the  stress 
and  strain  dU?rlbuted  by  the  existence  of  a  short  fiber,  e  Is  the  average  disturbance  of  strain 
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FIG.  2 

Eshelby  type  model  for  aligned  short 
fiber  composites. 


In  the  matrix,  e*  Is  the  unknown  elgen- 
straln  with  a  non-zero  value  of  fl  (e*  Is 
zero  otherwise),  C  and  C  are  the  stiff- 
ness  tensors  of  the  matrix  and  fiber,  re¬ 
spectively,  and  S  Is  Eshelby's  tensor, 
which  Is  a  function  of  the  matrix 
Poisson's  ratio  and  the  whisker  aspect 
ratio.  Then,  the  following  equation  for 
equivalency  in  strain  energy  is  used  to 
obtain  the  stiffness  of  the  composite 
(16): 


1 

2  20*  £c  • 


~o"  2  -o'  £o+  2  Vw2o' 


(6) 


where  C  Is  the  stiffness  tensor  of  the 
composite.  By  applying  various  far  fieLd 
stresses  o^,  we  can  compute  the  various 
stiffnesses  of  the  composite  (up  to  five 
in  the  case  of  Fig.  2).  For  example,  in 
the  case  of  -  (0,  0,  o^,  0,  0,  0),  the 
Young's  modulus  along  the  fiber  axis  (x^  - 
axis  in  Fig.  2)  Ec  can  be  obtained  as, 

E  /E  -  1/(1  +  V  (E  /o_)e*  )  (7) 

cm  w  m  0  33 

» 

where  e*  Is  to  be  computed  from  Eqs.  (3)- 

(5)  and  the  results  are  expressed  In  term 

of  c  (o_/E  )  and  c„  Is  some  numerical 
,  o  0  m  o 

value. 


The  above  formulation  (Eqs.  ( 3 ) — ( 5 ) )  can  also  be  applied  to  the  computation  of  the  yield 
stress  If  one  replaces  e  by  e  -  e  In  Eq.  (3),  where  e  Is  the  uniform  plastic  strain  In  the 
matrix  (9-11).  When  the  thermal  ?esldual  stress  Is  accounted  for  In  the  model  to  predict  the 
yield  stress  (10,11),  one  must  replace  e  by  e  -  e  -  a*  In  Eq.  (3)  where  a*  Is  the  mismatch 
strain  caused  by  the  difference  In  coefficients  of  thermal  expansion  (CTEs)  between  the  fiber 
and  the  matrix.  The  yield  stress  of  the  composite  can  then  be  obtained  by  using  the  following 
energy  balance  equation: 


6U  -  -  6Q  (8) 

where  6U  Is  the  change  In  the  total  potential  energy  arising  from  the  change  In  the  plastic 
strain  In  the  matrix,  and  SQ  Is  Che  plastic  work  done  In  the  matrix.  The  elgenstraln  e*  that  ts 
determined  as  described  above  Is  used  to  evaluate  6U  and  6Q.  The  formula  to  predict  the  yield 
stress  ts  finally  reduced  to  (17): 


yc 


c.o 
1  yo 


"2  P 


(9) 


where  c.  Is  a  non-dlmenslonal  parameter  (the  yield  stress  raiser),  Cj  Is  the  work-hardening  rate 
and  ep  ts  the  plastic  strain  In  the  matrix  along  the  fiber  axis. 

Numerical  Results  and  Discussion 


In  order  to  compare  these  models,  we  have  computed  the  stiffness  (Ec)  and  the  yield  stress 
(a  )  of  an  aligned  short  whisker  MMC  by  using  Eqs.  (1)  and  (2)  (shear  lag  type  model)  and  Eqs. 
(7?fcand  (9)  (Eshelby  type  model).  The  target  short  whisker  MMCs  are  spherical  SIC  (SIC,)  and 
SIC  whiskers  (S1CU)/1100  AI  matrix  composites  (18).  The  numerical  results  of  Ec/E„  based  on  the 
shear  lag  type  and  Eshelby  type  models  are  plotted  as  dashed  and  solid  curves,  respectively,  as 
a  function  of  whisker  aspect  ratio  t/d  In  Fig.  3.  The  experimental  results  (18)  are  also 
plotted  as  a  circles  In  Fig.  3.  The  material  constants  used  In  this  calculation  are  given  In 
Table  1.  It  can  be  seen  In  Fig,  3  that  the  stiffnesses  predicted  by  the  shear  lag  type  model 
are  always  less  than  those  predicted  by  the  Eshelby  type  model  and  that  the  shear  lag  model  Is  a 
rather  crude  approximation  for  smaller  t/d.  A  comparison  with  the  experimental  results  reveals 
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Constants 
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It  was  assumed  la  the  above  models  chat  short  FIG.  3 

whiskers  of  the  same  size  are  aliened  in  a  certain  The  ratio  of  modulus  of  the  composite 

direction.  However,  in  actual  short  whisker  composites,  to  modulus  of  the  matrix  versus 

some  (sometimes  most)  of  Che  short  whiskers  are  mis-  length  to  diameter  ratio  of  l i bt  t  . 

oriented  and  also  the  length  of  short  whiskers  varies 

because  of  Che  processing.  The  effect  of  the  raisorlentat ton  and  variable  whisker  aspect  ratio 
of  short  whiskers  on  the  stiffness  of  the  composite  has  recently  been  studied  by  Takao  and  his 
co-workers  (19,20),  who  concluded  that  the  use  of  the  mean  value  of  l/d  can  give  rise  to 
reasonably  good  prediction  of  the  stiffness  unless  the  distribution  of  variable  whisker  aspect 
ratio  is  too  widely  scattered  (20)  and  that  the  width  (8)  of  the  distribution  of  fiber  mis- 
orientation  angle  (0)  about  the  x^-axis  (Fig.  2)  has  a  strong  effect  on  E  for  6  >  10  degree 
(19).  Thus,  more  accurate  data  on  the  distribution  of  f/d  and  9  is  needed  to  better  predict  the 
stiffness  and  other  properties.  The  modified  Eshelby  model  that  we  have  developed  to  predict 
the  thermal  and  mechanical  properties  of  composites  (19,20)  can  accommodate  such  detailed 
information.  This  is  another  advantage  of  the  Eshelby  type  model  in  comparison  to  the  shear  lag 
type  model. 


Next  we  have  computed  the  values  of  o  /<i  based  on  Eqs.  (2)  and  (9),  the  results  of  which 
are  plotted  as  dashed  and  solid  curves,  respectively  in  Fig.  4,  where  the  closed  circles  denote 
the  experimental  results  for  a  specfic  SiCw/Al  6061-T6  composite  (3)  and  the  predicted  values 
based  on  the  modified  Eshelby  model,  with  residual  stress  accounted  for,  are  plotted  as  a  dash- 
dot  curve.  All  predictions  are  plotted  as  a  function  of  t/d.  In  die  range  of  small  l/d  the 
Eshelby  type  model  gives  an  accurate  prediction,  particularly  at  t/d  -  l,  while  the  shear  lag 
model  gives  an  underestimate.  However,  at  larger  t/d' s,  both  models  predict  basically  the  same 
order  of  composite  tensile  yield  stress.  In  the  same  figure,  our  recent  results  for  various 
SiCw/Al  composite  systems  are  also  plotted  as  open  symbols.  Though  the  Eshelby  type  model  gives 
reasonable  predictions  for  the  case  of  the  T6-treated  composite  (•),  the  stress  prediction  of 
both  models  Is  low  compared  to  the  experimental  results  for  most  of  the  data  (o,Q  ,  o  and  4). 

The  poorest  prediction  occurs  for  the  case  of  an  annealed  1100  aluminum  composite  (o). 


The  experimental  o  and  o  correspond  to  the  stress  at  0.2Z  offset,  and  o  is  for  a  0  VI 
material  produced  in  th$  same  manner  as  the  composite.  The  reason  that  both  of  tficse  models  are 
not  capable  of  predicting  the  observed  strengthening,  is  that  these  models  assume  that  the 
matrix  has  the  same  strength  as  It  has  in  the  non-relnforced  condition*  In  other  words,  these 
models  assume  that  the  addition  of  SIC  does  not  change  the  strength  of  Che  matrix.  It  has  been 
clearly  shown  that  the  dislocation  density  in  the  SiC/Al  composites  is  much  higher  than  In  the 
non-relnforced  Al  (21,24). 


If  the  absolute  magnitude  of  the  Increase  o  compared  to  o  is  considered,  then  the 
apparent  differences  caused  by  the  virlous  mat ritCa l loys  is  much^Tess.  The  data  shown  in  Table 
ll  indicates  that  Ao  (Ao  *  a  2QVX  ”  0  OVt^  Independent  of  the  composite  matrix 

except  for  the  T6“heat  treat$I  case..  Lick  of  a  difference  in  Ao  occurs  because  the  thermal 

stress  developed  upon  cooling  is  very  large  compared  to  the  yield  stress  of  the  matrix  In  the 
annealed  condition.  The  dislocations  are  generated  In  the  Initial  cool  down  whether  the  sample 
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is  furnace  cooled  or  quenctied  prior  to  aging.  Therefore,  the  increased  density  of  dislocations 
generated  is  for  all  practical  purposes  independent  of  the  matrix. 

Since  the  observed  Increase  In  the  experimental  o  is  much  greater  than  is  predicted  by 
the  shear  lag  type  model  or  the  Eshelby  type  model,  th^  increase  In  o  must  be  caused  by  the 
Increased  dislocation  density  in  the  composite  matrix.  This  increase^fn  dislocation  density  is 
the  result  of  relaxation  of  a  portion  of  the  stresses  developed  upon  cooling  of  the  composite. 
The  stresses  arise  from  the  differences  in  coefficients  of  thermal  expansion  between  the  SIC  and 
Al.  The  effect  of  this  thermal  expansion  mismatch  strain  (AaAT)  has  been  considered  in  the 
Eshelby  model,  with  residual  stress  accounted  for  (dot-dot  curve  in  Fig.  A)  (11,17).  However, 
in  che  model  AadT  is  simulated  by  the  equivalent  surface  dislocations  (15)  chat  are  present  at 
the  matrlx-whisk.ee  interfaces.  In  reality,  tlte  surface  dislocations  are  more  like  to  relax  by 
punching  (27),  resulting  in  the  localization  of  dislocations  around  a  whisker. 

TABLE  II. 

The  Absolute  Difference  in  Yield  Strength  (Ref.  23) 


Matrix 

Reinf orceraent 

Heat  Treatment 

Ao  (MPa) 

1 100 

20  VZ  whisker 

Annealed 

104  to  145 

6061 

20  VZ  whisker 

Annealed 

101 

6061 

20  VZ  whisker 

HT  to  T6 

207 

7091 

20  VZ  whisker 

Annealed 

131 

If  we  now  consider  the  proportional  limit  of 
the  composite,  an  interesting  correlation  can  be 
obtained.  The  proportional  limits  of  Che  composites 
(22,25)  are  approximately  equal  to  a  .  This 
correlation  gives  rise  to  two  Important  points. 

First,  the  modulus  (Ec)  that  Is  predicted  by  the 
Eshelby  type  model,  which  Is  In  agreement  with  Che 
experimental  data.  Is  for  che  Initial  portion  of 
the  stress-strain  Curve,  l.e.,  for  stresses  up  to 
the  proportional  limit.  Therefore,  che  Eshelby  type 
model  does  operate  up  to  the  proportional  limit,  and 
the  model  predicts  a  very  small  Increase  In  the  pro¬ 
portional  limit  upon  the  addition  of  the  reinforce¬ 
ment,  again  In  agreement  with  che  experimental  data. 

Second,  the  Increase  In  stress  with  strain  In  the 
stress  region  from  the  proportional  limit  to  o 
Is  caused  by  an  exhaustion  phenomena 
strain  region,  dislocation  motion  occurs  In  the  lower 
dislocation  density  regions  within  che  matrix.  The 
Increase  In  stress  between  the  proportional  limit  and 
the  a  is  not  caused  by  work  hardening,  for  there  Is 
no  general  Increase  In  dislocation  density  (26).  After 
tensile  fracture  of  the  composite  sample  there  is  an 
Increase  In  dislocation  density  in  the  region  of  the 
fracture,  l.e.,  within  100  pm  of  Che  fracture  surface. 

The  dislocation  density  In  che  remainder  of  che  sample 
Is  Identical  to  that  of  the  undeformed  sample.  How¬ 
ever,  only  limited  deformation  can  occur,  because  of  The 

the  small  volume  of  matrix.  In  order  to  have  macro-  to 

deformation,  l.e.,  to  reach  0.21  offset  strain,  addl-  rat 
tlonal  dislocation  motion  must  occur  In  the  higher 
stress  regions  of  the  matrix  which  are  often  quite  localized 
macroyleldlng  of  the  composite  Is  controlled  by  the  lnhomoge 
the  high-low  dislocation  regions. 


In  thlsystress- 


EXRERIMENTS 
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FIG.  4 

ratio  of  the  yield  stress  composite 
matrix  versus  length  Co  diameter 
lo  of  fiber.  For  20  V?  SIC. 

In  the  specimen.  Therefore,  the 
neous  matrix  which  Is  a  mixture  of 


Concluding  Remarks 

A  comparison  between  the  shear  lag  type  and  Eshelby  type  models  was  made  in  terms  of  their 
capabilities  of  predicting  the  stiffness  and  yield  stress  of  a  short  fiber  MMC.  This  has  led  to 
the  following  concluding  remarks: 
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1.  The  shear  lug  type  model  uiuteresl imates  the  modulus,  especially  for  small  £/d  values, 
whereas  the  Eshelby  type  model  is  in  good  agreement  with  experimental  data. 

2.  For  a  specific  TO-treated  SiC/Al  composite,  the  Eshelby  type  model  gives  good  predictions  of 
the  yield  stress  and  the  agreement  with  the  experimental  results  Is  excellent  at  tf d  -  l, 
whereas  the  shear  lag  type  model  underestimates  the  yield  stress. 

3.  Both  models,  in  general,  predict  a  yield  stress  which  is  much  less  than  that  experimentally 
determined.  This  is  caused  by  strengthening  of  the  matrix  by  dislocation  generation  as  a 
result  of  differences  in  thermal  coefficients  of  expansion. 

4.  The  Eshelby  type  model  can  account  for  the  stress-strain  curve  of  the  composite  for  stresses 
up  to  the  proportional  limit. 

5.  The  increase  in  stress  between  the  proportional  limit  and  the  macroscopic  yield  stress  is 
caused  by  an  exhaustion  process  and  not  a  work  hardening  mechanism. 

6.  The  Eshelby  type  model  is  also  applicable  to  non-mechanical  properties  of  a  composite,  such 
as  thermal  conductivity,  while  the  shear  lag  type  model  has  been  applied  only  to  the 
mechanical  behavior. 
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ABSTRACT 

An  investigation  was  undertaken  to  deter¬ 
mine  the  effect  of  an  average  elastic  residual 
stress  on  the  strength  differential  and  the 
Bauschinger  effects  in  SiC-Al  alloy  com¬ 
posites.  It  was  found  that  the  compressive 
yield  stress  of  the  composites  was  greater  than 
the  tensile  yield  stress  from  whisker-  and 
platelet-reinforced  composites  but,  for  com¬ 
posites  containing  spherical  SiC  reinforce¬ 
ment,  the  compressive  yield  stress  was  slightly 
less  than  the  tensile  yield  stress.  The  experi¬ 
mentally  observed  differences  are  in  agreement 
with  the  differences  predicted  by  an  analy¬ 
tical  theory.  This  analytical  theory  also  pre¬ 
dicts  that  the  magnitude  of  the  Bauschinger 
effect  will  be  greater  for  a  test  initially  begun 
in  compression  than  for  a  test  initially  begun 
in  tension,  and  the  experimental  results  are  in 
agreement  with  this  prediction. 


1.  INTRODUCTION 

Several  years  ago,  there  was  a  great  deal  of 
interest  in  the  strength  differential  effect 
(SDE).  The  SDE  is  the  difference  in  the  yield 
or  flow  stress  ac  ip  compression  with  the  yield 
or  flow  stress  ot  in  tension.  Some  of  the  first 
theories  proposed  to  explain  the  SDE  include 
the  internal  Bauschinger  effect  (BE),  residual 
stresses,  microcracking,  retained  austenite, 
and  volume  expansion  due  to  plastic  deforma¬ 
tion.  A  critical  review  of  these  various  theories 
as  well  as  a  proposed  theory  of  solute-disloca¬ 
tion  interactions  have  been  included  in  the 
paper  by  Hirth  and  Cohen  (1], 

Subsequently,  Pampillo  et  al.  (2]  concluded 
that  the  theory  of  Hirth  and  Cohen  [1]  could 
not  be  used  to  explain  the  data  and  proposed 
a  theory  based  on  the  “effective  modulus”. 
Later,  Spitzig  and  Richmond  ( 3  J  conducted 
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several  investigations  and  concluded  that  the 
SDE  is  primarily  a  manifestation  of  the  pres¬ 
sure  dependence  of  the  flow  stress.  The  maxi¬ 
mum  value  of  SDE  predicted  is  small,  for 
metals,  without  being  subjected  to  an  external 
hydrostatic  pressure. 

Recently,  Arsenault  and  Taya  [4]  have  de¬ 
veloped  an  analytical  model  which  would 
predict  a  SDE  in  metal  matrix  composites, 
more  specifically  SiC  in  aluminum  alloys.  The 
SDE  would  result  from  residual  elastic  stress 
(in  the  matrix  the  average  residual  stress  is  in 
tension)  due  to  the  difference  in  the  thermal 
expansion  coefficients  of  the  SiC  and  alumi¬ 
num.  Watt  and  Jain  [5]  also  concluded  that 
residual  stresses  are  the  cause  of  the  SDE. 

Watt  and  Jain’s  conclusion  was  obtained  from 
a  consideration  of  data  from  a  martensite- 
ferrite  steel. 

The  model  developed  by  Arsenault  and 
Taya  [4]  is  an  analytical  solution  based  on 
Eshelby’s  method  [6].  The  reinforcement  is 
treated  as  an  ellipsoidal  inclusion.  The  ellip¬ 
soidal  inclusion  is  a  good  approximation  of 
the  whisker  reinforcement.  A  sphere  is  a 
special  case  of  an  ellipsoid;  therefore,  there  is 
no  approximation  concerning  spherical  re¬ 
inforcement.  For  particulate  reinforcement, 
only  qualitative  predictions  can  be  made 
when  using  the  Arsenault  and  Taya  model. 

The  model  would  predict  that  the  SDE 
would  be  large  (relative)  for  the  whisker- 
reinforced  composites,  smaller  for  the  par¬ 
ticulate-reinforced  composites  and  zero  for 
spherically  reinforced  composites. 

From  the  analytical  and  numerical  results 
obtained  by  Arsenault  and  Taya  [4],  it  is 
possible  to  obtain  the  following  expression: 

AO  0yc  (7yt 

!=Kv'M,n©(ferA“iT  (i1 

©Elsevier  Sequoia/Printed  in  The  Netherlands 


where  ayc  is  the  yield  stress  in  compression, 
oyt  is  the  yield  stress  in  tension,  K  is  the  ma¬ 
terial  constant  (for  discontinuous  SiC  in  an 
aluminum  matrix,  K  —  42.7  X 103  MPa),  V, 
is  the  volume  fraction  of  reinforcement,  l  is 
the  length  of  the  whisker,  d  is  the  diameter 
of  the  whisker,  £w  is  the  modulus  of  whisker, 
Em  is  the  modulus  of  matrix,  Aa  =  aw.  —  am 
(aw  and  am  are  the  coefficients  of  thermal 
expansion  of  the  whisker  and  matrix  respec¬ 
tively)  and  AT  is  the  change  in  temperature 
upon  cooling.  This  expression  is  for  the 
specific  case  of  a  AT  such  that  yielding,  i.e. 
no  plastic  deformation,  does  not  occur  within 
the  matrix  on  cooling.  Therefore  the  yield 
strength  of  the  matrix  does  not  affect  the 
magnitude  of  Aa.  If  two  different  matrix 
materials  were  considered  and  a  given  AT  was 
chosen  such  that  no  plastic  deformation 
occurred  in  the  matrix  in  one  and,  in  the 
other,  plastic  deformation  occurred  for  the 
same  AT.  Then,  it  is  obvious  that  the  A  a 
would  be  smaller  for  the  composite  in  which 
plastic  deformation  had  occurred.  The  magni¬ 
tude  cannot  be  directly  calculated  from  the 
Arsenault  and  Taya  model  but,  to  a  first 
approximation,  Ao  would  scale  linearly  with 
a  decrease  in  oym.  In  other  words,  if  AT  was 
chosen  such  that  the  residual  stress  is  slightly 
less  than  necessary  to  cause  yielding  in  the 
matrix  of  the  first  composite,  and  the  matrix 
of  the  second  composite  had  a  yield  stress 
half  that  of  the  first,  then  Ao  of  the  second 
composite  would  be  half  that  of  the  first 
composite. 

As  mentioned  above,  the  BE  was  a  possible 
explanation  of  the  SDE.  More  than  a  century 
ago,  Bauschinger  reported  that  a  small  per¬ 
manent  strain  reduced  the  elastic  limit  for 
reversed  stressing.  From  then  on,  the  BE  has 
been  defined  in  several  different  ways.  Most 
investigators  have  chosen  to  define  the  BE  in 
terms  of  a  reduction  in  initial  flow  stress  or 
yield  stress  for  reverse  deformation,  while 
others  preferred  a  more  general  definition, 
such  as  “a  certain  dependence  of  the  flow 
stress  and  rate  of  work  hardening  on  the 
strain  history”,  or  they  simply  referred  to  the 
existence  of  different  stress-strain  curves  by 
loading  in  the  reverse  direction.  Figure  1 
shows  schematic  representations  of  a  test  to 
measure  the  BE  for  two  different  types  of  BE. 

The  number  of  models  or  theories  that 
have  been  developed  to  explain  the  BE  is 
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Fig.  1.  A  schematic  plot  of  absolute  stress  vs.  total 
strain  for  a  Bauschinger  test  (a)  when  there  is  no 
permanent  softening  (Bauschinger  stress  factor, 

(Of  —  Oc)/Oy)  and  (b)  when  permanent  softening  has 
occurred  (Bauschinger  stress  factor,  AoB): - ,  re¬ 

loading,  i.e.  sample  tested  initially  and  then  retested 
in  the  same  direction;  —  — ,  reverse  loading,  i.e.  direc¬ 
tion  of  loading  reversed;  <rB,  Bauschinger  strain  case. 


almost  equal  to  the  number  of  investigators 
of  the  BE.  However,  all  these  models  can  be 
related  to  two  dislocation  mechanisms.  The 
first  mechanism  is  implied  in  Seeger’s  work¬ 
hardening  theory.  The  long-range  internal 
stress,  often  called  the  back  stress,  which  is 
created  by  dislocation  pile-up  at  barriers  aids 
dislocation  movement  and  causes  a  decrease 
in  initial  flow  stress  during  reverse  loading. 
The  other  mechanism  is  related  to  Orowan’s 
idea  of  a  directional  resistance  of  dislocation 
motion  due  to  prestraining.  The  forward 
motion  of  dislocations  becomes  more  diffi¬ 
cult  because  there  are  an  increasing  number 
of  stronger  barriers  ahead  of  the  dislocations 
as  the  material  work  hardens.  The  barriers 
behind  the  dislocations  are  believed  to  be 
weaker  and  more  sparsely  spaced  than  those 
immediately  in  front.  Thus  the  stress  needed 
to  push  the  dislocations  backward  is  lower. 

Pedersen  et  al.  [7]  have  proposed  a  “com¬ 
posite  model”  for  the  BE  and  obtained  the 
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following  expression  for  Bauschinger  strain 
^b: 


_  o 


en  =  2 
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where  of  is  the  flow  stress  at  the  end  of  the 
forward  strain  eF,  ay  is  the  initial  yield  stress, 
p  is  the  shear  modulus,  Vt  is  the  volume  frac¬ 
tion  of  the  reinforcement  and  7  is  Eshelby’s 
accommodation  factor  which  depends  on  the 
aspect  ratio  of  the  reinforcement. 

The  model  of  Arsenault  and  Taya  [4]  can 
be  extended  to  a  consideration  of  the  BE. 

This  model  predicts  that  there  would  be  a 
difference  in  the  magnitude  of  the  BE  depen¬ 
ding  on  the  direction  of  initial  loading.  If 
initially  the  sample  was  tested  in  tension  and 
then  followed  by  compression,  a  smaller  BE 
would  result  than  if  the  sample  was  initially 
tested  in  compression  and  then  followed  by 
tension.  The  difference  in  the  BE  depending 
on  the  initial  mode  of  testing  would  depend 
on  the  shape  of  the  reinforcement.  The  differ¬ 
ence  in  the  predicted  BE  would  be  largest 
for  whisker  reinforcement  and  zero  for  spher¬ 
ical  reinforcement.  In  the  other  theories  and 
models  that  have  been  put  forward  to  predict 
the  magnitude  of  the  BE,  the  direction  of 
initial  loading  is  irrelevant. 

The  present  investigation  was  undertaken 
to  determine  the  magnitude  of  the  SDE  and 
the  BE  in  discontinuous  SiC-Al  composites 
and  to  relate  these  results  to  the  current 
theories. 


2.  MATERIALS 

The  materials  used  in  this  investigation  con¬ 
sisted  of  high  purity  aluminum  (designated 
HP),  a  wrought,  aluminum  alloy  (6061)  (desig¬ 
nated  WR)  and  several  different  SiC-Al  alloy 
composites.  The  specifics  of  these  materials 
are  given  in  Table  1.  The  SiC-whisker-rein- 
forced  composite  was  purchased  from  ARCO 
Silag,  together  with  the  spherically  reinforced 
composite  (diameter  of  SiC  spheres,  0.5  (im). 
This  material  was  supplied  in  the  form  of 
extruded  rods  12.5  mm  in  diameter.  For  the 
whisker-reinforced  composite,  approximately 
95%  of  whiskers  were  aligned  with  the  rod 
axis.  Also,  a  12.5  mm  extruded  rod  was  pur¬ 
chased  from  ARCO  Silag  which  contained 
0  vol.%  SiC.  This  rod  was  made  in  the  same 
manner  as  the  rods  containing  the  spherical 
SiC  and  the  whisker  SiC.  This  material  is 
designated  as  0  vol.%  SiCw  (where  SiC„.  de¬ 
notes  SiC  whiskers).  SiC-particulate-reinforced 
composites  were  purchased  from  DWA  Com¬ 
posite  Specialties  and  supplied  in  the  form 
of  as-pressed  plate.  The  particulate  SiC  has 
the  general  shape  of  platelets,  and  the  plate¬ 
lets  are  preferentially  aligned  with  the  plate 
parallel  to  the  axis  of  the  sample.  Again  the 
0  vol.%  SiCp  (where  SiCp  denotes  SiC  particu¬ 
lates)  was  produced  in  the  same  manner  as 
the  composites  containing  20  vol.%  SiCp. 

The  commercially  extruded  12.5  mm  rod 
of  aluminum  alloy  6061,  which  was  defined 
as  WR,  was  purchased  from  ALCOA.  ALCOA 


TABLE  1 
Materials 


Designation 

Material 

Volume  fraction 
of  SiC  (vol.%) 

Form  of  SiC 

HP  (high  purity) 

99.99%  A1 

WR  (wrought) 

A1  alloy  6061 

Whisker  composite 

A1  alloy  6061 

0.0 

Whisker  composite 

A1  alloy  6061 

5.0 

Whisker,  lid  *  2 

Whisker  composite 

A!  alloy  6061 

20 

Whisker,  l/d  %  2 

Whisker  composite 

A!  alloy  1100 

20 

Whisker,  lid  «=  3 

Spherical  composite 

A1  alloy  1100 

20 

Spherical,  diameter  of  0.5  iu m 

Particulate 

A1  alloy  6061 

0 

Particulate 

A1  alloy  6061 

5 

Platelets,  D/t  »  4 

Particulate 

A!  alloy  6061 

20 

Platelets,  D/t  »  4 

/,  length  of  whisker;  d  (•*  0.5  ),  diameter  of  whisker;  D,  diameter  of  particulate  platelet;  t  (*  1  ftm),  thickness 

of  particulate  platelet. 
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also  presented  a  gift  of  a  12.5  mm  extruded 
rod  of  99.99%  Al. 

Test  samples  were  machined  from  the  ex¬ 
truded  rod  or  the  pressed  plate  into  the  con¬ 
figuration  shown  in  Fig.  2.  After  the  samples 
had  been  machined,  they  were  annealed, 
quenched  or  heat  treated  in  the  following 
manner:  annealed,  12  h  at  810  K  and  then 
furnace  cooled  over  a  12  h  period;  quenched, 
3  h  at  810  K  and  then  quenched  into  water  at 
273  K;  heat  treated  to  T6  condition,  3  h  at 
810  K  and  then  quenched  into  water  at 
273  K,  followed  immediately  by  8  h  at  450  K; 
liquid  nitrogen  quenched,  following  a  water 
quench  or  heat  treatment  to  T6  quench, 
quenched  into  liquid  nitrogen. 


3.  TESTING  PROCEDURE 

Initially,  cylindrically  shaped  compression 
samples  with  an  aspect  ratio  of  2  and  3  were 
tested,  using  a  technique,  which  has  been 
developed  previously  [8].  The  tensile  testing 
was  undertaken  with  a  sample  configuration 
described  elsewhere  [9].  However,  this  method, 
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Fig.  2.  A  diagram  of  the  tingle  tample  configuration 
which  wat  used  for  both  tension  and  compression 
testing  (for  strength  differential  effect  tests)  and  re¬ 
verse  loading  testing  (for  Bauschinger  effect  tests) 
(all  dimensions  are  in  millimeters):  DIA,  diameter; 
R,  radius;  TYP,  typical. 


i.e.  two  different  sample  configurations,  could 
not  be  easily  used  for  the  BE  tests.  These 
sample  configurations  were  discarded  in  favor 
of  the  single  configuration  for  both  tensile 
and  compression  testing.  The  compressive 
strengths  obtained  from  the  cylindrical  com¬ 
pression  samples  were  almost  identical  with 
those  obtained  from  the  single-sample-config¬ 
uration  tests,  i.e.  the  configuration  shown  in 
Fig.  2.  All  the  data  reported  in  this  paper  is 
from  the  sample  configuration  shown  in 
Fig.  2. 

Most  of  the  testing  was  performed  with  an 
Instron  testing  machine  (some  tests  were  per¬ 
formed  with  an  M/B  servohydraulic  machine) 
with  the  gripping  apparatus  shown  in  Fig.  3. 
The  purpose  of  this  grip  arrangement  was  to 
ensure  that  very  good  alignment  was  obtained; 
the  maximum  misalignment  was  1 .4  X 10-2  °. 
This  maximum  misalignment  would  result  in 
a  surface  tensile  or  compressive  stress  because 
of  a  bending  of  0.2%  of  the  applied  com¬ 
pressive  stress. 

Since  the  lower  end  of  the  sample  was  im¬ 
mersed  in  the  Woods  metal,  there  could  be  a 
slight  temperature  rise  (of  about  50  K)  in  the 
gauge  portion  of  the  sample.  This  was  pre¬ 
vented  by  placing  a  moistened  paper  towel 
around  the  gauge  section  of  the  sample  during 
the  insertion  of  the  sample  into  the  molten 
Woods  metal  and  while  solidification  was 
taking  place. 


Fig.  3.  A  schematic  representation  of  the  testing 
apparatus  which  was  used  to  ensure  very  good  align¬ 
ment  of  the  sample  in  both  tension  and  compression. 
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The  effective  gauge  length  of  the  samples 
was  determined  by  gluing  strain  gauges  on 
the  center  poition  of  the  sample  and  compar¬ 
ing  the  results  obtained  from  a  clip-on  exten- 
someter  which  was  mounted  into  the  V- 
grooves.  If  the  extensometer  is  mounted 
directly  onto  the  uniform  gauge  section,  there 
is  a  high  probability  that  the  sample  will  frac¬ 
ture  where  the  knife  edge  of  the  extensometer 
makes  contact  with  the  sample.  Several  tests  i 
in  the  low  stress  range  were  conducted  using 
both  the  extensometer  and  the  strain  gauge; 
from  these  tests  the  effective  gauge  length  was 
determined.  Subsequent  tests  were  conducted 
using  only  the  extensometer. 

In  Fig.  2,  there  are  two  gauge  lengths 
shown.  It  was  determined  that  this  difference 
in  gauge  length  had  a  very  small  effect  (less 
than  10%)  on  the  results  obtained.  The  yield 
stress  was  defined  as  the  stress  at  a  0.2%  off¬ 
set  strain.  The  choice  of  0.2%  offset  strain  to 
define  the  yield  stress  was  chosen  to  conform 
with  data  previously  generated,  and  0.2% 
offset  strain  is  a  widely  accepted  choice  for 
defining  the  strains  at  the  yield  stress. 

Initially,  several  different  strain  rates  were 
used  in  the  testing,  from  5  X  10~5  to  5  X  10~3 
s'1  and,  as  expected,  only  small  differences 
were  observed.  All  data  reported  in  this  paper 
were  obtained  at  the  strain  rate  of  5  X  10'*  s'1. 


4.  EXPERIMENTAL  RESULTS 

The  experimental  results  are  divided  into 
two  parts:  the  SDE,  i.e.  the  difference  in  com¬ 
pressive  and  tensile  yield  stresses,  and  the  BE. 
Approximately  200  samples  were  tested  in 
the  generation  of  the  experimental  results.  In 
the  plots,  only  data  points  are  shown;  error 
bars  were  not  placed  on  the  plots,  because  the  1 
plots  would  become  too  confusing.  In  the 
case  where  there  is  only  one  data  point  for  a 
given  condition,  then  the  scatter  in  the  data 
was  very  small  from  at  least  three  tests  of  that 
condition.  If  there  are  two  data  points  for  a 
given  condition,  then  these  two  points  cover 
the  range  of  the  scatter,  and  in  all  cases  the 
average  was  at  the  midpoint  between  the  two 
data  points. 

4.1.  Strength  differential  effect 

The  shapes  of  the  stress-strain  curves  ob¬ 
tained  from  the  same  material,  whether  tested 


Fig.  4.  Typical  plots  of  the  absolute  stress  vs.  the 
total  strain  (a)  for  the  annealed  0  vol.%  SiCp  com¬ 
posite,  (b)  for  the  annealed  5  vol.%  SiCw  composite 
and  (c)  for  the  annealed  20  vol.%  SiCp  composite: 

(matrix,  aluminum  alloy  6061): - ,  sample  tested 

in  tension; - ,  another  sample  tested  in  com¬ 
pression;  - - ,  yield  stress. 


in  compression  or  tension,  were  very  similar; 
however,  in  most  cases  the  compression  test 
resulted  in  overall  higher  values  of  stress  at  a 
given  strain.  The  examples  given  in  Fig.  4  are 
typical  of  the  results  obtained.  These  curves 
were  obtained  from  annealed  matrix  alumi¬ 
num  alloy  6061  with  0  vol.%  SiCp,  5  vol.% 


SiCw  and  20  vol.%  SiCp.  However,  when  the 
stress-strain  curves  of  SiC  whisker  composites 
were  examined  in  detail  at  small  strains,  there 
were  differences  between  the  tensile  and  com¬ 
pressive  test  results.  The  extent  of  the  linear 
region,  i.e.  the  proportional  limit,  is  higher  ! 
for  a  compressive  test  than  for  a  tensile  test, 
as  shown  in  Fig.  5.  This  difference  was  readily 
detectable  in  both  the  aluminum  alloy  6061 
and  the  aluminum  alloy  1100  matrix  com¬ 
posites  containing  whisker  SiC  reinforcement. 
The  difference  was  greater  for  the  20  vol.% 
SiCw  composite  than  for  the  5  vol.%  SiCw. 
composite.  For  the  particulate-reinforced 
composite,  the  difference  in  the  proportional 
limit  between  tension  and  compression  was 
not  consistent,  i.e.  the  proportional  limit  in 
most  cases  was  approximately  the  same  for 
tension  as  for  compression.  If  only  the  pro¬ 
portional  limit  in  tension  is  considered  for  all 
SiC  composites,  then  there  is  a  good  correla¬ 
tion  between  the  proportional  limit  of  the 
composite  and  yield  strength  of  the  compar¬ 
able  matrix  material  [9],  In  other  words,  the 
yield  stress  of  age-hardened  (T6)  aluminum 
alloy  6061  is  within  10%  of  the  proportional 
limit  of  20vol.%SiCw~aluminum  alloy  6061 
composite  in  the  age-hardened  (T6)  condi- 
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Fig.  5.  A  plot  of  the  absolute  stress  us.  total  strain 
showing  an  expanded  region  for  small  strains  for  both 

tension  ( - )  and  compression  ( - )  testing  of 

annealed  20  vol.%  SiCw  composite  samples  (matrix, 
aluminum  alloy  1100):  - - ,  proportional  limit. 


tion.  Similarly  the  proportional  limit  of  the 
20vol.%SiCs-aluminum  alloy  1100  composite 
(where  SiCs  denotes  SiC  spheres)  in  the  an¬ 
nealed  condition  is  approximately  equal  to 
the  yield  stress  of  annealed  aluminum  alloy 
1100.  Another  point  should  be  made;  the 
yield  stress  of  the  powder  metallurgical  prod¬ 
uct  which  has  been  designated  as  0  vol.%  SiCw 
and  0  vol.%  SiCp  is  within  ±10%  of  the  yield 
stress  of  the  wrought  alloys  when  tested  in 
the  same  condition  (e.g.  comparing  annealed 
powder  metallurgical  alloy  with  annealed 
wrought  alloy). 

There  are  several  different  methods  of 
quantitatively  describing  the  SDE.  The  abso¬ 
lute  magnitude  of  the  SDE  was  defined  as 
A o,  which  is  oyc  —  oyt.  The  magnitude  of  the 
SDE  can  also  be  expressed  in  terms  of  a  per¬ 
centage 

2(oyc  —  oy.) 

SDE  = - ^ - —  X  100  (3) 

ovc  +  oyt 

The  remainder  of  the  discussion  of  the 
experimental  results  of  the  SDE  will  be 
divided  into  three  parts:  (1)  aluminum  alloy 
6061  matrix  with  SiC  whisker  reinforcement, 
(2)  aluminum  alloy  6061  matrix  with  SiC 
particulate  reinforcement  and  (3)  aluminum 
alloy  1100  with  spherical  and  whisker  SiC 
reinforcement. 

4.1.1.  Aluminum  alloy  6061  matrix  with 

SiC  whisker  reinforcement 

The  data  obtained  for  matrices  of  various 
aluminum  alloy  6061  materials  as  a  function 
of  the  volume  fraction  of  SiC  whiskers  as  well 
as  wrought  commercial  aluminum  alloy  6061 
(WR)  and  99.99%  A1  (HP)  are  plotted  in 
Fig.  6.  For  HP  there  was  no  difference  be¬ 
tween  the  compressive  and  tensile  yield  stress, 
as  expected.  It  was  assumed  that  there  would 
be  no  difference  between  wrought  aluminum 
alloy  6061  and  the  0  vol.%  SiCw-aluminum 
alloy  6061,  since  there  is  no  difference  in  the 
yield  stresses.  However,  for  the  heat-treated 
wrought  aluminum  alloy  6061,  there  was  a 
difference  between  the  compressive  and  ten¬ 
sile  yield  stress  whereas,  in  the  0vol.%SiCw- 
aluminum  alloy  6061,  there  was  no  difference 
between  the  compressive  and  tensile  yield 
stress.  Also,  there  were  no  differences  be¬ 
tween  the  compressive  and  tensile  yield 
stresses  for  the  0vol.%SiCw-aluminum  alloy 
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Fig.  6.  A  plot  of  the  difference  between  the  com¬ 
pressive  yield  stress  and  the  tensile  yield  stress  for 
various  volume  fractions  of  whisker  composite 
materials  (matrix,  aluminum  alloy  6061):  o,  annealed; 
□,  quenched;  A,  heat  treated  to  T6  condition.  Also 
plotted  is  the  difference  in  yield  stress  for  high  purity 
aluminum  and  wrought  aluminum  alloy  6061. 


6061,  the  quenched  samples  and  the  an¬ 
nealed  samples. 

The  effect  of  increasing  the  volume  frac¬ 
tion  of  SiC  whiskers  was  to  increase  the  mag¬ 


nitude  of  the  difference  between  oyc  and 


oyt.  For  all  three  conditions,  i.e.  annealed, 


quenched  and  heat  treated  to  T6,  as  the 
volume  fraction  of  SiC  whiskers  increases, 
the  magnitude  of  A  o  increases.  However,  the 
relative  increase  is  not  consistent.  In  other 
words,  for  the  5  vol.%  SiCw  composite,  the 
quenched  condition  results  in  a  larger  A  a, 
but  for  the  20  vol.%  SiCw  composite  the 
annealed  condition  results  in  the  largest  A  a. 

If  the  SDE  is  considered  as  a  percentage,  then 
for  the  20  vol.%  SiC„  composite  in  the  an¬ 
nealed  condition  the  SDE  is  equal  to  about 
12%,  which  results  in  about  the  same  value 
of  SDE  as  14%  martensite  in  ferritic  steel  [5]. 

For  samples  that  were  quenched  or  heat 
treated,  there  was  also  an  increase  in  the  mag¬ 
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Fig.  7.  A  plot  of  the  difference  in  yield  stress  for 
various  volume  fractions  of  particulate  composite 
materials:  (matrix,  aluminum  alloy  6061):  O,  an¬ 
nealed;  □,  quenched;  A,  heat  treated  to  T6  condition; 
■,  liquid  nitrogen  quenched;  A,  heat  treated  to  T6 
condition  and  liquid  nitrogen  quenched.  Also,  the 
difference  in  yield  stress  for  high  purity  aluminum 
and  wrought  aluminum  alloy  6061. 


nitude  of  A  a  with  increasing  volume  fraction 
of  SiC  whiskers.  The  data  obtained  from 
samples  which  were  annealed,  quenched  and 
heat  treated  did  not  exhibit  any  consistent 
trait,  e.g.  the  quenched  samples  did  not  con¬ 
sistently  produce  a  larger  value  of  Ao.  The 
data  indicated  that  the  condition,  i.e.  annealed 
us.  quenched  or  heated  vs.  quenched,  had  very 
little  effect  on  the  magnitude  of  Ao. 


4.1.2.  Aluminum  alloy  6061  matrix  with 
SiC  particulate  reinforcement 
Particulate  SiC  in  an  aluminum  alloy  6061 
matrix  had  the  same  general  trends  as  those  of 
the  whisker  composite  samples.  That  is,  as  the 
volume  fraction  of  particulate  increases,  so 
does  Ao,  but  there  are  differences  as  plotted 
in  Fig.  7.  The  data  for  HP  and  WR  are  the 
same  as  those  plotted  in  Fig.  6  and  are  plotted 
here  for  the  purpose  of  comparison.  The  data 
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from  the  particulate  composites  do  not  follow 
any  uniform  trend.  There  is  not  a  uniform 
increase  in  Ao  with  increasing  volume  fraction 
of  SiC  particulates,  e.g.  there  is  very  little 
difference  between  the  0  and  5  vol.%  SiCp 
composites.  For  the  quenched  20  vol.%  SiCp 
composite,  Aa  is  much  larger  than  Ao  for  the 
annealed  20  vol.%  SiCp  composite,  whereas 
Ao  for  the  annealed  20  vol.%  SiCH.  composite 
was  slightly  larger  than  Ao  for  the  quenched 
20  vol.%  SiCw  composite.  When  the  20  vol.% 
SiCp  composite  was  subjected  to  a  liquid 
nitrogen  quench  after  a  water  quench,  a  much 
smaller  difference  between  oyc  and  oyt  re¬ 
sulted.  The  water  quench  only  resulted  in  a 
oyc  —  oyt  value  of  70  MPa,  whereas  the  liquid 
nitrogen  quench  after  a  water  quench  resulted 
in  a  oyc  —  oyt  value  of  8  MPa.  If  the  difference 
between  oyc  and  oy,  is  initially  small,  e.g.  for 
a  heat-treated  5  vol.%  SiCp  composite,  then 
the  effect  of  the  subsequent  liquid  nitrogen 
quench  was  minimal,  as  expected. 

4.1.3.  Aluminum-alloy  1100  matrix  with 

spherical  and  whisker  reinforcement 

For  the  aluminum  alloy  matrix,  the  volume 
fraction  was  held  constant  at  20  vol.%  and  the 
morphology  of  the  SiC  was  changed  from 
whisker  to  spherical  SiC  0.5  pm  in  diameter. 
From  a  comparison  of  the  data  in  Table  2 
with  that  in  Fig.  6,  it  is  obvious  that  the  dif¬ 
ference  between  oyc  and  oyt  is  larger  for  the 
aluminum  alloy  6061  matrix,  by  a  factor  of 
about  2  for  the  20  vol.%  SiCw  composite.  In 
Table  2,  it  is  possible  to  compare  the  effect 
of  different  reinforcement  morphologies. 

The  theoretical  prediction  is  that  Ao  should 
be  zero  for  the  spherical  SiC  case  and  a  large 
positive  value  for  the  whisker  case.  The  ex¬ 
perimental  data  (Table  2)  indicate  that  Ao 
is  negative  for  the  spherical  SiC  morphology, 

i.  e.  Oy  t  Oy  c . 


TABLE  2 

Difference  Ao  (=  Oyc  —  a yt)  in  the  yield  stresses 


Matrix 

Condition 

Volume 

fraction 

(vol.%) 

Ao 

(MPa) 

Al  »Uoy  1100 

Annealed 

0 

3.80 

A1  alloy  1100 

Annealed 

20  SiCw 

42.92 

Al  alloy  1100 

Annealed 

20  SiC, 

-15.46 

4.2.  Bauschinger  effect 

Before  discussing  the  experimental  results 
obtained  from  the  BE  investigation,  we  shall 
briefly  define  the  parameters  that  were  used 
to  measure  the  magnitude  of  the  BE.  Figure 
1  shows  schematic  representations  of  Bausch¬ 
inger  tests.  The  Bauschinger  strain  eB,  which 
is  used  as  a  measure  of  the  BE  when  the  flow 
stress  in  the  reverse  direction,  becomes  equal 
to  the  flow  stress  at  the  end  of  the  forward 
strain  (Fig.  1(a)).  The  curves  obtained  from 
tests  conducted  first  in  tension  followed  by 
compression  are  very  similar  to  the  curve  in 
Fig.  1(a).  If  there  is  permanent  softening  on 
reverse  loading,  then  the  difference  between 
the  projected  flow  stress  in  the  forward  direc¬ 
tion  minus  the  maximum  flow  stress  in  the 
reverse  direction  (this  difference  is  defined 
as  the  Bauschinger  stress)  is  used  to  define  the 
magnitude  of  the  BE  (Fig.  1(b)).  This  is  a 
typical  result  for  tension  first,  followed  by 
compression.  It  is  possible  that  the  stress- 
strain  curves  may  have  a  complicated  shape 
when  a  second  phase  is  present  [10]. 

The  stress-strain  curves  on  reverse  loading 
did  not  have  any  unusual  shape  change;  their 
shapes  are  as  shown  in  Fig.  4.  Therefore  the 
model  proposed  by  Asaro  [11],  based  on 
strong  precipitates  as  the  cause  of  compli¬ 
cated  shape,  cannot  apply  to  SiC-AI  com¬ 
posites,  even  though  SiC  is  equivalent  to  very 
strong  precipitates.  Ideally,  it  would  have 
been  useful  to  determine  the  effect  of  strain 
on  the  BE.  However,  this  could  only  be  ac¬ 
complished  for  the  lower  volume  fractions 
of  SiC.  At  higher  volume  fractions  of  SiC,  the 
maximum  strain  that  could  be  used  consist¬ 
ently  was  a  plastic  strain  of  1.5%.  Therefore, 
this  was  the  strain  that  was  chosen  as  the 
forward  strain  for  all  tests  that  are  reported 
here.  Some  results  were  obtained  as  a  func¬ 
tion  of  strain,  and  these  were  compatible  with 
the  previous  results,  i.e.  the  BE  increased  with 
forward  strain. 

The  BE  (Fig.  8)  for  the  0,  5  and  20  vol.% 
SiCw  composite  material  is  higher  than  that 
of  the  HP  and  WR  materials  when  initially 
tested  in  tension.  From  a  consideration  of  the 
data,  there  is  no  obvious  trend  with  respect 
to  heat  treatment. 

If  we  now  consider  the  case  where  the 
initial  test  was  conducted  in  compression 
first,  then  the  magnitude  of  the  BE  is  signifi¬ 
cantly  increased .  If  the  BE  strain  is  plotted 
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Fig.  8.  A  plot  of  the  Bausehinger  strain  us.  the 
volume  fraction  of  whiskers  in  a  composite  material 
(matrix,  aluminum  alloy  6061 ;  f  =  1.5%):  O,  annealed; 
a,  quenched  heat  treated  to  T6  condition.  In  this 
case,  the  tests  were  initially  conducted  in  tension. 
Also  plotted  is  the  Bausehinger  strain  for  high  purity 
aluminum  and  wrought  aluminum  alloy  6061. 


(Fig.  9),  then  the  BE  strain  increases  from  1% 
to  2%  to  infinity  for  the  5  and  20  vol.%  SiCw 
composites.  In  Fig.  10  are  plotted  the  BE 
stress  value  and  the  BE  strain  for  tests  initially 
conducted  in  compression.  As  can  be  seen, 
there  is  somewhat  of  a  general  increase  in  the 
BE  as  the  volume  fraction  of  SiC  increased. 

A  similar  series  of  experiments  was  con¬ 
ducted  with  particulate  SiC-Al  composites. 
Figure  11  is  a  plot  of  data  obtained  from  par¬ 
ticulate  SiC  in  an  aluminum  alloy  6061  ma¬ 
trix  for  tests  initially  conducted  in  tension. 
Similar  to  the  results  obtained  for  the  whisker 
material,  there  is  no  obvious  increase  in  the 
Bausehinger  strain  with  an  increase  in  volume 
fraction  of  the  particulate.  Secondly,  the 
Bausehinger  strain  is  about  the  same  for  the 
20  vol.%  SiCp  material  as  for  the  wrought 
aluminum  alloy  6061  and,  as  before,  the 
Bausehinger  strain  of  the  HP  material  is  less 
than  that  of  the  20  vol.%  SiCp  material.  Again, 
as  for  the  whisker -reinforced  composite  ma¬ 


Fig.  9.  A  plot  of  the  Bausehinger  strain  us.  the  volume 
fraction  of  whiskers  in  a  composite  with  an  aluminum 
alloy  6061  matrix  for  both  tension-first  (O)  and 
compression-first  (D)  testing  (eF  =  1.5%). 


terial  (Fig.  12),  the  magnitude  of  the  BE  in¬ 
creased  when  the  test  was  initially  conducted 
in  compression.  There  is  a  general  increase  in 
the  BE  as  the  volume  fraction  increases. 


5.  DISCUSSION 

The  discussion  is  divided  into  two  parts: 
in  the  first  part  the  SDE  is  dealt  with  and  in 
the  second  part  the  BE  is  considered. 

5.1.  Strength  differential  effect 

As  mentioned  in  Section  1,  most  of  the 
theories  developed  to  account  for  the  SDE 
(excluding  the  theories  based  on  residual 
stresses  (4, 5])  are  not  capable  of  accounting 
for  the  magnitude  of  the  SDE  in  discontin¬ 
uous  SiC-Al  composites.  The  model  of  Arsen¬ 
ault  and  Taya  [4]  can  be  used  to  predict  the 
magnitude  of  the  difference  between  the 
compressive  yield  stress  and  the  tensile  yield 
stress.  Figure  13  is  a  plot  of  Ao  vs.  volume 
fraction  of  whisker  SiC  in  an  aluminum  alloy 
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Fig.  10.  A  plot  of  the  Bauschinger  stress  factor  t’s.  the 
volume  fraction  of  whiskers  in  a  composite  material 
and  the  Bauschinger  strain  os.  volume  fraction  for 
compression-first  testing  (matrix,  aluminum  alloy 
6061 ;  =  1.5%):  O,  annealed;  C,  quenched;  A,  heat 

treated  to  T6  condition;  O,  a.  A,  left-hand  ordinate 
axis,  O-*,  D-»,  A-+,  right-hand  ordinate  axis.  Also 
plotted  are  the  values  obtained  for  high  purity  alumi¬ 
num  and  wrought  aluminum  alloy  6061. 


6061  matrix.  The  agreement  between  the 
experimental  results  and  the  theoretical  pre¬ 
dictions  is  very  good.  If  20  vol.%  SiCw  in  an 
aluminum  alloy  1100  matrix  is  considered, 
there  are  two  competing  efforts.  The  magni¬ 
tude  of  Aa  should  increase  with  an  increase  in 
l/d  (eqn.  (1)),  for  the  average  l/d  in  the  alumi¬ 
num  alloy  1100  matrix  is  2.76  vs.  1.8  in  the 
aluminum  alloy  6061  matrix.  However,  the 
yield  stress  of  the  aluminum  alloy  6061  ma¬ 
trix  is  greater  than  the  yield  stress  of  the 
aluminum  alloy  1100  matrix,  and  the  magni¬ 
tude  of  the  yield  stress  of  the  matrix  plays  an 
important  role  in  determining  the  magnitude 
of  the  residual  stress.  In  fact,  or  for  the  alumi¬ 
num  alloy  1100  matrix  is  so  low  that  the 
model  (4]  cannot  properly  handle  the  prob¬ 
lem  because  significant  localized  plastic  defor¬ 
mation  would  occur,  but  it  can  be  inferred 
that  Aa  would  be  less  for  the  aluminum  alloy 
1100  matrix  composite  than  for  the  alumi¬ 
num  alloy  6061  matrix  composite. 
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Fig.  11.  A  plot  of  the  Bauschinger  strain  t>s.  the 
volume  fraction  of  particulates  in  a  composite 
material  for  tension-first  results  (matrix,  aluminum 
alloy  6061 ;  eF  =  1.5%):  O,  annealed;  □,  quenched; 

A,  heat  treated  to  T6  condition;  a,  liquid  nitrogen 
quenched;  A,  heat  treated  to  Tg  condition  and  liquid 
nitrogen  quenched.  Also  plotted  are  the  results  ob¬ 
tained  for  high  purity  aluminum  and  wrought  alumi¬ 
num  alloy  6061  material. 


For  the  20  vol.%  SiC,  composite,  the  model 
of  Arsenault  and  Taya  [4]  predicts  zero  Aa 
but,  surprisingly,  Aa  is  slightly  negative,  i.e. 
a,  t  is  greater  than  aye. 

The  effect  of  quenching  into  water  or  heat 
treatment  does  not  consistently  result  in  a 
larger  Aa.  This  indicates  that  the  tensile  resid¬ 
ual  stress  in  the  quenched  or  heat-treated 
samples  are  not  significantly  different  from 
that  of  the  annealed  samples.  It  has  been 
argued  that  the  rate  of  dislocation  generation, 
i.e.  plastic  relaxation,  is  very  rapid  and  the 
magnitude  of  remaining  elastic  residual  stress 
is  not  dependent  on  the  quench  rate  [12]. 
Quenching  into  liquid  nitrogen  followed  by 
testing  at  room  temperature  results  in  a  reduc¬ 
tion  in  Aa.  If  the  sample  is  heated,  i.e.  from 
room  temperature  to  some  higher  tempera¬ 
ture,  there  is  a  reduction  in  the  magnitude  of 
the  elastic  residual  stress.  Therefore,  heating 
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Fig.  12.  A  plot  of  the  Bauschinger  stress  factor  and 
Bauschinger  strain  for  compression-first  tests  of  a 
particulate  composite  material  (matrix,  aluminum 
alloy  6061 ;  fp  =  1.5%):  O,  annealed;  D,  quenched; 

A,  heat  treated  to  Tg  condition ;  «r,  liquid  nitrogen 
quenched ,  A,  heat  treated  to  T6  condition  and  liquid 
nitrogen  quenched;  O,  □,  A,  A,  left-hand  ordinate  axis; 
C->,  0->,  •-»,  right-hand  ordinate  axis.  Also  plotted 
are  the  results  obtained  for  high  purity  aluminum 
and  wrought  aluminum  alloy  6061. 


from  liquid  nitrogen  to  room  temperature 
results  in  a  reduction  in  the  residual  stress. 

5.2.  Bauschinger  effect 

SiC-Al  composites  should  be  an  ideal  ma¬ 
terial  for  an  investigation  to  test  the  validity 
of  the  "composite”  theory  of  the  BE  (7], 

This  theory  predicts  that,  for  a  given  aspect 
ratio  of  the  reinforcement,  an  increase  in  the 
volume  fraction  from  5  to  20vol.%  should 
result  in  a  decrease  of  a  factor  of  4  [4]  in  the 
Bauschinger  strain  (eqn.  (2)).  Experimentally 
the  opposite  is  observed,  i.e.  the  Bauschinger 
strain  increases  with  an  increase  in  the  volume 
fraction  of  reinforcement,  for  tests  initially 
begun  in  compression  followed  by  tension. 

If  the  tests  were  initially  begun  in  tension 
followed  by  compression,  the  BE  is  indepen¬ 
dent  of  the  volume  fraction  of  the  reinforce¬ 
ment. 

The  “composite”  theory  also  predicts  that 
the  magnitude  of  the  BE  is  not  a  function  of 
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Fig.  13.  A  plot  of  the  difference  in  yield  strength 
is.  the  volume  fraction  of  whiskers  in  a  composite 

material  with  an  aluminum  alloy  6061  matrix: - , 

theoretically  predicted  increase;  O,  experimental 
results,  annealed;  O,  experimental  results,  quenched; 
A,  experimental  results,  heat  treated  to  Tg  condition. 


the  initial  direction  of  the  test.  In  other 
words,  the  BE  should  be  the  same  if  the  test 
is  initially  conducted  in  tension  or  compres¬ 
sion.  The  model  of  Arsenault  and  Taya  [4], 
when  considering  whisker-reinforced  com¬ 
posites,  as  applied  to  the  BE  predicts  that 
there  would  be  a  difference  in  the  magnitude 
of  BE  depending  on  the  direction  of  initial 
testing,  i.e.  a  larger  BE  if  the  sample  is  initially 
tested  in  compression.  Also,  the  model  pre¬ 
dicts  that  the  magnitude  of  the  BE  should 
increase  with  increasing  volume  fraction  of 
reinforcement.  There  is  an  assumption  in  the 
application  of  the  Arsenault-Taya  [4]  model 
to  the  BE,  and  that  is  that  plastic  deformation 
does  not  significantly  reduce  the  elastic  resid¬ 
ual  stress.  The  experimental  evidence  obtained 
in  this  investigation  suggests  that  this  is  a 
valid  assumption. 

The  predicted  difference  in  the  BE  due  to 
the  direction  of  the  test  is  simply  due  to  the 
average  elastic  residual  tensile  stress.  The  flow 
stress  in  tension  is  reduced  because  of  the 
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average  tensile  residual  stress.  The  difference 
in  BE  due  to  the  direction  of  the  test  is  not 
related  to  a  difference  in  dislocation  config¬ 
urations  that  may  occur  as  a  result  of  initially 
testing  in  tension  or  compression. 


6.  CONCLUSIONS 

The  following  experimental  observations 
are  in  good  agreement  with  the  Arsenault- 
Taya  theory,  as  discussed  above. 

(1)  The  compressive  yield  stress  of  whisker 
and  platelet  SiC  in  aluminum  composites  is 
larger  than  the  tensile  yield  stress. 

(2)  The  compressive  yield  stress  of  spheri¬ 
cal  SiC  in  aluminum  composites  is  slightly  less 
than  the  tensile  yield  stress. 

(3)  The  magnitude  of  the  SDE  increases 
with  increase  in  the  volume  fraction  of  SiC. 

(4)  The  magnitude  of  the  BE  increases  with 
increase  in  the  volume  fraction  of  SiC- 

(5)  The  magnitude  of  the  BE  is  greater  if 
the  test  is  initially  conducted  in  compression, 
and  the  difference  increases,  i.e.  whether 
tested  in  tension  first  or  compression  first, 
with  increasing  volume  fraction  of  SiC. 
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ABSTRACT 

It  has  been  proposed  that  the  strengthening  due  to  the  addition  of 
spherical  SIC  to  an  A1  matrix  would  be  approximately  the  same  .is  the 
strengthening  observed  due  to  the  addition  of  whisker  SIC  to  an  A1  matrix. 

The  experimental  results  are  in  agreement  with  this  proposal.  A  second 
proposal  was  made,  which  was  related  to  the  Intrinsic  strength  of  the  matrix. 
If  the  Intrinsic  strength  was  greater  than  the  Incremental  increase  In 
strength  due  to  the  addition  of  SIC  would  be  greater.  In  this  case  the 
experimental  data  Indicates  that  absolute  magnitude  of  the  Incremental 
Increase  Is  not  a  function  of  the  Intrinsic  strength  of  the  matrix. 

INTRODUCTION 

Arsenault  and  Fisher  (I)  proposed  that  the  increased  strength  observed  in 
A1/S1C  composites  could  be  accounted  for  by  a  high  dislocation  density  in  the 
aluminum  matrix,  as  observed  In  transmission  electron  microscopy  (TEH)  samples 
taken  from  bulk  composite  material  annealed  for  as  long  as  12  hours  at  810  K 
(Fig.  1).  In  this  Investigation  a  representation  of  at  least  three  Burgers 
vectors  was  found  in  any  given  location.  Also,  It  was  observed  that  for 
Intermediate  or  small  particle  Gpaclngs  a  subgrain  structure  existed  with  the 
6ubgraln  diameter  about  equal  to  the  Inter-particle  spacing.  However,  for 
very  large  SIC  particles  (250  pm)  the  subgratn  size  Is  much  smaller  than  the 
lnter-partlcle  spacing  (Fig.  2). 

The  dislocation  generation  mechanism  proposed  by  Arsenault  and  Fisher  to 
account  for  this  high  dislocation  density  is  based  on  the  large  difference 
(10:1)  In  the  coefficients  of  thermal  expansion  of  aluminum  and  SIC  (2). 
Therefore,  when  the  composite  Is  cooled  from  the  elevated  temperatures  of 
annealing  or  processing,  misfit  strains  which  are  sufficient  to  generate 
dislocations  occur  because  of  the  differential  thermal  contraction  at  the 
Al/SIC  Interface.  In  an  Investigation  of  In  situ  HVEM,  Vogelsang  and  ct  si. 
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FTC.  1 

A  micrograph  from  a  TEM  foil  taken  from  a  bulk  sample  uith  20  vol.X  SiC,  which 
was  annealed  for  12  hours  at  810  K  and  furnace  cooled.  The  right-hand  side  of 
the  nierngraph  is  an  SiC  particle  and  to  the  left  is  the  matrix  material  con¬ 
tain'!'"  h i eh  dislocation  density. 
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SiC 


FTC.  2 


A  subgrain  boundary  in  a  composite  vrith  250  um  SiC  particles  in  an  aluminum 
alloy  1100  matrix  about  2  pm  from  an  SiC  particle.  A  second  subgrain  boundary 
was  found  some  2-7  um  from  the  SiC  particle,  which  is  the  typical  subgrain  slm 
f n  this  material. 
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i  \)  it  -.-.is  iioijoiislrJli'J  the  dislocation  generation  of  about  SIC  particles  upon 

I  tug. 

N.me  ot  tlie  above  models  predicts  the  local  dislocation  density  or  the 
.ivoi.ig.-  dislocation  density.  Correspondingly,  as  they  are  not  capable  of 
pre.JJ.’ilng  dislocation  densities,  the  predictions  of  arrangements  of 
neat  Ions  are  certainly  not  possible  from  these  theories. 

■\  simple  model  was  developed  by  Arsenault  and  Shi  (4)  based  on  prismatic 
punching  with  the  following  assumptions. 

I.  noth  SIC  and  aluminum  were  assumed  to  be  elastically  Isotropic  (which  they 
•  not)  but  the  effect  of  anisotropy  is  small. 

■  ■  resolved  shear  stress  required  to  move  a  dislocation  is  very  small, 
v  Tills  Is  reasonable,  for  the  dislocation  motion  occurs  at  relatively  high 
temperatures  and  thus  low  frictional  stresses.) 

The  SIC  platelets  are  assumed  to  be  parallelepiped  particles. 

.  Prismatic  punching  Is  assumed  to  occur  equally  on  all  faces  of  the 
part  teles. 


FIG.  3 


A  schematic  diagram  of  the  particle  and  several  prismatic  punched 
d  is  locations . 


Figure  3  Is  a  representation  of  the  SIC  particle,  by  varying  the 
dimension  of  t,,  t2  and  tj  It  Is  possible  to  obtain  a  shape  resembling  a 
whisker,  a  sphere  or  a  platelet.  The  following  equation  was  derived  for  the 
dislocation  density  for  equlaxed  parCtcles  (spheres) 


12A  c  J_ 
ps  "  b(l  -  A)  t 


(1) 


where  A  Is  the  volume  function  of  SIC,  c  ts  the  misfit  strain  due  to  differ¬ 
ence  In  coefficients  of  thermal  expansion,  b  Is  the  Burgers  vector  and  t  16 
the  diameter  of  the  sphere.  The  following  equation  was  derived  for  the 
dislocation  density  for  whisker  SIC 


where  U  Is  a  constant  depending  upon  the  aspect  ratio,  and  L  Is  the  diameter 
of  whisker.  When  comparing  dislocation  densities  for  different  morphologies, 
It  is  necessary  that  the  volume  of  particle  has  to  remain  constant  along  with 
a  constant  volume  fraction  of  particles.  Now  if  the  aspect  ratio  of  the 
whisker  ranges  from  2  to  10  B  is  =  12.60  and  18.10  respectively.  The 
experimentally  determined  aspect  ratio  varies  from  1.8  to  3.  The  dislocation 
density  as  a  function  of  the  volume  of  the  particle  with  different  aspect 
ratios  is  shown  in  Fig.  4. 


V  /nnJ 


FIG.  4 

Calculated  dislocation  density  (p)  due  to  prismatic  punching  as  a  function 
volume  of  particle  for  whiskers  of  aspect  ratios  of  10,  2  and  1.  The  aspect 
ratio  of  1  corresponds  to  a  cube  or  a  sphere. 

The  dislocations  produced  as  a  result  of  punching  in  accordance  with  Fig. 
3  have  one  set  of  Burgers  vector  of  a  single  type  along  each  side  (i.e.,  at  a 
given  location)  whereas  experimentally  three  different  groups  of  slip  traces, 
each  of  which  represents  one  type  of  Burgers  vector,  are  generally  observed. 
Thus,  Ideally  punched  dislocations  seem  unlikely  to  lead  to  the  formation  of 
subgrain  boundaries.  As  such,  they  represent  a  high  energy  configuration. 
Therefore,  additional  dislocations  may  be  generated  to  assist  the  production 
of  the  low  energy  dislocation  configuration  of  subgrain  boundaries.  These  are 
in  fact  observed  in  bulk  samples  (Fig.  2)  but  not  in  in  situ  thermally  cycled 
TEM  foils  (3).  In  the  course  of  the  dislocation  rearrangements  leading  to 
subboundaries,  additional  dislocations  may  be  formed,  but  more  probably  there 
is  a  net  decrease  in  dislocation  density  p  due  to  mutual  dislocation  annihila¬ 
tion.  Yet  the  density  of  dislocations  produced  as  a  result  of  this  punching 
model  is  a  factor  of  2  or  3  lower  than  that  observed  experimentally  for  the 
small-size  particles.  It  is  suspected  that  for  larger-size  particles,  the 
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model  correspondingly  undercut  Iraatcs  the  density. 

Although  the  actual  dislocation  denGlty  and  arrangements  were  not 
obtained.  It  Is  possible  to  calculate  a  lower  bound  value  for  the  strength 
Increase  due  to  the  dislocations  formed  through  thermal  strains. 

For  the  strengthening  due  to  the  presence  of  dislocations  generated  by 
the  differential  thermal  contraction,  the  following  equation  may  be  used: 

(3) 

wtiere  Ao  Is  the  Increase  in  tensile  strength,  y  Is  the  shear  modules  of  the 
matrix  and  a  Is  a  geometric  constant.  Hansen  (5)  obtained  an  a  value  of  1.25 
for  aluminum  which  wo  shall  use. 

Now,  when  Eq .  (2)  Is  substituted  Into  Eq.  (3),  the  following  Is  obtained: 

.  aub[(_A_|L)(i)]1/2  (4) 

where  B  Is  equal  to  12  for  spheres  and  12.60  for  whiskers.  Therefore, 
whiskers  should  be  slightly  more  effective  in  producing  an  Increase  in 
strength. 

However,  It  Is  necessary  to  consider  the  residual  elastic  stress.  The 
model  of  Arsenault  and  Taya  (6)  predicts  that  there  should  be  a  tensile  re¬ 
sidual  stress  In  the  case  of  a  whisker  composite  and  average  residual  stress 
for  the  spherical  composite  case  should  be  zero.  Therefore,  the  spherical 
composite  should  have  a  higher  tensile  yield  stress  as  compared  to  the  whisker 
composite. 


Ao 


ay  bp 


1/2 


H 


v 


The  net  result  of  these  two  considerations  Is  a  canceling  effect,  and  the 
yield  stress  of  the  whisker  and  the  spherical  composites  should  be  approxi¬ 
mately  equal. 

It  has  been  proposed  that  a  stronger  matrix  will  result  In  a  larger  In¬ 
crease  In  strength  upon  the  addition  of  the  reinforcement.  The  baste  reason 
for  this  difference  In  strengthening  Is  due  to  the  change  In  magnitude  of  the 
dislocation  density  and  of  the  tensile  residual  stress.  For  example,  proposed 
Is  the  case  of  the  1100  A1  matrix,  there  Is  a  maximum  dislocation  generation 
due  to  the  difference  In  coefficients  of  thermal  expansion  and  a  minimum 
tensile  residual  stress,  because  the  yield  stress  of  the  1100  matrix  Is  much 
less  than  the  yield  stress  of  the  7091  A1  alloy  matrix. 

The  purpose  of  this  Investigation  was  to  determine  whether  a  difference 
In  the  morphology  of  SIC  reinforcement  had  an  effect  on  the  yield  strength  of 
the  composite  and  to  determine  whether  differences  In  matrix  strength  had  any 
major  effect  on  the  strengthening  of  the  composite. 


MATERIALS  AND  EXPERIMENTAL  PROCEDURE 

i 

l 

‘V  All  of  the  composites  used  In  this  investigation  were  purchased  from  ARC0 

Sllag  In  the  form  of  12,5  mm  extruded  rods.  For  the  Investigation  of  SIC  mor¬ 
phology  1100  A1  was  chosen  as  the  matrix,  and  for  the  Investigation  of  matrix 

\  strength,  6061  and  7091  were  used.  In  the  morphology  studies  the  SIC  were  In 

the  form  of  0.5  ym  spheres  In  one  case  and  whiskers  (average  l/d  -  3)  with  a 
•  diameter  ranging  from  0.1  to  0.5  ym.  In  the  matrix  studies,  whisker  SIC  was 

used  as  the  reinforcement. 

The  extruded  rods  were  machined  into  tensile  samples,  the  configuration 
of  the  samples  is  defined  elsewhere  (7)  and  samples  were  then  annealed  for  12 
hours  at  803  K  and  furnace  cooled  over  a  12  hour  period  of  time. 

■  ' 

The  tensile  testing  procedure  was  the  6arae  as  that  used  previously  (7). 


EXl’KR  l MENTAL  RESULTS 


In  a  comparison  of  the  strengthening  of  SIC  reinforcement  In  an  A1  alloy 
matrix.  It  Is  necessary  to  make  the*  comparison  with  0  VI  composite  alloy  pro¬ 
duced  In  the  same  manner  as  the  SIC  reinforced  composite.  In  Table  I  are 
listed  the  yield  strengths  of  0  VI,  20  VI  spherical  SIC  and  20  VI  uhlsker  SIC 
composites.  Also  listed  Is  the  exLent  of  uniform  plasllc  elongation. 

The  spherical  SIC  results  fn  larger  strengthening  than  the  whisker  SIC, 
but  the  ductlblllty  are  about  the  same. 

Table  I 

Effect  of  Morphology  of  Strengthening 


SIC 

VI 

SiC 

Shape 

Yield  Strength 
MPa 

Ultimate  Tensile  Strength 
MPa 

Uniform  Elongation 

V  z 

0 

34.38 

10.80 

19.0 

20 

spherical 

204.1 

271.52 

4.2 

20 

whisker 

183.23 

312.0 

5.2 

A  change  In  the  matrix  has  very  litte  effect  on  the  absolute  Increase  In 
the  yield  stress  as  shown  In  Table  II.  However,  In  terms  of  a  percentage 
increase,  in  the  case  of  1100  A1  matrix  there  Is  a  much  larger  Increase,  as 
compared  to  6061  and  7091. 


Differences 
Matrix  Material 
Annealed 


Table  II 

in  Yield  Stress  for  Different  Matrices 

Aoy*  ZAay 

MPa 


1100 

144.9 

420 

6061 

100.5 

181 

7091 

131.1 

190 

a°y  "  °y20  vZ  w  °y0  vZ  w 


DISCUSSION  AND  CONCLUSIONS 

In  the  Introduction  It  was  mentioned  that  in  considering  the 
strengthening  of  A1  by  SIC  of  different  morphologies,  that  there  were 
compensating  factors  when  comparing  spherical  vs.  whisker  SIC.  From  the 
experimental  data  It  appears  that  the  effect  of  a  tensile  residual  elastic 
stress  overcame  the  slight  advantage  whiskers  have  In  generating  a  higher 
dislocation  density. 

The  data  obtained  from  spherical  SIC  strengthened  1100  A1  Is  In  complete 
disagreement  with  predicted  strengthening  of  Nardone  and  Prewo  (8).  They 
predict  a  20Z  Increase  In  strength  for  spherical  SIC.  The  experimental 
results  indicate  a  4201  increase,  a  factor  of  21  larger  Increase  than  what 
they  had  predicted. 


In  regards  to  Intrinsic  strength  of  the  matrix  on  the  Increase  In 

strength  due  to  the  addition  of  the  reinforcement,  there  appears  to  be  very 

little  effect  when  considered  on  an  absolute  basis.  Therefore,  the  original 
proposal  Is  not  valid. 
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ABSTRACT 

The  strengthening  of  discontinuous  SiC/Al  composites  has  shown  to  be  the 
result  of  the  high  dislocation  density  in  the  A1  matrix.  This  high  dislo¬ 
cation  density  is  the  result  of  the  difference  in  thermal  coefficients  of 
expansion  between  A1  and  SiC  and  the  very  strong  bond  between  A1  and  SiC. 
The  fracture  process  in  these  composites  is  controlled  by  the  degree  of 
plastic  constraint  of  the  matrix  by  SiC  particulates.  Low  volume  percent 
composites  exhibit  ductile  fracture  controlled  by  void  nucleation.  In 
composites  with  a  high  content  of  SiC  (>  20%),  void  nucleation  does  not 
seem  to  be  a  controlling  factor. 


KEYWORDS 

Composites;  discontinuous;  coefficients  of  thermal  expansion;  bond 
strength;  void  nucleation. 


INTRODUCTION 

Discontinuously  reinforced  metal  matrix  composites  represent  a  group  of 
materials  that  combine  strength  and  hardness  of  the  reinforcing  phase  with 
ductility  and  toughness  of  the  matrix.  Powder  metallurgy  (p/m)  aluminum 
alloys  reinforced  with  SiC  in  particulate,  platelet  or  whisker  form  are 
receiving  a  great  deal  of  attention  from  researchers  and  engineers.  The 
interest  in  Al/SiC  composites  can  be  related  to:  (1)  its  high  elastic 

modulus,  high  strength  and  light  weight  (Arsenault,  1984),  (2)  economic 

production  of  SiC  whiskers,  platelets  and/or  particulates,  (3)  ability  to 
use  standard  shaping  methods  such  as  forging,  rolling,  extrusion,  etc.  and 
(4)  much  less  dependence  of  the  engineering  properties  on  directions 
compare  with  continuous  composites. 

*  This  work  was  supported  by  the  Office  of  Naval  Research  under  Contract  No. 
N00014-85-C-0007. 
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Our  paper  will  review  some  aspects  of  plastic  deformation  of  Al/SiC  com¬ 
posites  with  emphasis  on  strengthening  mechanisms,  role  of  coefficient  of 
thermal  expansion  (CTE)  and  particle-matrix  interfaces  (PMI),  fracture 
process . 


STRENGTHENING  PHENOMENA 


The  experimental  results  of  a  number  of  investigations  provide  quite  high 
values  for  the  yield  strength  a  and  ultimate  strength  o  of  Al/SiC  dis- 
continuous  composites  (Table  I);  Predicted  or  calculated  values  of  o 
based  on  a  classical  continuum  mechanics  model  of  a  composite  materia1!,  is 
by  a  factor  of  4  lower  than  that  determined  from  the  experiment 
(Arsenault,  1984).  What  makes  this  discrepancy  even  worse  is  the  fact 
that  several  assumptions  that  are  made  in  continuum  mechanics  approach  do 
not  represent  the  situation  in  the  real  Al/SiC  composite.  These  assump¬ 
tions  are:  (1)  perfect  alignment  of  the  whiskers  or  platelets  and  (2) 

void-free  matrix  (Piggott,  1980).  Experimental  observations  show,  how¬ 
ever,  that  there  is  a  significant  number  of  voids  present  in  the  matrix 
and  also  the  alignment  of  the  whiskers  and/or  platelets  is  far  from  being 
perfect  (Arsenault,  1984).  A  modified  continuum  mechanics  approach  has 
been  proposed  for  theoretical  prediction  of  a  and  o'1.  It  takes  into 
account  the  tensile  load  transfer  from  the  mafrix  to^  the  whisker  and/or 
particulates  ends.  An  assumption  is  made  that  the  presence  of  SiC  does 
not  affect  matrix  behavior  and  one  can  use  properties  of  the  matrix  and 
the  concept  of  the  load  transfer  to  predict  the  strength  of  the  composite. 
Calculated  values  for  yield  strength  for  the  whisker  and  particulate  6061 
Al/SiC  composites  were  about  500  MPa  and  450  MPa  and  observed  yield 
strength  values  were  about  450  MPa  for  whisker  and  420  MPa  for  particulate 
composites  (Nardone,  1986).  However,  there  are  several  assumptions  in 

this  formulation  which  are  not  valid  (Taya,  to  be  published). 


TABLE  I  Mechanical  Properties  of  SiC/Al  Composites 


I 

Composite 
and  Heat 
Treatment 

Volume 
Fraction 
of  SiC,  <* 

Yield 

Strength, 

MPa 

Ultimate 

Tensile 

Strength, 

MPa 

Elastic 

Modulus, 

GPa 

Ductility 

„=^.% 

%  Elong. 

«p 

Fracture 
Toughness, 
Kic  MPa  Vro 

SiCp/6061 

20 

400-356 

434-428 

108 

4.9 

1.5 

T6 

>, 

SiCp/6061 

25 

345 

410 

99 

4.4 

15.8 

T6 

SiC»/6061 

20 

470-321 

607-423 

106-103 

5.4 

3-2.2 

22.4 

f 

T6 

4V 

SiCp/2024 

30 

405 

456 

118 

.8 

T6 

SiC»/2024 

20 

524-455 

117-97 

1-2 

.V 

T4 

u'J 

SiCp/7075 

30 

392 

439 

119 

.9 

»  * 

T6 

SiC»/7075 

20 

407 

549 

101 

3.5 

> 

T6 

• 

Another  possible  explanation  of  the  mechanism 

of  Al/SiC 

strengthening  is 

based  on  the  Orowan 

theory  which  enables  one  to 

estimate 

the  stress  re- 

quired  for  dislocation  to  bypass  the  particle.  Particle  separation  is  a 
major  parameter  controlling  this  stress.  Taking  the  average  particle 
spacing  of  2  pm  yields  about  a  5  MPa  Increase  in  composite  strength  which 
is  obviously  too  small  compared  with  a  60  to  110  MPa  increase  observed 
experimentally.  Yet  another  approach  is  based  on  the  increase  of  the  dis- 
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location  density  in  the  Al  alloy  matrix.  It  was  shown  that  the  strength 
of  the  thermomochanically  treated  6061  Al  alloy  can  be  as  high  as  400  MPa 
(Rack,  1977  ).  If  this  value  is  used  for  calculation  of  the  theoretical 


strength  of  the  composite  than  calculated  a  agrees  well  with  experi- 

u  t  s 

mental  results.  The  increase  of  the  dislocation  density  in  Al  matrix  in 


Al/SiC  composite  was  attributed  to  the  relaxation  of  the  misfit  strain 
between  SiC  particles  and  the  matrix.  This  misfit  strain  arises  from  the 
difference  between  CTE  of  SiC  and  that  of  Al  (of  about  a  factor  of  10)  on 
cooling  down  from  the  annealing  or  processing  temperature  (Arsenault, 
1984).  Transmission  electron  microscopy  (TEM)  investigations  of  these 
composite  materials  do  indeed  reveal  a  high  dislocation  density  (10^ 
cm-2)  and  small  subgrain  size  (1.0  -  2.5  pm) (Vogelsang ,  1986).  The 
following  expression  was  proposed  for  the  increase  of  the  yield  strength 
above  that  of  0  V%  matrix  (1100  Al), 


A  a  +  Aa 

Disl  Sg 


where  is  the  term  due  to  dislocation  density  increase,  a,,  is  the 

increase  in  strength  due  to  the  small  subgrain  size,  and  is  fhe  in¬ 


increase  in  strength  due  to  the  small  subgrain  size,  and  a  is  the  in¬ 

crease  due  to  continuum  mechanics  strengthening.  The  evaluation  of  thes< 


terms  results  in  a  value  of  about  130  MPa  for  a  whereas  experimental 
values  is  about  138  MPa.  UtS 


ROLE  OF  CTE 


In  the  course  of  studying  plastic  deformation  of  two-phase  alloys  it  was 
observed  that  second  phase  particles  can  act  as  a  dislocation  source  when 
a  material  is  cooled  from  an  elevated  temperature  or  is  deformed.  Recent 
observations  of  the  local  plastic  deformation  around  SiC  particles  in 
Al/SiC  composites  subjected  to  the  thermal  cycle  showed  that  the  size  of 
the  plastically  deformed  zone  around  the  particle  is  ~  1.5  particle  radii 
(Flom,  1985).  It  is  interesting  to  mention  that  plastic  deformation, 
i.e.,  formations  of  the  slip  bands  about  the  SiC  particle  was  observed 
also  on  heating  from  room  temperature.  Subsequent  in-situ  high  voltage  TEM 
investigations  of  Al/SiC  thin  foils  showed  dislocation  generation  on 

heating  (Vogelsang,  1986)  which 
corresponds  to  the  observation  of 
the  slip  bands.  A  simple  model, 
based  on  prismatic  punching, 
(Figure  1)  was  developed  to 
a  account  for  the  relative  disloca- 

/  tion  density  due  to  the  differ¬ 

ence  in  CTE  (Arsenault,  1986). 
Dislocation  density  in  the  matrix 
was  found  to  be: 
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Fig.  1. 


A  schematic  representation 
of  prismatic  punching  about 
a  parallelepiped  shaped  SiC 
particle. 


where  B  is  a  geometric  constant 
which  varies  theoretically  be¬ 
tween  4  for  whiskers  and  12  for 
equiaxed  particles,  A  is  the 
volume  fraction  of  particles,  b 
is  the  length  of  Burger's  vector, 
t  is  the  smallest  dimension  of 
particle,  and  finally  e  is  the 
misfit  strain  due  to  difference 


in  CTE  ,  f .  e .  , 


Flom  and  Arsenault 


e  =  (ACTK)  x  AT 


The  expression  (2)  implies  that  for  the  same  volume  fraction  smaller 
particles  will  produce  higher  dislocation  densities  (Figure  2). 

Several  investigations  were  conducted  in  order  to  evaluate  the  residual 
thermal  stresses  in  Al/SiC  composite.  An  x-ray  diffraction  technique  was 
used  for  experimental  evaluation  of  the  residual  stresses.  It  was  found 
that  residual  stress  state  in  the  composite  was  tensile  ranging  from  55 
MPa  to  407  MPa  (Table  II)  (Arsenault,  1985).  Theoretical  analysis  of 
thermal  stresses  was  based  on  Eshelby's  equivalent  inclusion  model. 
Ellipsoidal  aligned  whiskers  in  the  infinite  body  were  considered  and 


Fig.  2. 
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Calculated 
dislocation 
density  (p ) 
due  to  pris¬ 
matic  punch¬ 
ing  as  a 
function  of 
minimum 
particle 
thickness 
(t),  for 
both  whisk¬ 
ers  and 
platelet  of 
the  same 
volume  frac¬ 
tion  A 

according  to 
Eq.  2. 


TABLE  II  The  Thermal  Residual  Stresses 
(Tensile)  as  Measured  by  X-ray  Defraction 

Techniques. _ 

Material  Longitudinal  Transverse 

MPa  MPa 

O'"  Vi  Whisker  SiC  070  07o 

6061  Matrix 

5  VZ  Whisker  SiC  34.5  407 

6061  Matrix 

20  V%  Whisker  SiC  55.2  228 

6061  Matrix 

Wrought _ 0. 0 _ 0. 0 _ 


Fig.  3. 


Schematic.  Distribution  of  the 
stress  in  the  matrix  and  the  re¬ 
inforcement  due  to  the  differ¬ 
ence  in  thermal  coefficient  of 
expansion  between  the  SiC  and  Al. 
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annealed  600  1  Al  matrix  and  SIC  whisker  with 
( lcngth-to-diameter  ratio)  were  used  tor  the 
stress  distribution  is  shown  in  Figure  3.  In 


mechanical  properties  ot 
aspect  ratio  L/d  =  1.8 

calculations.  Resultant, 
addition,  the  difference  in  the  yield  strength  Ao  between  tension  and 
compression  resulting  from  the  thermal  residual  stresses,  was  determined 
experimentally  and  calculated  theoretically  using  the  model  cited  above. 
Very  good  agreement  was  obtained  between  the  experimental  and  theoretical 
results  (Arsenault,  1985)  (Figure  4). 

SiC/Al  INTERFACES 


It  is  probably  not  an  exaggeration 
to  say  that  the  interfaces  play  the 
most  important  role  in  the  behavior 
of  a  composite. 

An  interesting  phenomena  associated 
with  SiC-Al  interfaces  was  reported 
recently  in  the  course  of  fracture 
surface  analysis  performed  in 
scanning  Auger  electron  microscope 
(Arsenault,  1984).  Both  SiCw/6061 
Al  and  SiC../2124  Al  materials  were 
fractured  ln-sltu  and  composition 
analysis  were  performed  on  individ¬ 
ual  whiskers  exposed  on  the  surface 
(Figure  5).  In  most  cases  Si  or  C 
could  not  be  detected  on  the  whisk¬ 
ers.  Detection  of  Si  and  C  was 
possible  only  after  considerable 
Ion  sputtering.  This  means  that 
"pulled  out"  whiskers  are  coated 
with  an  Al  layer  which  is  the  in¬ 
dication  of  a  good  SiC/Al  bond. 

Also  an  anomoalous  diffusion  of  Al 
Into  SiC  was  observed  (Figure  6). 


Fig.  4,  The  difference  in  yield 

stress  between  compression 
and  tension  as  a  function 
of  volume  percent  silicon 
carbide  whisker. 
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Fig.  5.  A  SEH 
micro¬ 
graph 
taken  in 
the  Auger 
microprobe 
of  the 
£  racture 
surface  of 
a  whisker 
SIC/ Al 
composite . 
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Duel  1  I i tv  and  tract ure  toughness  ot  SiC/Al  composites  are  quite  low  and 
require  an  intensive  study  in  order  to  reach  a  compromise  between  two 
extremes:  very  strong  and  brittle  composite  on  one  hand,  and  weak, 
ductile  one  on  the  other.  As  of  now  this  compromise  has  not  been  reached. 


Fig.  6. 


A  SUM  micro¬ 
graph  taken  in 
the  Auger 
microprobe,  on 
which  the  A1 
and  Si  Auger 
probe  traces 
have  been 
superimposed . 


Generally,  the  observation  of  the  fracture  surface  of  SiC/Al  composites 
does  not  reveal  the  presence  of  SiC  particulates  and/or  whiskers  in  the 
quantities  corresponding  to  their  volume  fraction.  The  following  features 
should  be  mentioned  specifically  (Arsenault,  to  be  published): 

1.  There  appears  to  be  fracture  initiation  sites. 

2.  Fracture  has  a  macroscopically  brittle  characteristic,  but  on  the 
microscale  it  is  ductile,  i.e.,  has  a  dimple  morphology. 

3.  There  is  no  indication  of  fracture  of  SiC  (if  SiC  is  less  than 
10  urn  is  size). 

Some  secondary  cracking  takes  place  (cracks  are  formed  perpendicular 
to  the  fracture  surfaces). 

The  fracture  process  is  very  localized  and  occurs  without  warning,  i.e., 
no  apparent  necking  is  observed. 


It  seems  that  the  following  fracture  initiation  sites  can  be  identified; 
one  is  the  large  interraetallic  ( Fe ,  Cr)^  SIAl->  inclusions  termed  "fish 
eyes"  (Fig.  7a),  second  is  clusters  of  SiC  whiskers  or  particulates  (Fig. 
7b),  third  is  the  voids  initiated  at  the  SiC  whiskers  or  particulates  and 
fourth  large  "chuncks"  of  SiC  >  10  lira  (Fig.  7c). 


It  is  generally  accepted  that  a  ductile  fracture  in  the  presence  of  a 
second-phase  particles  occurs  by  i)  nucleatlon  of  voids  at  the  particles, 
il)  growth  of  these  voids  and  iii)  their  linkage  which  manifestates  the 
actual  physical  separation.  In  StC/Al  composites,  the  fracture  process 
depends  on  the  content  of  SiC  particles  and/or  whiskers.  Void  nucleation 
is  a  significant  factor  when  the  volume  percent  oi  SiC  is  low.  The  extent 
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Large  inter- 
metallic  inclu¬ 
sion  ("fish 
eyes")  (a)  , 
cluster  of 
whiske rs  ( b ) , 
and  individual 
SiC  particles 
(c)  as  an  act¬ 
ing  fracture 
initiating 
sites. 


(a)  x  1000 


7(b)  x  8000 


of  the  void  growth  determines  the  ductility  of  the  material. 
SiC  content  (>  20%),  composites  matrix  is  in  the  state  o 

plastic  constraint.  Thus,  dislocation  motion,  i.e.,  plastic 
bulk,  of  the  composite  is  impeded.  It  appears,  therefore 
nucleatlon  is  not  a  controlling  parameter.  Crack  initiates 
..vistim-  voids  and  nronaeates  r'.rnm'li  composite  in  . 


In  the  high 
sign! f icant 
flow  in  the 
,  that  void 
at  the  pre- 
<■  \  t  as  l  rofh  i  c 


a 


if 


"i.imu't.  Void  growth  almost  stops  in  SiC/Al  >  or.ijm:,  i  t  wi:  t .  a  m  i  <  .mi 
ot  _’UL  and  higher.  This  can  he  seen  Iron:  the  dimple  sizes  i  i  -  ‘>  ;,m) 

observed  on  the  tincture  sort  aces. 
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CONCLUSIONS 

1.  High  strength  of  the  SiC/Al  interface  and  a  big  difference  in  CTE 

between  SiC  and  A1  results  in  the  generation  of  a  large  number  or 
dislocations . 

2.  The  high  dislocation  density  provides  the  main  contribution  to  the 

strengthening  of  the  discontinuous  SiC/Al  composite. 

3.  The  improvement  of  ductility  and  fracture  toughness  properties  of 

SiC/Al  composites  can  be  achieved  in  two  steps.  First  is  to  eliminate 
the  presence  of  large  inclusions  and  clusters  of  SiC  particulates 

and/or  whiskers.  Further  improvement,  it  is  believed,  can  be  obtained 
by  tailoring  SiC/Al  interfaces. 
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FRACTURE  OF  SIC/AL  COMPOSITES 


Y.  Flora  and  R.  J.  Arsenault. 
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University  of  Maryland 
College  Park,  MD  20742 


ABSTRACT 

Discontinuous  SiC/Al  composites  were  fabricated  with  different  sire 
SIC  particles  in  order  to  study  the  role  of  particle  sire  on  the  fracture 
process.  Tensile  test  data  shows  that  the  Young's  modulus  is  independent 
of  SIC  particle  sire,  whereas  yield  stress  and  ultimate  strength  decreases, 
and  strain  to  fracture  and  ductility  increases  as  SIC  particle  size  in¬ 
creases.  The  fracture  behavior  of  SiC/Al  is  unique  in  the  sense  that  it 
has  features  of  brittle  and  ductile  mechanisms.  The  fracture  process  is 
matrix  controlled  up  to  SIC  particle  sizes  of  20  pm  and  above  where  frac¬ 
ture  of  SIC  begins  to  dominate.  The  matrix  is  influenced  by  residual 
hydrostatic  tension  and  high  density  of  dislocations  generated  at  SIC/ AI 
Interfaces  due  to  the  difference  in  coefficient  of  thermal  expansion  (CTE) 
between  SIC  and  Al  matrix.  Crack  initiation  fracture  toughness  does  not 
depend  on  SIC  particle  size.  Crack  growth  fracture  toughness  increases  as 
the  size  of  the  SiC  particles  increase. 

INTRODUCTION 

Low  ductility  and  fracture  toughness  of  discontinuous  SiC/Al  compos¬ 
ites  remains  a  major  obstacle  to  the  practical  application  of  these  mater¬ 
ials.  Despite  the  significant  improvement  in  the  processing  of  SiC/Al  com¬ 
posites  in  the  recent  years,  fracture  toughness  is  still  in  the  range  of  12 
to  20  MPa  •  /m  (1,2,3].  It  is  not  clear  how  the  inter  facial  SiC/Al  bond 
strength,  difference  in  CTE  between  SIC  and  Al ,  size  of  the  SIC  reinforce¬ 
ment  affect  the  toughness.  It  has  already  been  established  that  the  in¬ 
crease  in  the  volume  fraction  of  SiC  particles  and/or  whiskers  and  the  in¬ 
crease  of  the  matrix  strength  influence  adversely  the  toughness  of  SiC/Al 
composites  (3,4).  This  paper  will  examine  the  dependence  of  the  toughness 
and  tensile  properties  of  the  SiC/Al  composites  containing  various  sizes  of 
SIC  particles. 
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MATH RIALS  AND  TKST  METHODS 

'.'.10  particles  ot  2 .  •» ,  3.2,  8  anti  20  pm  average  size  were  mixed  sepa¬ 

rately  with  1100  Al  powder  and  hot  pressed,  extruded  and  hot  rolled  to 
produce  tensile  test  samples  and  compact  tension  specimens  (CTS).  Also  a 
SIC/Al  composite  containing  250  pm  size  SIC  particles  was  purchased  from 
D'dA.  The  volume  fraction  of  the  SIC  reinforcement  was  constant  in  all 
composites  and  equal  to  20  volume  percent.  An  1100  Al  alloy  vas  selected 
in  order  to  minimize  the  influence  of  the  alloying  elements  which  would 
otherwise  introduce  additional  complicating  factors.  Tensile  samples  were 
machined  in  the  rolling  direction  and  tested  at  a  standard  crosshead  speed 
of  0.05  cm/ min.  The  CTS  were  machined  and  tested  using  single  specimen  J- 
Integral  testing  technique  in  accordance  with  ASTM  E8 1 3  standard  (5].  All 
samples  were  tested  in  the  annealed  condition.  Also,  the  energy  separation 
technique,  developed  at  the  University  of  Maryland  (6)  was  utilized  as  a 
supplemental  method  of  analyzing  load-unload  records  to  increase  the  con¬ 
fidence  in  the  data  obtained.  The  later  technique  implies  that  the  area 
under  the  load  versus  displacement  curve,  which  corresponds  to  the  work 
done  by  external  load,  can  be  separated  into  the  stored  elastic  strain 
(potential)  energy,  U0  ,  the  elastic  energy,  U  released  during  crack 
extension,  and  the  plastic  energy,  Up ,  dissipated  during  crack  extension  as 
shown  on  Fig.  1. 


A  Jli 


'/  // 

'  '/ 

/ 

/ 


AREA  0AA’0‘  =  Aup 
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0  0  CCD 

LOAD-LINE  DISPLACEMENT 

Fig.  1.  Schematic  of  the  energy  separation  principle  between  two 
successive  unloadings. 


The  rate  of  the  plastic  energy  dissipation  I  =*  1/B^  dU  /da  and  the  elastic 
energy  release  rate  G  =*  l/B^  dU^/da  represent  the  plastic  and  elastic  parts 
of  the  J-integra 1 ,  i.e.,  J  =  I  +  C,  where  BN  is  the  thickness  of  the  CTS 
between  the  side  grooves  and  a  is  the  crack  length.  frac_ 

turc  toughness  can  be  determined  as  *•  (CE  /I  -  v  )  17],  where  Ec  is 

the  composite  Young's  modulus  and  v  is  the  Poissons  ratio  (v  -  0.31). 

Also,  a  direct  evaluation  of  K ^  is  possible  by  taking  maximum  load  from 

the  load-unload  .record  and  substituting  into  the  expression 

K -  =<  [>  /B  (U)  f(a/w)  (7],  where  w  is  the  width  of  the  CTS  and  values  of 

f (  a  / u )  areNrcadily  available.  Crack  growth  fracture  toughnc33  is  evaluated 
by  dlracnslonlcs''  tearing  modulus  T  which  is  equal  to  [7,8): 

T  »  E  /o  dJ/da,  where  a  is  the  composite  yield  stress  and  dj/dn  is  the 
r,lopeCof ^the  stable  crac^  extension  portion  of  the  J  versus  a  plot 
constructed  In  accordance  with  ASTM  E813.  Crack  extension  was  determined 
using  unloading  compliance  technique  [5,7].  In  order  to  verify  the 
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calculated  crack,  extension  values,  the  tested  CTS  were  exposed  to  elevated 
temperature  and  then  fractured.  Physical  crack,  lengths  are  within  5  to  10Z 
from  the  values  calculated  by  compliance  technique. 


r. 

V\ 

K 

V 

> 

> 

.V 


,v 
. » 

,  * 

I*. 


The  interaction  between  the  fracture  path  and  SiC  particles  is  analyz¬ 
ed  by  counting  the  number  of  SiC  particles  along  a  random  path  (RP),  and 
the  fracture  path  ( FP)  and  comparing  SiC  particle  densities  and  size  dis¬ 
tributions.  Particle  size  is  represented  by  the  longest  dimension  of  the 
SiC  particle.  Random  path  particle  count  (RPPC)  is  performed  by  counting 
the  particles  along  the  per pend icular  lines  forming  a  square  mesh  which  is 
placed  on  the  micrographs  of  the  metallographically  polished  cross  sections 
of  SiC/Al  composites.  Fracture  path  particle  count  (FPPC)  is  done  by  in¬ 
corporating  the  SIC  particles  touching  both  matching  sides  of  the  crack  on 
the  cross  secdons  of  the  tested  but  not  separated  CTS.  In  addition,  the 
number  of  SIC  parCicles  fractured  by  the  crack  path  can  be  reasonably 
estimated  since  both  matching  halves  of  the  same  crack  are  present  on  the 
n'  .rograph.  The  latter  can  be  used  to  determine  the  percent  of  SiC 
particles  fractured  by  the  crack  path  using  the  ratio  of, 

0  of  particles  fractured  by  crack  path 
FPPC 
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RESULTS  AND  DISCUSSION 


Tensile  Tests 

The  Young's  modulus  of  the  tested  SiC/Al  composites  does  not  change  as 
a  function  of  SIC  particle  size  and  remains  constant  ~  89.7  GPa.  This 
agrees  quite  well  with  the  classical  treatment  of  the  composites  where 
Young's  modulus  Ec  is  the  function  of  the  volume  fraction  of  the  reinforce¬ 
ment  [A, 9).  Constancy  of  the  modulus  indicates  good  reproducibility  during 
the  manufacturing  process  of  SiC/Al  composites  ulth  various  SIC  particle 
sizes  in  terms  of  the  bonding  between  SiC/Al.  The  yield  stress  and  ulti¬ 
mate  tensile  strength  decrease  as  the  size  of  SIC  particles  increases. 

This  is  consistent  with  the  experimental  data  collected  by  various  investi¬ 
gators  [10].  A  recent  model  of  the  composite  strengthening  based  on  dislo¬ 
cation  generation  due  to  the  difference  in  coefficient  of  thermal  expansion 
(CTE)  between  SiC  and  A1  [11]  is  in  accord  with  the  data  obtained  in  the 
current  investigation.  Uniform  strains  to  the  point  of  instability  remain 
within  6  to  IX  range  independent  of  the  SiC  particle  size.  This  fact 
suggests  that:  1)  there  is  no  large  scale  "bulk"  yielding  in  the  compos¬ 
ites  and  deformation  takes  place  within  a  narrow  band  surrounding  the 
fracture  path  (thus  the  observation  of  possible  difference  in  strain  to 
ultimate  load  between  SiC/Al  tensile  samples  is  rather  difficult),  which 
correlates  quite  well  with  the  previous  observations  in  SiC/6061  A1  com¬ 
posites  [3,12],  11)  the  difference  in  the  total  amount  of  plastic  deforma¬ 
tion  to  fracture  between  the  composite  samples  containing  various  sizes  of 
the  SiC  particles  comes  mainly  at  the  expense  of  the  deformation  taking 
place  during  the  necking,  i.e.,  plastically  unstable  portion  of  the  tensile 
test . 

SIC  Particle  Analysis 

The  experimental  data  show  that  the  ratio  of  SiC  particle  densities 
measured  along  RP  and  FP  doc3  not  depend  on  the  SIC  particle  size,  i.e., 
RPPC/ FPPC  -  constant  -  0.75  for  2. A,  3.2,  8  and  20  urn  average  SIC  size 


composites.  This  means  Chat  one  finds  more  SiC  particles  along  KP  then 
along  any  other  direction.  Thus  crack  path  is  attracted  towards  the  SiC 
particles.  The  significance  of  the  specific  value  of  0.75  is  not  under¬ 
stood.  Attraction  of  the  crack  front  by  the  second  phase  particles  is 
discussed  elsewhere  [13).  The  attraction  or  deflection  is  determined  by 
the  sign  of  the  residual  stresses.  In  case  of  a  tensile  residual  stress 
the  crack  front  is  attracted  Cowards  the  particles  [13).  The  residual 
hydrostatic  tension  was  reported  to  exist  in  SiC/Al  composites  due  to  the 
difference  in  CTE  [14].  The  influence  of  the  residual  stresses  on  the 
fracture  path  morphology  in  two  phase  system  was  treated  theoretically 
using  computer  modeling  [15].  Considering  various  levels  of  hydrostatic 
tension  superimposed  on  the  random  arrangement  of  voids  it  was  shown  that 
the  higher  residual  tension  resulted  in  the  lower  strain  to  fracture.  Also 
fraccure  propagated  along  the  path  which  had  the  smallest  fracture  strain. 
The  percent  of  SIC  particles  fractured  by  the  crack  path  remains  around  8% 
for  2.4,  3.2  and  8  pm  average  SiC  particle  size  composites  and  increases 
to  ~  25%  for  20  pm  SiC/Al  composite.  This  result  can  be  Created  on  the 
basis  of  the  critical  flaw  size  used  in  the  Criffith  fracture  mechanics. 

The  probability  of  finding  a  critical  flaw  size  in  small  SiC  particle  is 
less  than  in  the  coarse  one  (16). 

Fractrography 

The  results  of  the  fracture  surface  observation  can  be  divided  into 
three  groups:  1)  fracture  surfaces  have  a  dimple  morphology,  2)  there  are 
two  dimple  populations:  the  first,  which  is  associated  with  SiC  particles, 
and  Increases  its  size  as  the  size  of  the  SiC  particles  increases,  and 
second  type  consisting  of  very  small  dimples  located  in  the  space  between 
the  SiC  related  dimples,  3)  no  indication  of  fracture  of  SiC  in  the  case  of 
small  SiC  sizes  (<  10  pm)  (see  Fig.  2). 
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Observation  of  the  polished  cross  sections  of  the  tested  tensile  and 
CTS  does  not  reveal  the  presence  of  the  voids  below  the  fracture  path  (see 
F i it  •  3). 


Fig.  3.  Polished  cross  section  of  20  pm  average  size  SIC/Al  composite 
tested  tensile  sample. 

Tilts  means  that  fracture  process  is  confined  to  an  extremely  narrow  band 
and  there  Is  no  apparent  damage  zone  adjacent  to  the  fracture  surface  which 
generally  exists  In  Lite  classical  void  nue.leation  and  growth  type  ductile 
fracture.  Also,  very  little  pull  out  of  the  SiC  partfc.Les  from  the  AL 
matrix  can  be  found  which  is  indicative  of  a  good  SIC/Al  inter  facia  1  bond¬ 
ing.  No  voids  can  be  seen  In  the  vicinity  and  ahead  of  the  crack  tip. 
Instead,  a  series  of  short  cracks  can  be  seen  in  the  matrix  in  front  of  the 
continuous  crack  as  shown  on  Fig.  A.  Apparently  this  cracking  Lakes  place 
in  the  matrix  ahead  of  the  crack  tip  and  forms  some  sort  of  the  damage 
zone.  This  primary  cracking  can  be  observed  as  far  as  *■  50  pm  away  from 
the  crack  tip  for  the  fine  SiC  particle  (2. A  and  3.2  pm  average  size) 

SiC/Al  composite  and  about  110  to  150  pm  for  the  coarse  SiC  particle  size 
(8  and  20  pm)  composites.  It  is  believed  that  crack  propagation  occurs  by 
connecting  these  discontinuous  raicrocracks.  It  seems  that  the  short  micro- 
cracks  are  associated  with  the  clusters  of  SIC  particles  (see  Fig.  A). 

Even  though  the  distribution  of  the  SiC  particles  is  predominately  homo¬ 
geneous,  on  the  microscale  there  are  islands  of  high  and  low  density  of  SiC 
particles.  The  clusters  of  the  inclusions  are  considered  to  be  a  sites 
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Fig.  4.  Cross  section  through  the  tested  8  um  overage  size  S1C/A1 
composite  CTS  shewing  the  area  around  Lhe  crack  tip. 

where  the  damage  level  readies  extreme  values  causing  Lhe  fracture  of  Lhe 
entire  system  [17].  The  degree  of  plastic  constraint  within  the  clusters 
could  be  much  higher  than  in  the  rest  of  the  matrix  as  a  result  of:  i) 
residual  hydrostatic  tension  and  high  dislocation  density  due  to  Lhe 
difference  in  CTE  [11,14],  and  il)  increase  of  hydrostatic  tension  during, 
the  deformation  due  to  the  plastic  constraint  in  the  matrix  between  the 
particles.  111030  factors  make  SiC  clusters  quite  favorable  for  crack 
intiation.  A  necessary  condition  for  crack  initiation  is  that  Lhe  strain 
energy  U  stored  at  the  inclusion  is  sufficient  to  provide  the  surface 
energy  S  of  the  newly  formed  crack  surfaces,  or  U  >  S.  The  critical  stress 
for  crack  nucleation  can  be  obtained  from  the  expression  I  18]: 


where  o  is  the  applied  uniaxial  stress,  q  is  the  average  stress  concen¬ 
tration  frartor  at  the  inclusion,  y  is  Lhe  specific  surface  energy  of  the 
crack,  E  is  the  composite  Young's  modulus  and  d  is  the  particle  size.  The 
location  of  the  crack  formation  depends  on  the  relative  values  of  y  and  q 
within  the  inclusion,  at  the  interface  or  within  the  matrix  ]18).  It  seems 
that  stress  concent  rat  ion  factor  q  would  be  quite  high  between  closely 
spaced  particles  which  is  not  inconsistent  with  our  observation  of  the 
crack  formation  within  the  SiC  particle  clusters. 


tC., 


The  very  sharp  appearcnce  of  the  crack  Lip  (see  Fig.  4)  shows  that 
crack  blunting  between  subsequent  crark  extensions  is  quite  limited.  The 
estimate  of  the  width  of  the  blunted  crack  6  based  on  void  nucleation  and 
growth  model  119]  predicts  the  blunting  of  about  ~  10  um  for  2.4  urn  averagi 
size  S1C/A1  composite.  This  Is  much  higher  than  the  separation  (I  to  2 
um)  observed  between  the  matching  sides  of  the  crack  in  CIS  machined  from 
SiC/Al  composite  containing  2.4  um  average  size  SiC  pari  fries.  Thus  t  lie 
classical  void  nucleation  and  growth  mechanism  of  ductile  fracture  does  no! 
give  satisfactory  description  of  the  crack  propagation  in  StC/Al 
c  ompos  i  t  e . 
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Fracture  Initiation  Toughness 


Crack  initiation  fracture  toughness  measured  as  K^j-,  and  is  plotted 

as  a  function  of  the  average  SIC  particle  size  and  is  shown  on  Fig.  5. 
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Fig.  5.  Crack  initiation  fracture  toughness  of  SiC/Al  composites 
measured  as  KjC  (a)  and  Kjq  (b). 

The  fact  that  both  of  these  values  show  the  same  trend,  l.e.,  no  dependence 
on  the  size  of  the  SiC  particles  increases  the  confidence  in  the  results 
obtained  and  supports  the  energy  separation  method  as  a  new  and  powerful 
tool.  The  numerical  difference  (K^  -  18  MPa  •  /m  and  K.q  =  23  MPa  •  /ra) 
between  the  values  of  and  K^q  can  be  explained  as  follows.  A  finite 

notch  with  a  root  radius  of  -  130  pm  was  machined  in  CTS  in  order  to  start 
the  crack  (as  opposed  to  ASTM  E399  requirement  of  a  pre-fatigued  crack 
starter  resulting  in  a  geometrically  sharp  crack).  Thus  it  is  reasonable 
to  expect  higher  values  of  KTn  which  are  obtained  in  accordance  with  ASTM 
E399,  Using  the  result  of  trie  study  of  the  influence  of  notch  acuity  on 
the  fracture  initiation  toughness  { 3  J  in  SIC/Al  composiCes  we  may  write 


IC(r) 


(1  +  r/c) 


where  is  the  initiation  toughness  of  the  notch  with  radius  r,  is 

the  toughness  of  geometrically  sharp  crack  and  c  is  the  adjustable  constant 
reflated  to  the  microstructure.  Substituting  values  for  s  =■  23  MPa  • 

/ra,  Kj-£  =  18  MPa  •  /m  and  r  =■  150  pm  we  obtain  value  for  c  =  zO  pm.  It  Is 
rather  comparable  with  the  size  of  the  fracture  process  zone  observed  in 
2. A  pm  average  SIC  particle  size  composite.  Initiation  fracture  toughness 
for  250  pm  SiC/Al  composite  is  almost  by  the  factor  of  2  less  than  for  the 
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rest  of  the  tested  composites-  This  Is  apparently  due  to  the  premature 
cracking  of  250  pm  size  SiC  particles. 

Crack  Growth  Toughness 

Crack  growth  toughness  measured  as  tearing  modulus,  T,  and  plastic 
pare,  I,  of  J-integral  is  plotted  versus  the  average  size  of  SIC  particles 
in  Fig.  6. 
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Fig.  6.  Crack  growth  fracture  toughness  of  SiC/Al  composites  measured  as 
I  (a)  and  T  (b). 


The  increase  of  the  crack  growth  toughness  with  an  increase  of  the  SIC 
particle  size  means  that  more  energy  is  dissipated  during  crack  extension 
in  the  composite  with  a  larger  size  of  SiC  particles.  As  tensile  test  data 
shows  the  yield  stress  of  the  SiC/Al  composites  drops  with  the  increase  of 
the  SiC  particle  size.  The  same  behavior  was  reported  in  literature  for 
various  alloys  containing  second  phase  particles  [10].  The  size  of  the 
plastic  zone  is  Inversely  proportional  to  the  square  of1  the  yield 
stress  [20].  Tims  as  the  size  of  SIC  particles  Increase,  the  size  of  the 
plastic,  zone  also  Increases  resulting  in  the  increase  of  dissipated  plastic 
energy  which  in  turn  increases  the  crack  growth  fracture  toughness. 

Conclusions 

From  the  data  obtained,  the  following  conclusions  can  be  made: 

1.  Fracture  behavior  of  SiC/Al  composites  is  quite  unique  and  features  of 
both  brittle  (limited  crack  blunting,  raicrocracking  in  front  of  the 
crack  tip,  confinement  of  the  fracture  process  to  a  very  narrow  band) 
and  ductile  (dimple  morphology  of  the  fracture  surface)  mechansims. 

2.  Fracture  process  is  matrix  controlled  up  to  very  large  particle  sizes 
(>  20  pm)  and  strongly  influenced  by:  i)  residual  hydrostatic  tension 
and  hydrostatic  tension  due  to  inhomogeneous  plastic  deformation,  ii) 
high  dislocation  density  in  Che  regions  adjacent  to  the  SiC  particles, 
and  iii)  local  fluctuations  in  distribution  of  SiC  particles. 

3.  Crack  initiation  fracture  toughness  KIC  is  independent  of  the  SiC 
particle  size  up  to  very  coarse  grit  sizes  when  SiC  particle  fracture 
takes  over, 

4.  Low  values  of  the  crack  initiation  toughness  can  be  related  to  a  high 
dislocation  density  and  residual  hydrostatic  tension  due  to  the 
difference  in  CTE  between  SiC  and  A1 . 

5.  Young's  modulus  is  not  a  function  of  the  SIC  particle  size  at  a  given 
volume  fraction. 

6.  Yield  stress  and  ultimate  strength  of  the  SiC/Al  composite  decreases  as 
SiC  grit  size  increases. 

7.  SiC/Al  lnterfaclal  bond  strength  is  quite  high. 

8.  Crack  growth  fracture  toughness  measured  by  T  (tearing  modulus)  and  I 
dissipation  rate  of  the  plastic  energy)  Increases  with  the  increase  of 
SiC  particle  size.  ■ 

9.  Increase  in  the  initiation  fracture  toughness  can  be  expected  only  when 
the  plastic  constraint  of  the  matrix  is  decreased.  This  can  be 
achieved  by  tailoring  SiC/Al  interfaces  to  control  the  interfacial  bond 
strength.  By  lowering  the  bond  strength  the  dislocation  density  could 
be  reduced.  This  however  will  result  in  the  decrease  of  yield  stress. 
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ABSTRACT 

The  various  potential  factors  which  could  affect  the  yield  strength  of 
discontinuous  SiC/Al  composites,  such  as  load  transfer  mechanisms,  residual 
elastic  stresses,  differences  in  texture,  etc.,  were  considered.  It  ir<7.v  found  that 
the  high  dislocation  density  and  small  subgrain  size  generated  as  a  result  of 
the  difference  in  thermal  coefficient  of  expansion  between  the  SiC  and  A I  was 
the  major  contribution  to  the  strengthening.  The  classical  load  transfer 
mechanism  and  the  texture  difference  had  no  effect  on  the  strength.  The 
thermal  elastic  residual  stress  was  on  average  in  tension  (for  whisker 
composite )  and  it  reduced  the  tensile  yield  stress  of  the  whisker  composite. 


INTRODUCTION 

The  framework  of  a  mechanism  is  slowly  evolving  to  account  for  the 
strengthening  due  to  the  addition  of  SiC  to  an  A!  alloy  matrix.  However,  it 
should  be  kept  in  mind  that  the  number  of  detailed  investigations  of  these 
composites  is  rather  limited. 

The  basic  strengthening  mechanism  is  the  high  dislocation  density,  which 
is  produced  as  a  result  of  the  differences  in  the  thermal  coefficients  of 
expansion  between  SiC  and  Al,  and  the  small  subgrain  size  that  results. 
There  could  be  other  contributing  causes  to  the  strengthening,  such  as: 

1.  Residual  elastic  stresses. 

2.  Differences  in  texture. 

3.  Classical  composite  strengthening  (load  transfer). 
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The  classical  models  based  on  coiUmmim  mechanics  models  will  have  to  be 
considered  m  detail. 

Two  types  of  continuum  models  seem  to  have  been  used  extensively,  the 
shear  lag  type  and  the  Eshclby  type  models.  The  former  model,  which  was 
originally  developed  by  Cox.'  is  simple  and  has  been  used  for  prediction  of 
stiffness,2  yield  stress.-'  strength  and  creep  strain  rate.4  In  the  case  of 
continuous  whisker  composite,  a  shear  lag  type  model  was  also  applied  to 
prediction  of  load  concentration  factor  successfully. s  However,  it  is  known 
that  the  properties  predicted  by  the  shear  lag  type  model  will  become  a 
crude  approximation  when  the  aspect  ratio  of  the  short  liber  (l/d)  is  small  or 
the  short  fibers  are  misoriented.  Nardonc  and  Prcwo'  have  recently 
proposed  a  variation  of  the  shear  lag  type  model  to  obtain  a  larger 
estimated  tensile  yield  stress  of  a  short  whisker  MMC  with  smaller  values  of 

l/d- 

On  the  other  hand,  in  the  Eshclby  type  model,  the  short  whisker  is 
assumed  to  be  a  prolate  ellipsoidal  inhomogeneity.  The  analytical  model  to 
predict  the  thermal  and  mechanical  properties  of  a  composite  was  first 
developed  by  Eshclby,  who  considered  a  single  ellipsoidal  inclusion  or 
inhomogeneity  embedded  in  an  infinite  clastic  body/’  thus  it  is  valid  only 
for  a  small  volume  fraction  of  fiber  Vf.  Mori  and  Tanaka7  modified  the 
original  Eshelby  model  for  a  finite  volume  fraction.  The  modified  Eshclby 
type  models  arc  stiffness,”  yield  stress  and  work-hardening  rate,0  11 
thermal  expansion121'  and  thermal  conductivity.14  The  Eshclby  type 
model  has  also  been  used  to  predict  the  thermal  residual  stress  in  a 
composite.101  :'1 5  The  detailed  summary  of  the  Eshclby  type  models  is 
given  in  a  book  by  Mura.1'’ 

The  purpose  of  this  investigation  was  to  reconsider  the  load  transfer 
mechanism  of  composite  strengthening,  and  to  consider  clastic  residual 
stress  and  texture  differences  which  could  exist  on  the  strengthening  of 
discontinuous  composites. 


MODELS 


1.  Shear  Lag  Type  Model 

The  original  shear  lag  model,  developed  by  Cox,1  with  its  detailed 
derivation  of  the  stiffness2  and  yield  stress3  has  already  been  discussed 
elsewhere.  Thus  it  is  omitted  here.  The  standard  shear  lag  model  has  often 
been  used  for  an  aligned  short  fiber  composite  system  where  short  fibers  of 
the  same  size  arc  assumed  to  be  distributed  in  the  matrix  in  a  hexagonal 
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array.  The  repeated  cell  (unit  cell)  is  used  for  the  detailed  derivation.17-18 
The  most  important  assumption  in  the  shear  lag  type  rtiodel  is  that  load 
transfer  occurs  between  a  short  whisker  and  matrix  by  means  of  shear 
stresses  at  the  matrix-whisker  interface.  In  the  original  shear  lag  model1,2 
the  load  transfer  by  the  normal  stress  at  the  whisker  ends  and  side  surfaces 
was  ignored.  Nardone  and  Prewo3  recently  suggested  that  the  load  transfer 
at  the  fiber  ends  should  be  accounted  for  in  predicting  the  yield  stress,  but 
still  ignored  the  normal  load  at  the  side  surface  of  fiber  for  the  case  of  l/d 
values.  Below  is  the  final  formulae  based  on  the  shear  lag  type  model  to 
predict  the  stiffness1'2  and  the  end  result  of  a  derivation  of  the  tensile  yield 
stress,  including  normal  stresses  on  the  end  of  the  fiber  of  a  short  fiber 
composite.  For  the  stiffness, 

EJE„  =  (\-V„)  +  (!'„£./£„)[!  ~(tanhx)/x]  (1) 

x  =  m{(  1  +  vm)(£./£J  In  [  VJ  ~  - 112 

For  the  yield  stress, 

crJoym  =  0-5  VJ2  +  l/d)  +  ( 1  -  VJ  (2) 

where  £m,  £w  and  £c  are  Young’s  moduli  of  the  matrix,  whisker  and 
composite,  respectively;  Fw  is  the  volume  fraction  of  whiskers;  aym  and  oyc 
are  the  yield  stresses  of  the  matrix  and  composite,  respectively;  and  l/d  is  the 
whisker  aspect  ratio. 

In  the  shear  lag  model,  there  exists  an  uncertainty  regarding  the  relation 
between  l/d  and  L/D ,  which  is  usually  found  from  observations  of  SEM 
photos.  In  deriving  eqn.  (1),  we  have  used  the  same  assumption  as  Kelly  and 
Street,4  i.e.  L  —  l.  This  assumption  would  certainly  induce  errors  in  the 
analysis  for  the  case  of  smaller  whisker  aspect  ratios.  This  model  is 
described  in  greater  detail  elsewhere.17,18 

2.  Eshelby  Type  Model 

The  original  Eshelby  model6  is  based  on  the  assumption  that  an 
ellipsoidal  inclusion  with  uniform  nonelastic  strain  (eigenstrain)  c*  is 
embedded  in  an  infinite  elastic  body.  Eshelby6  derived  the  formula  to 
compute  the  stress  field  induced  in  and  around  an  inclusion  and  also  the 
associated  strain  energy  of  this  system.  Mori  and  Tanaka7  modified  the 
original  Eshelby  model  to  account  for  the  interaction  between  inclusions, 
i.e.  an  aligned  short  fiber  composite. 

The  Young’s  modulus  along  the  fiber  axis  £c  can  be  obtained  as 

EJEm  =  1/(1  +  VJEJc0)e^) 


(3) 


Strengthening  Mechanisms  m  Discontinuous  SiC/Al  (  ompnsitcs 

where  c*y  is  to  be  computed  from  formulation  defined  elsewhere,1 7-18  and 
the  results  are  expressed  in  terms  of  c0(a0//;ni)  and  c0  i$  some  numerical 
value. 

The  formula  to  predict  the  yield  stress  is  finally  reduced  to17-1B 

arc=^i^ym  +  c1cv  (4) 

where  c,  is  a  nondimcnsional  parameter  (the  yield  stress  raiser),  c2  is  the 
work-hardening  rate  and  ep  is  the  plastic  strain  in  the  matrix  along  the  fiber 
axis. 

NUMERICAL  RESULTS 

In  order  to  compare  these  models,  the  stiffness  (£c)  and  the  yield  stress  (<ryc) 
of  an  aligned  short  whisker  MMC  arc  computed  by  using  eqns  (1)  and  (2) 
(shear  lag  type  model)  and  eqns  (3)  and  (4)  (Eshelby  type  model).  The  target 
short  whisker  MMCs  are  spherical  SiC  (SiCs)  and  SiC  whiskers 
(SiCJ/1 100  A1  matrix  composites.1 8  The  numerical  results  of  EJEm  based 
on  the  shear  lag  type  and  Eshelby  type  models  are  plotted  as  dashed  and 
solid  curves,  respectively,  as  a  function  of  whisker  aspect  ratio  //c/in  Fig.  1. 
The  experimental  results19  are  also  plotted  as  a  circle  in  Fig.  I.  The  material 
constants  used  in  this  calculation  are  given  in  Ref.  1 8.  It  can  be  seen  in  Fig.  1 


//d 

Fig.  1.  The  ratio  of  modulus  of  the  composite  to  modulus  of  the  matrix  versus  length  to 

diameter  ratio  of  fiber. 
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that  the  stillnesses  predicted  by  the  shear  hut  type  model  are  always  less 
than  those  predicted  by  the  Eshelby  type  model  and  that  the  shear  lap 
model  is  a  rather  crude  approximation  for  smaller  //</.  A  comparison  with 
the  experimental  results  reveals  that  the  Eshelby  type  model  gives  a  better 
prediction. 

Next  we  have  computed  the  values  of  a  yJaym  based  on  eqns  (2)  and  (4), 
the  results  of  which  are  plotted  as  dashed  and  solid  curves,  respectively,  in 
Fig.  2,  where  the  closed  circles  denote  the  experimental  results  for  a  specific 
SiCw/Al  6061 -T6  composite3  and  the  predicted  values  based  on  the 
modified  Eshelby  model,  with  residual  stress  accounted  for,  are  plotted  as  a 
dash-dot  curve.  All  predictions  are  plotted  as  a  function  of  Ifd.  In  the  range 
of  small  l/d  the  Eshelby  type  model  gives  an  accurate  prediction, 


MOOELS 


-  ESHELBY  TYPE  MOOEL(9) 

- ESHELBY  TYPE  MODEL  I 

WITH  RESIDUAL  STRESS  I 
(10,11) 


- SHEAR  LAG  TYPE 

MOOEL  (3) 


•  Si  Cw/Af  6O6I-T6  (3) 


O  Si  Cw/A(G06l-T6  (22,23)  -j 
EXPERIMENTS  O  SI  Cw/Af  1 100  ANNEALED (22,23) 

□  Si  C^/A/ 6061  ANNEALED  (22, 23) 
A  Si  Cw/Af  7091  ANNEALED  (22, 23) 


Fig.  2.  The  ratio  of  the  yield  stress  composite  to  matrix  versus  length  to  diameter  ratio  of 

fiber.  For  20  V%  SiC. 
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particular!),  at  //</  —  I,  while  the  shear  lag  model  gives  an  underestimation 
However,  at  larger  Ijd s  both  models  predict  basically  the  same  order  of 
composite  tensile  yield  stress.  In  the  same  figure,  our  recent  results  for 
various  SiC„/AI  composite  systems  are  also  plotted  as  open  symbols. 
Though  the  Eshclby  type  model  gives  reasonable  predictions  for  the  case  of 
the  T6-treatcd  composite  (#),  the  stress  prediction  of  both  models  is  low 
compared  to  the  experimental  results  for  most  of  the  data  (O,  O,  □  and 
/\).  The  poorest  prediction  occurs  for  the  case  of  an  annealed  1  100 
aluminum  composite  (O)- 

The  experimental  ayc  and  <j>m  correspond  to  the  stress  at  0-2%  offset,  and 
a  m  is  from  a  0  V%  material  produced  in  the  same  manner  as  the  composite. 
The  reason  that  both  of  these  models  arc  not  capable  of  predicting  the 
observed  strengthening  is  that  these  models  assume  that  the  matrix  has  the 
same  strength  as  it  has  in  the  nonrcinforccd  condition.  In  other  words,  these 
models  assume  that  the  addition  of  SiC  does  not  change  the  strength  of  the 
matrix.  It  has  been  clearly  shown  that  the  dislocation  density  in  the  SiC/Al 
composites  is  much  higher  than  in  the  nonrcinforccd  Al.20-21 

If  the  absolute  magnitude  of  the  increase  in  ayc  compared  to  aym  is 
considered,  then  the  apparent  differences  caused  by  the  various  matrix 
alloys  is  much  less.  The  data 1 8  indicate  that  A  a  (Act  =  ffyc20v%  ~  %ov/J  is 
relatively  independent  of  the  composite  matrix  except  for  the  T6  heat- 
treated  case.  The  lack  of  a  difference  in  Act  occurs  because  the  thermal  stress 
developed  upon  cooling  is  very  large  compared  to  the  yield  stress  of  the 
matrix  in  the  annealed  condition.  The  dislocations  are  generated  in  the 
initial  cool  down  whether  the  sample  is  furnace  cooled  or  quenched  prior  to 
aging.  Therefore,  the  increased  density  of  dislocations  generated  for  all 
practical  purposes  is  independent  of  the  matrix. 

Since  the  observed  increase  in  the  experimental  CTyc  is  much  greater  than 
that  predicted  by  the  shear  lag  type  model  or  the  Eshelby  type  model,  the 
increase  in  cryc  must  be  caused  by  the  increased  dislocation  density  in  the 
composite  matrix.  This  increase  in  dislocation  density  is  the  resuit  of 
relaxation  of  a  portion  of  the  stresses  developed  upon  cooling  of  the 
composite.  The  stresses  arise  from  the  localization  of  differences  in 
coefficients  of  thermal  expansion  between  the  SiC  and  Al.  The  effect  of  this 
thermal  expansion  mismatch  strain  (AaAT)  has  been  considered  in  the 
Eshelby  model,  with  residual  stress  accounted  for  (dot-dot  curve  in  Fig. 
2)  1 117  However,  in  the  model  AocATis  simulated  by  the  equivalent  surface 
dislocations1 5  that  arc  present  at  the  matrix-whisker  interfaces.  In  reality, 
the  surface  dislocations  arc  more  likely  to  relax  by  punching,24  resulting  in 
the  localization  of  dislocations  around  a  whisker. 
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If  we  now  consider  the  proportional  limit  of  the  composite,  an  interesting 
correlation  can  be  obtained.  The  proportional  limits  of  the  composites2  2,2  5 
are  approximately  equal  to  oym.  This  correlation  gives  rise  to  two  important 
points.  First,  the  modulus  (£.)  that  is  predicted  by  the  Eshelby  type  model, 
which  is  in  agreement  with  the  experimental  data,  is  for  the  initial  portion  of 
the  stress-strain  curve,  i.c.  for  stresses  up  to  the  proportional  limit. 
Therefore,  the  Eshelby  type  model  does  operate  up  to  the  proportional 
limit,  and  the  model  predicts  a  very  small  increase  in  the  proportional  limit 
upon  the  addition  of  the  reinforcement,  again  in  agreement  with  the 
experimental  data.  Second,  the  increase  in  stress  with  strain  in  the  stress 
region  from  the  proportional  limit  to  oyc  is  caused  by  an  exhaustion 
phenomena.  In  the  stress-strain  region,  dislocation  motion  occurs  in  the 
lower  dislocation  density  regions  within  the  matrix.  The  increase  in  stress 
between  the  proportional  limit  and  the  oyc  is  not  caused  by  work¬ 
hardening,  for  there  is  no  general  increase  in  dislocation  density.26  There  is 
an  increase  in  dislocation  immediately  below  the  fracture  surface,  i.e.  within 
100  //m  of  the  fracture  surface.  The  dislocation  density  in  the  remainder  of 
the  sample  is  identical  to  that  of  the  undeformed  sample.  However,  only 
limited  deformation  can  occur,  because  of  the  small  volume  of  matrix.  In 
order  to  have  macro-deformation,  i.e.  to  reach  0  2%  offset  strain,  additional 
dislocation  motion  must  occur  in  the  higher  stress  regions  of  the  matrix 
which  are  often  quite  localized  in  the  specimen.  Therefore,  the  macro- 
yielding  of  the  composite  is  controlled  by  the  inhomogeneous  matrix  which 
is  a  mixture  of  the  high-low  dislocation  regions. 


RESIDUAL  ELASTIC  STRESS 

An  analytical  model  by  Arsenault  and  Taya11  based  on  an  ellipsoidal¬ 
shaped  SiC  particle  in  AI  matrix  was  developed,  which  predicts  that  a 
tensile  thermal  residual  should  exist  in  the  matrix  for  a  whisker  of  l/d of  F8 
and  the  longitudinal  residual  stress  should  be  higher  than  the  transverse 
residual  stress.  The  actual  experimental  data  obtained  from  an  X-ray 
analysis  are  shown  in  Table  1 .  The  X-ray  results  do  indicate  that  the  matrix 
is  in  tension  and  that  the  longitudinal  residual  stress  is  higher  than  the 
transverse  residual  stress.  However,  the  X-ray  data  indicate  a  higher  value 
of  residual  stress  than  predicted. 

The  model  of  Arsenault  and  Taya11  predicts  that  the  yield  stress  in 
compression  should  equal  the  yield  stress  in  tension  if  the  SiC  is  in  the  form 
of  spheres.  The  surprising  result  is  that  in  the  case  of  spherical  SiC 
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Tahu:  1 

Thermal  residual  stress  ( tensile)  X-ray  measurements 

Material  Longitudinal  Transverse 

(MPa)  (MPa) 


OVol.%  whisker  SiC  6061  matrix 
5Vol.  %  whisker  SiC  6061  matrix 
20Vol.%  whisker  SiC  6061  matrix 
Wrought  1 100  Al 


00  00 

40S  35 

231  58 

00  00 


composite,  the  tensile  stress  is  higher  than  that  of  the  compressive  yield 
stress,  whereas  the  difference  predicted  by  the  model  is  zero.  However,  the 
point  to  be  made  is  that  for  the  whisker  case  The  model  of 

Arsenault  and  Taya  successfully  predicts  the  differences  in  the  tensile  and 
compressive  yield  stress  due  to  the  thermal  residual  stresses.  However,  the 
model  is  completely  incapable  of  predicting  the  absolute  magnitude  of  the 


Stroin  t 

Fig.  3.  Tension  and  compression  stress-strain  curves  of  continuous  A12Oj  fibcr/5056  Al 
composite  with  Pr  =  0-5’.  The  experimental  and  theoretical  results  arc  denoted  by  solid  and 
dashed  curves,  respectively.  The  solid  and  open  circles  denote  the  yield  stress  of  the 
experimental  and  theoretical  results,  respectively. 
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increase  in  yield  stress,  for  it  does  not  have  the  capability  of  predicting  the 
increase  in  the  matrix  strengthening. 

In  a  case  where  the  matrix  strengthening*  is  not  such  a  predominant 
factor,  i.c.  continuous  filament  deposits,  the  model  is  excellent  in  predicting 
the  differences  between  tension  and  compression,  and  the  absolute  values  as 
shown  in  Fig.  3. 


TEXTURE 

A  texture  investigation  was  undertaken  and  from  a  comparison  of  the  data 
it  is  apparent  that  there  is  little  difference  in  the  texture  of  99  99%  Al,  0  V%, 
6061  Al  alloy  and  20  V%  6061  Al  alloy  matrix  composite,  as  shown  in 
Fig.  4. 
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TEXTURE  FOR  EXTRUDED  8  ANNEALED 
99.99  V.  A( 


(101) 


(III)  -  (OOI) 


TEXTURE  FOR  EXTRUDEO  6  ANNEALED 
OVV.  SiC  1(00  MATRIX 


TEXTURE  FOR  EXTRUDED  8  ANNEALED 
20V V.  SiC  1100  MATRIX 

Fig.  4.  The  texture  of  two  control  Al  samples  and  a  20  V%  SiC  whisker  composite  in  the 
annealed  condition  as  determined  by  an  X-ray  technique. 
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- ^  Some  time  ago,  a  listing  of  (he  components  of  the  strengthening 

i  *,  *“ 

||  mechanisms  was  proposed: 

V,  ASc  =  A(Xd.s.  J-  A<UK  ±  A<ffcs  +  A<hcx  +  Affconlp 

KJ 

W  where  AadUI  is  the  increase  in  strengthening  due  to  the  increase  in 
dislocation  density  resulting  from  the  differences  in  thermal  coefficients  of 

II  expansion  between  the  SiC  and  Al,  Aost  is  the  increase  in  strengthening  due 
to  the  reduced  subgrain  size,  Acrr<;s  is  the  difference  in  strengthening  due  to 
the  thermal  residual  clastic  stresses,  Act,,,  is  the  strengthening  due  to 

C  differences  in  texture  between  the  0  volume  %  and  the  higher  volume  % 
composites,  and  A<xcomp  is  the  strengthening  due  to  classical  composite 
strengthening,  e.g.  load  transfer. 

'A  If  the  strengthening  components  are  considered  in  detail,  it  is  now 
necessary  to  consider  the  morphology  of  SiC.  Table  2  is  a  listing  of  the 

g 

Table  2 

A  listing  of  the  strengthening  components  for  the 
spherical  SiC  in  1100  A I  matrix 
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Act,,  =  SoAM  +  Acts,  ±  Act,„  +  Act,,,  +  Acrcomt> 
AffdW  =  1 24-2  MPa 
Act,,  =  55-2  MPa 
Ao,^  =  0 
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Acrcomp  -  0 
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Table  3 

A  listing  of  the  strengthening  components  for  the 
w  hisker  SiC  1100  A I  matrix 


A T,  =  A<Cm  +  Act,,  ±  Acxr„  +  Act,,,  +  Ac7comp 
Act,,,,  =  124-2  MPa 
Act,,  =  55-2  MPa 
Act,,,  =  —  34  5  MPa 
Act,,,  —  0 
A<rco^p  =  0 

Act,w  =  !44-9(MPa  A ct,wcip  =  144-9  MPa 
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strengthening  components  for  the  spherical  SiC  case.  The  strengthening 
due  to  A <7(e,  and  Aacomi,  is  equal  to  zero.  The  summation  of  the  predicted 
strengthening  and  the  observed  strengthening  arc  in  very  good  agreement. 
Table  3  is  a  listing  of  the  strengthening  components  for  the  whisker  SiC 
case,  The  strengthening  due  to  A<7di,.t  may  be  a  little  higher  than  the 
value  given,  however,  again  the  agreement  between  the  predicted  and 
experimental  results  is  very  good. 


CONCLUSIONS 

From  the  data  presented  in  this  paper,  several  conclusions  can  be  drawn: 

1 .  The  data  generated  further  support  the  concept  that  the  strengthen¬ 
ing  mechanism  is  due  to  the  difference  in  the  thermal  coefficient  of 
expansion  between  SiC  and  Al,  which  results  in  a  higher  dislocation 
density  and  a  small  subgrain  size. 

2.  The  thermal  residual  stress,  as  measured  by  the  X-ray  technique, 
indicates  that  the  matrix  is  in  tension. 

3.  There  is  a  difference  between  6061  and  2124  in  terms  of  the  fracture 
of  SiC  whiskers  and/or  the  bonding  to  SiC  whiskers. 

4.  A  model  based  on  load  transfer  is  completely  incapable  of 
explaining  the  increase  in  strength  due  to  the  addition  of  SiC  to  the 
Al  alloy  matrix. 
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Abstract 

In  discontinuous  metal  matrix  composites,  specifically  SiC  whiskers  or 
platelets  in  an  A1  alloy  matrix,  the  interface  is  a  dominate  factor.  The 
strengthening  produced  by  the  addition  of  SiC  to  A1  is  due  to  the  high  dis¬ 
location  density  in  the  matrix.  It  has  been  shown  by  in  situ  HVEM  that 
dislocation  generation  does  occur  in  thermal  cycling,  also,  if  a  good  bond 
does  not  exist  at  the  interface  then  dislocation  generation  does  not  occur. 
The  degree  of  bonding  also  affects  fracture  mechanism,  i.e.,  the  degree  of 
void  nucleation  and  growth.  In  the  fracture  studies,  the  fracture  surfaces 
have  a  dimpled  appearance.  The  size  of  the  dimples  range  from  tens  of 
microns  down  to  a  fraction  of  a  micron.  SiC  particulates  can  be  observed  at 
the  bottom  of  some  dimples. 


This  research  was  supported  by  the  Office  of  Naval  Research 
under  Grant  No.  N00014-85-K-0007. 
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Int  roduct ion 


The  quality  of  interfacial  bond  between  A1  and  SIC  is  Important  in  com¬ 
posite  strengthening,  independent  of  the  strengthening  mechanism  that  is 
assumed  to  be  operative.  One  of  the  key  elements  in  the  continuum  mechanics 
treatment  of  the  composite  strengthening  is  that  the  interface  transfers  the 
load  from  the  matrix  into  the  reinforcement^ 1-"^ .  The  rule  of  mixtures  that 
emerges  from  the  continuum  mechanics  relates  a  given  property  of  the  compos¬ 
ite  to  the  properties  of  its  constituent  materials.  The  credibility  of  this 
approach  depends  on,  agmong  other  things,  the  bond  integrity  and  the  effi¬ 
ciency  of  the  load  transfer  from  the  matrix  to  the  reinforcement. 

Recently  it  has  been  shown^-^  that  in  Al/SiC  systems  the  Interfaces 
are  a  major  source  of  the  dislocation  generation  (on  cooling  from  fabricat¬ 
ing  temperature  due  to  the  difference  in  the  coefficient  of  thermal  expan¬ 
sion).  The  resultant  dislocation  densities  at  the  Al/SiC  Interfaces  can  be 
very  high  (lCr  to  lCr°  cm  ),  which  significantly  contributes  to  the  overall 
composite  strength. 

Several  investigators  have  reported  that  the  bond  between  Al/SiC  is 
generally  good'7,°  ,  but  a  systematic  evaluation  of  the  bond  strength  has 
not  been,  to  our  knowledge,  reported  in  the  literature.  Direct  measure¬ 
ments  of  the  interfacial  shear  strength  in  metal  matrix  systems  have  been 
made  using  flat  plate  and  fiber  pullout  tests'  .  The  fiber  pullout  test, 
which  is  of  more  interest  for  this  investigation,  was  used  to  determine 
interfacial  shear  strength  in  Cu/W  and  Cu/Mo  systems'  Several  attempts 

were  made  to  carry  out  a  direct  measurement  of  the  interfacial  bond  shear 
strength  in  Al/SiC  using  the  pullout  test  due  to  its  apparent  simplicity. 
However,  all  these  attempts  resulted  in  brittle  failure  of  SiC  (single 
crystal,  very  large  grain,  and  sintered  SiC  were  used)  at  very  moderate 
loads . 


In  addition,  an  effort  was  made  to  perform  a  punch  test  using  A1  disks 
with  pieces  of  the  SiC  embedded  in  the  center.  This  effort  also  resulted  in 
premature  failure  in  SiC. 


Another  way  to  evaluate  the  interfacial  bond  strength  is  based  on  the 
general  understanding  of  the  mechanism  of  the  ductile  fracture  ^  which 

was  applied  for  the  determination  of  the  Interfacial  bond  strength  in  sphe- 
roidized  1045  steel,  Cu-0,6  pet.  Cr  alloy,  and  managing  steel  containing 
Fe^C  and  TiC  particles,  respect ively' “ • .  Providing  that  the  ductile 
fracture  6tarts  by  void  nucleation  at  the  inclusions  and  second  phase  parti¬ 
cles,  the  theoretical  bounding  analysis'  '  allows  the  evaluation  of  the 
interfacial  strength  in  the  systems  with  the  small  volume  fraction  of  the 
second  phase. 


A  ductile  fracture,  especially  in  the  presence  of  second-phase  parti¬ 
cles  or  Inclusions,  is  assumed  to  be  the  end  result  of  a  sequence  of  three 
processes:  i)  nucleation  of  the  voids  at  the  second-phase  particles,  ii) 

growth,  iii)  linkage  of  voids'  ~  ' . 


It  is  generally  thought  that  the  nucleation  of  voids  requires  the 
attainment  of  a  critical  normal  stress  at  the  particles  matrix  inter¬ 
face'1^,  which  is  a  local  condition.  This  depends  upon  the  size,  shape  and 
location  of  the  particles  and  sometimes  their  interaction'  .  In  the  case 
of  SiC/Al  composites  that  have  been  produced  to  date,  it  is  possible  that 
this  event,  i.e.,  the  nucleation  may  be  reduced  at  some  of  the  Al/SiC  inter¬ 
faces  because  of  the  pre-existing  voids. 
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The  growth  rate  of  the  voids  is  determined  by  the  rate  of  specimen 

M2  2CH 

extension  and  the  stress  rate-  »  Experimental  observations  of  void 

growth  have  been  made  in  many  studies,  primarily  under  simple  tensile 
loading,  and  the  analysis  is  based  on  this  mode. 

The  strain  for  void  initiation,  i.e.,  nucleatlon  and  that  for  growth 
before  linkage  can  be  defined  for  multiloading  state.  A  weakness  in  all  of 
the  theories  of  ductile  fracture  is  the  arbitrary  nature  of  the  condition  of 
void  linkage  and  failure.  It  is  usually  assumed  that  voids  connect  when  the 
void  length  reaches  some  multiple  of  the  distance  between  the  neighboring 
void^'**®'.  Some  criteria  ignore  the  geometric  or  material  instabilities 
that  can  lead  to  flow  localizations:  yet  they  appear  to  give  adequate  de¬ 
scriptions  of  the  experimental  results.  A  small  word  of  caution  should  be 
made,  and  that  is,  these  results  apply  to  the  ductile  fracture,  only  when 
the  matrix  is  quite  soft,  i.e.,  if  the  matrix  is  strengthened  by  some  mech¬ 
anism,  such  as  age  hardening  or  solid  solution  strengthening  the  agreement 
between  the  experimental  results  and  theory  is  definitely  not  as  good.  This 
mechanism  predicts  that  fracture  strain,  which  may  be  related  to  fracture 
toughness,  is  -independent  of  platelet  size  at  a  given  volume  fraction. 

As  stated  above,  dislocation  generation  due  to  differences  in  coeffici¬ 
ent  of  thermal  expansion  between  SiC  and  A1  is  a  major  contributing  fact  >r 
to  strengthening.  However,  the  role  of  interfacial  bond  on  the  dislocation 
has  not  been  demonstrated  and  knowledge  of  plastic  zone  dimensions,  i.e., 
the  extent  of  the  region  about  SiC  of  a  high  dislocation  density  should 
contribute  to  the  understanding  of  the  mechanism  of  composite  strengthening. 

The  experimental  determinations  of  plastic  strains  and  plastic  zone 
radii  about  a  particle  in  the  matrix  due  to  differences  in  coefficient  of 
thermal  expansion  (CTE),  to  our  knowledge,  have  not  been  reported  In  the 
literature. 


Several  theoretical  Investigations  have  been  undertaken  to  predict  the 
magnitude  of  the  plastic  strain  in  the  plastic  zone  around  a  particle.  The 
relaxation  of  the  misfit  caused  by  the  introduction  of  the  oversized  spheri¬ 
cal  particle  into  a  spherical  hole  in  the  matrix  was  analytically  described 
by  Lee  et  al.  Using  the  misfitting  sphere  model,  they  calculated 

strains  in  plastic  zone  that  surrounds  a  hard  sphere  and  also  the  plastic 
zone  radius.  Hoffman'-^'  calculated  the  overall  total  strains  in  the  tung¬ 
sten-fiber-reinforced  80Ni  +  20Cr  matrix,  using  a  thick  wall,  long  cylinder 
approach  and  assuming  that  a  hydrostatic  stress-state  exists  within  each 
constituent. 


(231 

Garmong'  ' ,  assuming  uniformity  of  stresses  and  strains  in  the  matrix, 
calculated  deformation  parameters  for  a  hypotetical  eutectic  composite,  and 
reported  values  of  matrix  plastic  strains  were  of  the  order  of  0.4Z. 

Dvorak  and  Rao^^  developed  a  new  axisymmetric  plasticity  theory  of 
fiberous  composites  Involving  large  thermal  changes.  The  long  composite 
cylinder  model  was  adopted  as  a  composite  unit  cell  and  microstress  distri¬ 
bution  as  well  as  yielding  surfaces  were  obtained  for  Al-W  composites. 

(251 

Mehanv  ’  calculated  residual  strains  in  an  Al /a  -  AI2O3  composite  due 
to  cooling  from  fabricating  temperature.  He  considered  an  idealized  compos¬ 
ite  consisting  of  a  long  sapphire  cylinder  surrounded  by  an  Al  matrix.  This 
is  equivalent  to  the  long  cylinder  composite  model  used  by  Dvorak  and  Rao. 


The  above-mentioned  composite  models,  however,  do  not  give  an  accurate 
description  of  the  plastic  strain  state  in  the  short  composite  cylinder 
model.  A  short  cylinder  model  nearly  duplicates  the  stress-strain 
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distribution  about  whisker  and  platelet  in  S1C-A1  composites. 

The  purpose  of  these  Investigations  was  to  experimentally  determine  t  .e 
bond  strength  between  SiC  and  A1  in  a  commerical  composite  material  using 
the  analysis  of  separation  of  the  inclusion  from  the  matrix  under  the  nega¬ 
tive  pressure,  and  relate  the  bond  strengths  to  the  observed  fracture  sur¬ 
faces.  The  second  and  third  purposes  of  this  investigation  were  to  deter¬ 
mine  experimentally  the  magnitude  of  the  local  plastic  strain  produced  in 
the  A1  matrix  around  a  short  SiC  cylinder  during  a  thermocycle,  to  estimate 
the  extent  of  the  plastic  zone  around  the  cylinder,  and  also  to  determine  if 
a  relationship  could  be  found  between  the  fracture  process  and  bond  strength 
at  the  Al/SiC  interface. 


Experimental  Procedure 

One  volume  (1  VZ)  SiC  particulate  in  a  6061  A1  alloy  matrix  composite 
purchased  from  DWA  was  used  for  the  bond  strength  investigation.  The  low 
volume  percent  of  the  particulate  was  necessary  in  order  to  provide  favor¬ 
able  conditions  for  a  ductile  fracture  and  thus  activate  the  mechanism  of 
void  nucleation  and  growth  type  failure.  At  higher  volume  concentrations, 
the  Al/SiC  composites  exhibits  very  little  ductility.  The  theoretical 
analysis  of  the  inclusion  separation  from  the  matrix  that  was  used  in  this 
investigation  was  based  on  the  assumption  that  there  is  no  interaction 
between  the  particles,  which  is  a  reasonable  statement  for  a  small-volume 
concentration. 


The  composite  material  was  machined  to  a  standard  tensile  test  speci¬ 
men.  In  order  to  Introduce  a  local  triaxial  stress  state,  a  circumferential 
groove  was  electrical  discharge  machined  (EDM)  in  the  center  of  the  specimen 
(Fig.  1). 


A-A 


a  =  2.25mm 


R  =  0.1  mm 


(a) 


(b) 


Figure  l  -  A  schematic  view  of  the  specimen  (a)  and 
enlarged  portion  of  the  groove  (b)  showing  groove 
geometry  and  location  of  the  maximum  triaxial  stresses. 
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Subsequently,  the  specimen  was  annealed  and  quenched,  In  order  to  keep  the 
M^Sl  phase  in  the  solution  and  thus  limit  the  presence  of  particles  other 
than  SIC.  The  specimens  were  tested  in  tension  to  fracture  using  an  Instron 
testing  machine.  The  fracture  halves  were  cut  longitudinally  (parallel  to 
the  tensile  axis)  using  EDM  and  mechanically  polished. 

Polished  surfaces  were  examined  for  voids  between  SIC  particles  and  the 
matrix.  The  fracture  surfaces  were  examined  in  the  scanning  electron  micro¬ 
scope  (SEM). 

The  experimental  determination  of  the  local  plastic  strain  at  the  SIC/ 
AI  interface  in  a  commercially  available  A1/S1C  composite  is  practically  an 
Impossible  task,  due  to  very  small  particle  interspacing  (several  pm).  Thus, 
a  composite  model  consisting  of  a  SiC  cylinder  embedded  into  an  Al  matrix 
was  fabricated  to  attempt  direct  strain  measurements. 

Aluminum  of  99.99%  purity  (to  minimize  the  influence  of  the  alloying 
elements)  and  commercial  carborundum  were  used  to  produce  the  composite 
model. 

Platelets  of  SiC  were  separated  from  carborundum  conglomerates  that  are 
used  in  the  production  of  abrasives.  These  platelets  were  spark  planed  on 
an  EDM  to  approxiamtely  1  mm  thick  plates.  These  flat  plates  were  cut  into 
rectangular  ~  1  mra  x  1  mm  rods.  After  this,  each  rod  was  spark  machined  to 
a  cylindrical  shape  with  ~  1  mm  cross  sectional  diameter. 

Pure  Al  rods,  12.5  mm  in  diameter  in  the  as-received  condition,  were 
cut  into  37  mra  long  studs.  Two  Al  studs  and  one  SiC  rod  were  assembled 
together  and  put  in  a  specially  built  compaction  die,  where  they  were  hot 
pressed  to  produce  one  compact.  Compaction  was  done  on  an  Instron  Testing 
Machine.  During  the  entire  compaction  cycle,  a  vacuum  of  ~  10-  torr  was 
maintained  using  a  mechanical  vacuum  pump. 

The  central  portion  of  the  compacted  sample  was  sliced  in  the  trans¬ 
verse  direction  into  1  mra  thick  disks  using  EDM,  set  at  a  low  power,  and 
each  disk  contained  a  SiC  cylinder  very  close  to  perfect  center  (Fig.  2). 

All  Al/SiC  disks  were  metallographically  and  then  electrolitically  polished 
to  remove  the  thin  cold  worked  surface  layer  of  Al. 

The  method  adopted  for  evaluation  of  plastic  deformation  was  based  on 
the  direct  observation  of  slip  bands  on  the  polished  surface  of  the  sample 
around  the  SiC  particles.  The  amount  of  slip  is  a  characteristic  of  the 
amount  of  plastic  deformation  (when  deformation  occurs  by  slip)  in  a 
crystalline  solid.  Plastic  strain  can  be  evaluated  if  the  number  of  slip 
bands  and  displacement  on  each  band  are  known.  The  concept  of  combined 
platic  shear  strain  y  has  been  introduced,  where  y  is  equivalent  to 

a  product  of  slip  banS^ilnsity  (N)  and  the  amount  of  s?Ep  (S),  i.e., 


where  K  ■  coefficient,  taking  into  consideration  different  crystallographic 
situations  (K  a  3).  A  detailed  treatment  of  y  and  K  is  given  else¬ 
where^  Thus,  the  method  reduces  the  data  S8i?ection  to  the  measurements 

of  slip  band  densities  and  their  heights  in  the  area  of  interest. 

The  electropolished  Al-SiC  disks  were  separated  into  three  groups:  A, 
B,  and  C.  Each  group  was  heated  to  about  823  K  and  then  cooled  as 
indicated: 


I  ( 

I  I 


t  ^ 

(a)  (b)  (c)  (d) 

Figure  2  -  A  schematic  of  the  fabrication  sequence 
of  the  A1/S1C  composite  model. 

Group  A  -  furnace  cooled, 

Group  B  -  air  cooled, 

Group  C  -  quenched  In  alcohol. 

Since  the  surface  of  each  disk  had  a  high  quality  polish,  slip  bands 
could  be  observed  around  SIC  in  an  optical  microscope.  The  slip  band  density 
and  height  measurements  were  obtained  from  a  Zeiss  Interference  Microscope. 
Areas  containing  slip  bands  were  photographed  in  white  light  and  in  green 
monochromatic  light.  Pictures  taken  in  white  light  gave  the  actual  image  of 
the  slip  bands.  Pictures  of  the  same  areas  ;aken  in  monochromatic  light 
gave  interference  fringe  patterns  (Fig.  3).  Thus  the  correlation  between 
slip  bands  and  interference  fringes  was  established  which  enabled  a 
determination  of  the  height  of  a  given  slip  band. 

Experimental  Results  and  Discussion 


Bond  Strength 


The  experimental  technique  adopted  in  this  work  for  the  Al/SiC  inter¬ 
face  bond  strength  estimation  was  based  on  the  determination  of  local 
stresses  during  plastic  deformation  under  a  triaxial  stress  state''  '  •  The 
bond  analysi6^”^  showed  that  the  interfacial  stress  can  be  expressed  as 


° rr  "  °T  +  Y(%)  *  (1) 

where  o  is  the  local  negative  pressure  (triaxial  tensile  stress),  Y(e  )  is 
true  fldw  stress  in  tension  corresponding  to  the  local  average  plastic^ 
strain,  had  the  second  phase  particle  been  absent.  This  analysis  was  based 
on  the  assumption  that:  (1)  particles  have  an  equiaxed  shape,  and  (2) 
volume  fraction  of  the  second  phase  is  small. 
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Figure  3  -  Slip  bands  (a)  and  interference  fringe 
patterns  (b)  of  different  areas  around  SiC. 

The  distribution  of  the  triaxial  tensile  stress  along  the  radial  line 
in  the  plane  of  the  groove  was  obtained  from  the  theory  of  stress  concentra 
tions  on  circumferentially  grooved  elastic  bars  originally  given  by  Neuber 
and  expressed^ 1 J'  as 


[1  -  (^V/2 


at  z  =  0, 


where  o^./o  represents  the  triaxiality.  o  is  the  negative  pressure,  o  is 
the  flow  stress  or  average  ligament  stress,  "z"  is  equal  to  the  vertica? 
distance  along  the  z  axis  and  "r"  is  the  half  width  of  the  groove  (Fig.  1). 

Parameters  c  and  a  are  defined  as  follows: 


1  +  t+(l  +f)1/2 


a,  1/2, 


,  and 


2t2  +  t  +  (  1  +f)  J 
_  (i+!)I/2 

a  ■=  — —m—  •  «> 

(f) 

where  "a"  is  the  radius  of  the  specimen  in  the  plane  of  the  groove  and  "R" 
is  the  groove  radius. 

The  longitudinal  sections  of  the  tested  specimen  are  shown  on  Fig.  U. 
In  general,  the  number  of  voids  associated  with  debonding  of  SiC  particu¬ 
lates  was  much  smaller  than  the  total  number  of  voids  related  to  the  frac¬ 
ture.  Several  examples  of  the  areas  where  debonded  SiC  particulates  can  be 
observed  are  shown  in  Fig.  5.  Debonding  shown  in  Fig.  5  is  a  rather  rare 
event  and  is  not  typical  of  Al/SiCp  fractured  samples. 

According  to  the  Neuber  analysic,  the  largest  negative  pressure  occurs 
at  the  outer  surface  of  the  groove  (see  Fig.  1).  Since,  in  general,  no 
separation  between  the  SIC  particulates  and  Al  matrix  was  observed,  it  is 
reasonable  to  assume  that  for  A1/S1C  bond: 


Figure  4  -  Electron  micrographs  of  the  different  areas 
of  the  longitudinal  cross  sections  of  the  fractured  1  V% 
Al/SiCp  specimens.  (a)  -  taken  in  the  vicinity  of  the 
bottom  of  the  groove.  No  apparent  debonding  is  present 
at  the  position  of  maximum  triaxial  stress.  (b)  -  taken 
below  the  fracture  surface  away  from  the  groove.  (c,d)  - 
taken  far  away  from  the  fracture  and  represent  the  bulk  of 
the  specimen. 


max  ,  . 

o  +  Y(e  )  . 

rr  T  p 

Value  of  Y(e  )  was  obtained  from  stress-strain  curve  as 
P  -  Pf 

Y(e  )  -  — —  -  a  °  flow  stress  ,  (5) 

p  Af  o 

where  Pj  will  equal  the  load  at  failure  which  will  equal  750  kg  and  A^  will 
equal  the  area  across  the  grooved  region.  The  values  of  "c"  and  "a"  we  get 
from  expressions  (3)  and  (4),  respectively.  At  the  bottom  of  the 
circumferential  groove  (z  «  0)  these  values  are  c  “  0.48  and  a  =  0.09. 
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Figure  5  -  Electron  micrographs  of  the  areas  below 
fracture  surface  at  the  bottom  of  the  groove  (a)  and 
away  from  It  (b)  where  debonding  was  observed. 

Substituting  Eqs.  (5)  and  (2)  Into  Eq.  (1)  we  obtain: 

a  =  a  - 1  i  H  +  a  =  1690  MPa  . 

rr  or,  ,  r, 2,  1/2  o 


a 

Thus,  the  lower  bound  value  for  A1/S1C  bond  strength  Is  1690  MPa.  This 
value  is  a  minimum  of  40  times  larger  than  the  yield  strength  of  the  A1 
matrix.  Therefore,  it  can  be  safely  stated  that  the  bond  is  fairly  good. 

Plastic  Zone  Size 

The  experimentally  determined  values  of  combined  plastic  shear  strain 
y  are  plotted  vs.  distance  in  the  form  of  histogram  on  Fig.  6.  On  the 

saSe  figure  we  have  a  plot  of  effective  strain  r,  which  was  determined 
theoretically1-  '.  The  histogram  represents  the  actual  discrete  character 
of  the  measurement  of  y  .  Each  horizontal  portion  of  the  histogram 
corresponds  to  the  ave ra§eSvalue  of  y  obtained  from  the  increment  of  the 

area  of  the  specimen.  cpss 

The  largest  combined  plastic  shear  strain  y  >=  1.3%  was  observed  at 

the  S1C-AI  interface  in  Group  A  samples.  Group  G^f^owed  the  lowest  amount 
of  strain  ■=  0.99%.  In  addition,  the  extent  of  plastic  zone  (i.e.,  the  larg¬ 
est  distance  from  the  interface  at  which  slip  bands  can  still  be  measured) 
was  smaller  in  samples  from  group  C  than  in  samples  from  groups  A  and  B. 

This  result  corresponds  to  the  effect  of  strain  rate  (which  is  proportional 
to  the  cooling  rate)  on  the  relative  amount  of  plastic  and  elastic  strains 
during  deformation.  Generally,  higher  heating  and  cooling  rates  will  cause 
elastic  stresses  to  be  larger  and  lower  heating  and  cooling  rates  will  allow 
greater  plastic  relaxation^"5' . 

The  height  of  the  slip  bands  was  measured  to  ±  0.1  band  interval.  This 
gives  an  error  of  ±  0.1  x  0.27  um  =  i  0.027  um  in  the  height  values.  As  was 
mentioned  before,  the  slip  band  density  measurement  Introduce  much  less 
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Figure  6  -  Theoretical  e  vs.  r  and  experimental 
Y  vs.  r  profiles  around  SiC  in  Al-SiC  composite 

dfitcl  thermocycled  between  298  K  and  823  K. 


Jhgjj^fore,  the  error  range  for  y  determination  can  be  evaluated  as 

q~~;  ^ 5  x  100  “  20Z  where  0.135  yoC?l  taken  as  an  average  slip  band  height. 
This  is  obviously  a  big  range  for  an  error. 

The  resultant  profile  of  the  effective  plastic  strain  c  around  the  SiC 
particle  and  the  extent  of  the  plastic  zone  are  shown  in  Fig.  6.  As  one  can 
see  pa  1.15  mm,  and  e  “  2.5Z  at  the  interface.  The  theoretical  plastic 
strain  is  higher  than  the  observed  plastic  strain,  and  the  theoretical 
plastic  zone  radius  is  smaller  than  the  observed  one.  The  theoretical 
plastic  zone  size  is  estimated  on  the  assumption  that  deformation  is 
homogeneous,  i.e.,  uniform  around  the  SiC  particle.  In  the  real  case  we 
have  "bursts"  of  plastic  flow  in  accordance  with  a  particular  crystallo¬ 
graphic  situation.  Thus,  the  extent  of  the  "burst"  of  plastic  deformation 
can  be  larger  than  that  of  homogeneous  deformation  since  the  same  amount  of 
plastic  flow  must  be  accomodated.  The  explanation  of  the  difference  between 
observed  and  calculated  strains  can  be  given  as  follows.  On  heating,  due  to 
differential  expansion  between  A1  and  SIC,  the  matrix  tends  to  pull  away 
from  SIC.  If  the  bonding  between  A1  and  SiC  is  sufficient  to  resist  the 
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pulling  action,  the  matrix  undergoes  deformation  proportional  to  AT  of  the 
cycle.  If,  on  the  other  hand,  bonding  Is  weak,  the  matrix  breaks  away  from 
SIC  at  a  certain  temperature  Tg  and  subsequent  temperature  Increase  has  no 
effect  on  matrix  deformation  since  It  is  now  free  to  expand. 

Hot  stage  observations  showed  that  slip  band  formation  started  under 
373  K.  Accurate  evaluation  of  the  temperature  at  which  slip  became  visible 
was  not  possible  because  thermocouple  In  the  hot  stage  was  not  sensitive 
enough  in  the  temperature  range  between  298  K  and  373  K.  It  was  noticed 
that  more  slip  bands  were  formed  on  the  heating  half  of  the  thermocycle  than 
on  the  cooling  half.  The  slip  band  arrangement  on  the  cooling  half  repeated 
the  one  developed  during  the  heating  half.  When  the  temperature  approached 
~  773  K,  slip  bands  began  to  disappear. 

Another  possible  explanation  of  the  stoppage  of  slip  band  development 
is  that  the  A1  matrix  breaks  away  from  SiC  and  continues  to  expand  freely 
without  any  restraint  from  SiC.  It  is  also  possible  that  very  fine  slip 
bands  still  continued  to  form  (high  temperature  creep,  for  example),  but  we 
did  not  see  this  due  to  the  limitation  in  resolution  of  our  optical  system. 
It  should  be  mentioned,  however,  that  disappearance  of  the  slip  bands  corre¬ 
sponds  to  similar  observations  made  by  Vogelsang,  Arsenault  and  Fisher^  '  in 
their  in  situ  TEM  investigation  of  Al-SiC  composites.  They  observed  "slip 
lines"  in  thermal-cycled  TEM  foils,  and  these  slip  lines  disappeared  at  high 
temperatures. 

The  fact  that  slip  band  patterns  formed  on  cooling  repeat  themselves 
shows  that  the  same  slip  systems  are  engaged  in  the  "reversed"  deformation, 
proving  at  least  partially  that  there  is  a  certain  reversibility  of  the 
plastic  deformation  that  occurs  when  the  load  is  reversed. 


F  ractography 

The  observations  from  the  fracture  surface  can  be  divided  into  four 
groups  (almost  independent  of  test  method,  SiC  morphology  and  volume  frac¬ 
tion  of  SiC):  1)  There  appears  to  be  initiation  sites,  2)  macroscopically 
very  brittle  but  microscopically  ductile,  i.e.,  dimple  formation,  3)  no 
indication  of  fracture  of  SiC;  if  the  SiC  particles  are  <  10  pm  in  diameter 
4)  some  secondary  cracking. 


The  observations  of  fracture  initiation  sites  come  from  three  modes; 
one  is  fracture  of  large  interraetalllc  inclusions  "fish  eyes";  second, 
clumps  of  SiC  whiskers  or  particulate  and  third,  void  initiation  at  the  SiC 
whiskers  or  particulate. 

Low  magnification  observations  of  the  fracture  surface  shows  a  single 

stage  appearance.  The  deep  pits  of  approximately  40  to  100  pm  in  diameter 

can  be  seen  throughout  the  fracture  surface  (Fig.  7).  Each  large  pit 

contains  an  inclusion  that  has  a  flat  surface  (this  indicates  a  brittle 
character  of  these  inclusions).  X-ray  analysis  revealed  a  high 
concentration  of  Fe  and  Cr  in  these  inclusions.  Subsequently,  these 
inclusions  had  been  termed  as  "fish  eyes"  (Fig.  8)  due  to  their  shape,  and 
it  is  believed  that  they  are  insoluable  intermetallics  (Fe,  Cr)j  SiA^. 

This  compound  is  encountered  in  6061  A1  cast  and  wrought  structures. 
Metallographic  examinations  of  the  longitudinal  cross-sections  of  the 
fractured  halves  of  the  tensile  samples  reveal  a  large  number  of  the  "fish 
eyes"  cracked  in  the  direction  perpendicular  ot  the  tensile  axis,  as  shown 
on  Fig.  8.  It  is  possible  that  these  cracks  can  act  as  the  originators  of 
the  fracture. 
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Figure  7  -  Fracture  surface  of  DWA  6061  Al/20  VI  SiCp 
in  T6  condition. 

in  a  whisker  reinforced  composite  material,  a  cluster  of  whiskers  can 
be  observed  (Fig.  9).  These  clusters  have  the  appearance  of  large  voids 
(~  20  pm)  containing  clusters  of  fibers  that  have  not  been  wetted  by  matrix 
during  the  manufacturing  process. 

The  macro  appearance  is  that  of  a  very  brittle  fracture,  i.e.  ,  there  is 
very  little  reduction  in  area  on  fracture.  However,  at  high  magnification 
one  can  see  that  the  fracture  surface  consists  of  very  fine  dimples,  where 
dimple  size  is  comparable  to  the  size  of  the  SiC  particulates  (3  to  5  pm). 
SIC  particulates  can  be  seen  inside  some  of  the  dimples  as  shown  on  Fig.  10. 

In  general,  SiC  whiskers  or  particulates  are  not  readily  seen  on  the 
fracture  surface  which  indicates  the  presence  of  the  strong  bonding  between 
SiC  and  A1  matrix  and  also  shows  that  fracture  of  SiC  does  not  take  place 
during  the  fracture  of  Al/SiC  composite. 

At  this  point  an  apparent  discrepancy  between  the  difficulty  of 
observing  SiC  particulates  on  the  fracture  surface  on  one  hand  and  a 
requirement  that  each  dimple  must  have  a  nucleation  site  (partiles, 
Inclusions,  imperfections,  etc.'  _>n  the  other  hand  will  be  addressed.  At 
the  bottom  of  the  dimples  in  low  volume  fraction  composite,  one  can  notice 
very  fine  (fraction  of  the  micron)  openings  as  shown  on  Fig.  11. 

Observation  of  the  dimples  at  high  magnification  shows  that  these  openings 
can  be  traced  to  the  SiC  particulates  which  can  be  seen  on  Fig.  12.  Etching 
of  the  fracture  surface  and  more  delicate  ton  sputtering  of  the  specimens  in 
the  chamber  of  the  Auger  microscope  indeed  reinforces  this  observation  (see 
Fig.  13). 
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Figure  8  -  (Fe,  Cr)^  SiAJ^  intermetallics  ("fish 
eyes")  on  fracture  surface  (a)  and  on  metallographically 
polished  cross  section  of  the  tensile  samples  (b,c,d). 
Fracture  "fish  eye"  (d)  exposed  on  the  fracture  can  be 
seen  on  micrograph  (d).  Material  is  DWA  6061  Al/SiCp  - 
5  VZ  and  20  VZ  SiC. 


Voids  nucleated  in  the  very  small  region  of  the  Al/SiC  interface  grow 
into  the  matrix  surrounding  the  particulate  as  far  as  interparticle  spacing 
allows  them  to  do  so.  Thus,  in  low  volume  fraction  composite  these  voids 
grow  to  the  size  somewhere  in  the  order  of  one  half  of  the  interparticle 
spacing  as  shown  on  Fig.  14. 

On  the  other  hand,  in  high  volume  percent  composite  material,  packing  of 
the  particles  is  very  tight  and,  therefore,  voids  do  not  have  room  to  grow 
limiting  themselves  to  the  size  of  the  particles  on  which  they  initiated 
(see  Fig.  15). 


Figure  11  -  Dimpled  appearance  of  the  fracture  surface 
with  fine  openings  in  the  bottom  of  the  dimples  at  low 
(a)  and  high  (b)  magnfication  (1  V%  6061  Al/SiCp). 

To  further  determine  if  fracture  of  the  SIC  whiskers  ox  platelets  was 
occurring,  several  samples  were  fractured  in  the  scanning  Auger  microprobe 
The  SiC  whiskers  which  could  be  found  as  "pulled  out"  whiskers  or  at  the 
bottom  of  dimples  were  examined,  and  in  most  cases  Si  or  C  could  not  be 
detected  on  the  whisker.  Detection  of  Si  and  C  was  possible  only  after 
considerable  sputtering. 

Some  fine  cracks  can  be  observed  on  the  fracture  surfaces  of  many 
tensile  and/or  compact  tension  specimens.  These  cracks  are  oriented 
perpendicular  to  the  fracture  surface  and  subsequently  received  the  name 
"secondary"  cracks.  Several  of  them  are  shown  on  Fig.  16. 


Figure  12  -  High  magnif ication  of  dimpled  fracture 
surface  reveals  SiC  particles. 


Figure  13  -  Chemically  etched  fracture  surfaces  of 
1  V%  6061  Al/SiCp  composite. 


Figure  1 A  -  High  magnification  of  the  fracture  surface 
of  1  V7,  6061  Al/SiCp  showing  the  extent  of  dimple  growth 
in  the  course  of  fracture. 
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Figure  16  -  Secondary  cracks  on  the  fracture  surface 
of  compact  tension  test  sample  of  DWA  6061  Al/SiCp  - 
25  VZ  composite  material  in  T6  condition.  Both  low 
(a)  and  high  (b)  magnifications  are  shown. 

Conclusions 

Providing  that  the  above-mentioned  assumptions  concerning  the  Neuber 
analysis  ace  reasonable  (and  there  i6  no  reason  to  question  the  assumptions) 
it  can  be  concluded  that  the  6061  Al/SiCp  bond  strength  is  at  least  1690 
MPa.  (This  is  40  times  higher  than  the  yield  stress  of  the  annealed  6061  A1 
alloy.)  It  is  thought  that  debonding  can  be  attributed  to  the  defects  dur¬ 
ing  fabrication  of  the  composite  material.  Ductile  fracture  of  low-volume 
percent  6061/SiCp  occurs  by  void  nucleatlon  at  SiC  particulates  and  also  at 
the  matrix  imperfections  (preexisting  voids,  inclusions,  MgS^,  etc.). 

From  the  experimental  data  obtained  concerning  the  plastic  zone  size 
and  the  theoretical  model  of  plastic  zone,  it  is  possible  to  conclude  the 
following:  First,  the  theoretical  treatment  of  the  short  composite  cylinder 
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gave  the  distribution  and  e>tent  of  the  plastic  strains,  which  are  In  fair 
agreement  with  experimental  results.  There  Is,  however,  a  disagreement 
between  experimental  and  theoretical  values  of  plastic  strains  Immediately 
at  the  Al/SiC  interface.  Secondly,  an  Al/SiC  bond  is  a  very  Important 
factor  influencing  the  plastic  deformation  around  SIC  particles. 

The  f ractographic  data  when  examined  on  a  microscopic  level  gives  an 
Impression  of  void  nucleatlon  and  growth  on  the  fracture  mechanisms,  but  the 
observations  of  voids  about  SiC  is  a  rare  event  due  to  high  Al/SiC 
interfacial  bond  strength. 

Void  nucleatlon  and  growth  is  identified  as  the  mechanism  governing  the 
fracture  process  and  nucleatlon  part  is  significantly  supplemented  by  pre¬ 
existing  voids  due  to  manufacturing  defects.  Growth  of  the  voids  is 
dependent  on  the  concent  ration  of  the  SiC  particulates  or  whiskers 
diminishing  almost  completely  when  concentration  reaches  high  (20  VX  and 
higher)  values. 
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